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Carbon System 


W. A. Krivsky and R. Schuhmann, Jr. 


A general method is presented for the derivation 
of ternary phase diagrams under various conditions 
of temperature and pressure from existing thermo- 
dynamic data. This method has been found very 
useful for the analysis of complex commercial re- 
duction veactions giving an understanding of the 
process not readily available by other means. The 
method assures the proper use of thermodynamic 
data and prevents misunderstandings resulting 
from misapplication. For purposes of illustration, 
the system Si-O-C was chosen over the tempera- 
ture vange of interest to the process metallurgist 
and at pressures ranging from 0.01 to 5 atm. 


To the metallurgist concerned directly with com- 
mercial metallurgical reduction processes, the in- 
creasing number of excellent thermodynamic studies 
that have become available in recent years are inval- 
uable aids to his general understanding of the limita- 
tions and true efficiencies of any particular process. 
Although such thermodynamic data are usually incom- 
plete for a complex practical process, a great deal 
may be gained toward an increased understanding of 
the problem from the proper organization of the 
available data. Such an organization presents the 
data in proper perspective for correct application, 
outlines areas where further study is needed, and 
provides some basis for qualitative extrapolation 
into regions of interest which have not been investi- 
gated. The most useful form into which such data 
may be placed is a phase diagram which not only re- 
lates the equilibrium condensed phases as a function 
of overall composition, temperature, and pressure; 
but also defines the coexisting gaseous phase. Prac- 
tical processes generally deal with so many compo- 
nents that such representation is difficult; however, 
in many cases, ternary or pseudoternary diagrams 
may be utilized to yield approximate representations 
of the more complex systems. 

The present paper is an account of the results of 
such a treatment of available thermodynamic data on 
the Si-O-C system. 
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Derivation of Phase Diagram for the Silicon-Oxygen- 


EQUILIBRIUM CONDENSED PHASES 


Careful application of the Phase Rule to a multi- 
component system provides the means by which ther- 
modynamic data may be utilized to yield the phase 
diagram of the system under study. It is also neces- 
sary to know the nature of the condensed phases that 
can exist within the system. In the Si-O-C system 
at the elevated temperatures of interest to the proc- 
ess metallurgist, it is well known that carbon may 
exist as graphite, silicon as a liquid or solid, silica 
as a liquid or in various crystalline modifications as 
a solid, and silicon carbide in various solid forms. 
The thermodynamic properties of the various allo- 
tropic forms of both silica and silicon carbide are 
not too different and need not be of great concern to 
us for the present purpose. In the ensuing discussion, 
when the terms silica, silicon carbide, and silicon 
are used, the equilibrium form under the particular 
conditions existing is inferred. 

The possibility of the presence of silicon monoxide 
as a stable high-temperature condensed phase ex- 
ists;!»? and since this is of importance to the result- 
ing phase diagram of the ternary system, it is nec- 
essary to decide on the basis of the evidence pres- 
ently available whether such a phase does occur. The 
apparently most reliable measurements of the sili- 
con monoxide pressure above silicon and silica have 
been carried out by Schafer and Hdrnle® using the 
orifice effusion technique, and by Tombs and Welch‘ 
using an inert carrier gas method. Their results 
are presented in Fig. 1 and literal interpretation 
would indicate a phase change within the system at a 
temperature of approximately 1300°C. However, the 
two investigations agree within 20 pct assuming no 
new solid-phase formation; and although this does not 
represent as good agreement as might be desired, the 
inherent experimental difficulties encountered in this 
system and the use of two different experimental tech- 
niques over a rather wide range of temperature does 
not permit acceptance of the data in itself as proof 
of the existence of silicon monoxide as a high-tem- 
perature equilibrium condensed phase. Brewer and 
Edwards! have presented some evidence for a solid 
phase reaction taking place between silicon and sili- 
ca at a temperature of approximately 1175°C, but no 
special precautions were taken to prevent oxidation 
of silicon. Hoch and Johnston? believed that they had 
demonstrated the existence of silicon monoxide as a 
stable high-temperature solid by means of X-ray dif- 
fraction studies at temperature. Forgeng® and Geller 
and Thurmond,® however, have shown that the diffrac- 
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Fig. 1—Temperature dependence of silicon monoxide 

pressure above silicon and silica or solid silicon mo- 

noxide. 


tion pattern thought by the original authors to repre- 
sent silicon monoxide is in reality that of a mixture 
of cristobalite and silicon carbide. Table I (after 
Geller and Thurmond) presents this interpretation of 
the original data. 

On the basis of the evidence presented to date, it is 
concluded that the existence of solid silicon monoxide 
as an equilibrium phase has not been demonstrated 
and, therefore, it was not considered in the present 
treatment of the Si-O-C system. Should such evi- 
dence be presented subsequently, the present dia- 
grams may be readily modified. 


DERIVATION METHOD 


The discussion of the previous section is of con- 
cern only in that the first step in the derivation of 
the ternary phase diagram requires a knowledge of 
the stable condensed phases that may exist within the 
system. In the Si-O-C system there are four such 
phases; silicon, carbon, silica, and silicon carbide. 
The Phase Rule states that the number of degrees of 
freedom of a system at equilibrium is equal to the 
difference between the number of components and 
the number of phases plus two. 


fz=zc-p+2 [1] 


Application of the Phase Rule to a ternary system 
yields the relationship 


f=5-p 
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Table |. Comparison of X-Ray Diffraction Data of Hoch and Johnston 
with the Data on 8 Cristobalite and Silicon Carbide 


Data of Hoch 


and Johnston B Cristobalite B Silicon Carbide 
d I/I, d I/I, d I/I, 

4.13 4.125 100 

253 =S 2.523 26 2.515 69 

2.18 W 2.177 17 

205: © 2.059 9 

167 VW 

1.54 M 1.542 46 

1.32 M 1.315 32 

0.99 VW 1,000 16 

0.98 VW 0.9753 8 

0.89 W 0.8899 24 

0.84 W 0.8394 24 


from which may be determined that, if three phases 
are present, there remain only two degrees of free- 
dom in the system. This is another way of saying 
that the system then can be completely described by 
two coordinates on a piece of paper. For the present 
purpose, it is convenient to choose as the two para- 
meters the composition of the gas phase and the tem- 
perature. In the Si-O-C system there are three 
thermodynamically important constituents of the gas 
phase; namely, carbon monoxide, silicon monoxide, 
and carbon dioxide. Because of this, it is not possible 
to define the gas phase completely with a single para- 
meter; and, as will be seen subsequently, this will re- 
quire that two plots be used to define completely the 
system. In the present system, it was decided to 
choose as the defining parameters of the gas phase 
the ratios of silicon monoxide to carbon monoxide 
and of carbon dioxide to carbon monoxide. 

Balanced chemical equations are then written in- 
volving two condensed phases with each of the two gas- 
phase parameters. Since there are four different con- 
densed phases within the system, it is known that six 
equations will be necessary to cover all possible 
combinations of two condensed phases with each gas- 
phase parameter. A total of twelve equations is in- 
volved, therefore, and these are listed below: 


Series I —Reactions Involving SiO and CO 
1/2 SiO, (s,l) + 1/2 Si(s,l) + SiO(g) 

SiO, (s,l) + C(s) SiO(g) + CO(g) 

2 SiO, (s,l) + SiC(s) 3SiO(g) + CO(g) 

2 Si(s,2) + CO(g) SiC(s) + SiO(g) 

SiC(s) + CO(g) — 2C(s) + SiO(g) 

Si(s,l) + CO(g) — C(s) + SiO(g) 

Series II —Reactions Involving CO2 and CO 


SiO, (s,2) + 3CO(g) — C(s) + SiO(g) + 
2 CO, 


SiC(s) + 3CO(g) — 3C(s) + CO,(g) + 
SiO(g) 


Si(s,l) + 3CO(g) — 2C(s) + CO,(g) + 
SiO(g) 


[3] 
[4] 
[5] 
[6] 
[7] 
[8] 


[9] 
[10] 


[11] 
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Fig. 2—Temperature dependence of the ratio SiO/CO for 
univariant equilibria in the system Si-C-O P, = 1.00 atm. 


SiO, (s,l) + 4CO(g) SiC(s) +3CO,(g) [12] 
1/2Si0, (s,1) + CO(g) 1/2Si(s,2) + 

CO, (g) [13] 
Si(s,l) + 2CO(g) > SiC(s) + CO,(g) [14] 


Equilibrium constants for the above reactions are 
‘given below: 


Kz = Ky = (Pain) (Peo,)?/(Peo)® 
Ky = (Psp) (Peo) Kio = (Ps10) (Peon) /(Peo)* 
Ks = (Peo) Kur = (Pao) (Peo,)/ (Peo)? 
Kg = Kiz = (Peo,)°/(Pco)* 

K, = (Pyo)/(Pco) = (Pco,)/(Peo) 


Kg = ) /(Peo) Ki4= (Pco,)/(Peo)? 


The parameters Pyg/Pceo and Peo, /Peo are then cal- 
culated as a function of temperature from existing 
free-energy data on the particular reactions involved. 
After the partial pressure of silicon monoxide is 
calculated for Eqs. [3-8], it is then possible to use 
this value in the appropriate Eqs. [ 9-14] to permit 
calculation of the Peo, /Peo parameter. Calculation 
of the partial pressure of SiO was done on the as- 
sumption that the pressure of CO, was negligible 
stoichiometrically and that, therefore, Py, + Peo = 
1 atm. As will be subsequently seen, this is a valid 
assumption. Calculation of the Poo, /Peo for Eqs. 
[9-14] can then be done by allowance for the Py, 
calculated from the appropriate reaction in the se- 
ries of Eqs.[3-8]. For example, in calculating the 
Pco, /Peo for the reaction 


Si(s, 2) + 2CO(g) — SiC(s) + CO, (g) 
Kis = Poo, /(Peo) 


it is necessary to subtract from the total pressure 
the Ps, obtained from reaction [6] 


2Si(s, 2) + CO(g) — SiC(s) + SiO(g) 
Kg = Pxo/Pco 
which yields the partial pressure of silicon monoxide 


[14] 


[6] 
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in equilibrium with the same two condensed phases 
for which the Peo, /Peo is required. The necessity 
for doing this arises because the ratio Poo, /Peo for 
Eq.[ 14] is dependent on the sum of the pressures of 
carbon dioxide and carbon monoxide. In cases such 
as Eq.[13] where this ratio is independent of pres- 
sure, it is unnecessary to allow for this silicon- 
monoxide pressure. Under conditions where the 
Psp is very small it can, of course, be safely neg- 
lected even in calculating the Pog, /Peo for pressure- 
dependent reactions such as Eq. [14]. 

A calculation simplification is possible in the reac- 
tions of Series II where carbon is present as a con- 
densed phase, Eqs. [ 9-11]. For allthese reactions, the 
equilibrium CO,/CO ratio may be calculated from 
the reaction 


2CO(g) — C(s) + CO,(g) 
= (Peo,)/ (Peo)? 


over the entire temperature range. It is necessary 
only to subtract from the total pressure the pressure 
of silicon monoxide obtained from the appropriate 
reaction in Series I. The two simultaneous equations 
for solution then become 


= Pco,/(Peo)” 
Pco, + Peo = Prota 


[15] 


[16] 
[17] 


Over a part of the temperature range, the pressure 
of silicon monoxide is negligible and Eq. [17] sim- 
plifies further to 


[18] 


Fig 2 is the result of calculation of the reactions 
in Series I. The direct result of these calculations 
is the entire series of lines both broken and solid 
each of which represents the equilibrium ratio of 
silicon monoxide to carbon monoxide for the coexis- 
tence of two condensed phases. It is now necessary 
to eliminate from the drawing the obviously metas- 
table regions. This has been done in Fig. 2 and the 
stable equilibria are indicated by the heavy, solid 
lines. The reasoning involved in accémplishing this 
is as follows. At the low temperature end of the 
diagram (high values of 10*/7), there are several 
lines sloping upward to the right depicting the equili- 
brium ratio of silicon monoxide to carbon monoxide 
with SiO,-C, SiO,-Si, and SiO,-SiC, respectively, as 
the two condensed phases. Consider what would hap- 
pen if temporarily a gas mixture were produced with 
a higher Ps5/Peo than that corresponding to equili- 
brium with silica and carbon (the lowest line of the 
three on the diagram). This line corresponds to the 
following reaction: 


SiO,(s, 1) + C(s) - SiO(g) + CO(g) 

K, = (P sso) (P, co) 

It is noted from Fig. 2 that the ratio of Pyg to Peo is 
quite small ranging from 107® to about 107? in this 


range of temperature. Having a very small amount 
of silicon monoxide in essentially pure carbon mon- 
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Fig. 3—Temperature dependence of the CO,/CO ratio for 
univariant equilibria in the system Si-O-C P, = 1.0 atm. 


58 54 


oxide means that K, above is far more sensitive to 
minor variations in silicon monoxide pressure than 

it is to equivalent variations in carbon monoxide. In- 
creasing the Py,/Poo, therefore, means a large, tem- 
porary increase in the product (P.,)(Peq) or K, above. 
If this value is greater than the equilibrium ratio 
given by the line SiO,-C, then this gas is unstable and 
will decompose by reversal of Eq.[4] to deposit SiO, 
and C until the equilibrium ratio of silicon monoxide 
to carbon monoxide is reestablished. Consequently, 
any line above the stable line of SiO,-C represents 

a metastable condition and is not involved in the 
equilibrium system. 

The stable line SiO,-C extends upward to the right 
until it intersects the lines SiC-C and SiC-SiO, at a 
value of the /Peo equal to approximately 10-7. In 
order to determine the stable field boundaries in this 
area, it is necessary to consider the three reactions 
involved: 


SiO,(s, 1) + C(s) > SiO(g) + CO(g) 
K, = (Psio) (Peo) 


[4] 


c 


4Si02+ 3C 
*Si02+2C 
®Si02 +2SiC 


sio 
Fig. 5—1900°K— 1 atm. 
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4 Si02+3C 
x Si0g + 2C 
Si0,+2SiC 


SiC+C+Si02 


C+Si02 


Fig. 4—1700°K — 1 atm. 


2Si0,(s, 2) + SiC(s) 3SiO(g) + CO(g) 
Ks = (Psp *) (Poo) 
SiC(s) + CO(g) C(s) + SiO(g) 
K, = (Psio)/ (Peo) 


The line SiC-C corresponding to Eq.[7] above states 
that SiC can only exist at Py5/Pco greater than given 
by that line whereas C can only exist at values below 
that line. This line then is a boundary between the 
regions of SiC and C stability. At this intersection, 
the line corresponding to equilibrium with SiC and 
SiO, is lower on the graph than that corresponding 
to SiO,-C or SiO,-Si. Inspection of Eqs.[ 4] and [5] 
and the application of similar reasoning as that used 
for the SiO,-C at lower temperatures leads to the 
conclusion that the SiO,-SiC line represents a stable 
field boundary. The SiC-C and the SiO,-SiC lines 
then form two boundaries of the SiC field. Moving to 


[7] 


c 


4 Si02 +3C 
x SiO0g +2C 
SiO, +2SiC 


sio 
Fig. 6—2500°K— 1 atm. 
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Fig. 7—1700°K — 0.01 atm. 


higher temperatures and Py,/Pco ratios another in- 
tersection is encountered, this time that of the SiO,- 
SiC, SiO,-Si, and SiC-Si lines. Consideration of the 
following equations 


[3] 


1/2SiO,(s, 1) + 1/2Si(s, 1) SiO(g) 
Ks = Pao 
2Si(s, 1) + CO(g) — SiC(s) + SiO(g) 
Ky = 


[6] 


2Si0,(s, + SiC(s) 3SiO(g) + CO(g) [5] 


Ks = (Peo) 


and reasoning similar to that applied at the previous 
intersections permits location of the boundaries be- 
tween the stable-phase fields for SiC and Si. The line 
corresponding to the reaction 


Si(s, 2) + CO(g) — C(s) + SiO(g) 
Kg = Pp/Peo 


passes through the center of the SiC field. According 
to the reaction, silicon may exist at Py, /Poo ratios 
greater than this line, and C may exist at Py,/Poo 
ratios smaller than these values. However, the Si- 
SiC line and Eq.{6] above state that Si cannot exist 

at lower values of the Py, /Pco given by that line. 
Similarly,.the SiC-C line and Eq.{7] state that C can- 
not exist at Py,/Pco ratios greater than that line and, 
therefore, the Si-C line is metastable in this region 
and becomes a boundary between stable phases only 
to the right of the intersection of the Si-C, SiC-C, and 
SiC-Si lines. The regions of stability of various con- 
densed phases have now been outlined as a function of 
temperature and ratio of silicon monoxide to carbon 
monoxide. 

It is to be noted, however, that a choice of phases 
exists in each of the regions delineated, i.e., Si or 
SiO,, SiC or SiO,, and C or SiO,. This is a conse- 
quence of the fact that specification of the total pres- 
sure and the ratio of silicon monoxide to carbon mon- 


[8] 
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4 Si02+3C 
 Si02+2C 


C+SiC+GAS 


Fig. 8—1900°K — 0.01 atm. 


oxide does not completely define the gas phase and 
thereby exhausts the degrees of freedom of the sys- 
tem. It remains to prepare another plot, Fig. 3, in 
which the carbon dioxide-carbon monoxide ratio is 
shown as a function of temperature. This involves 
calculation of the six equations in Series II which re- 
late the equilibrium Pco, /Peo ratios for all combin- 
ations of two condensed phases that may occur in the 
system. The method is exactly the same as in the 
case of Fig. 2 and the detailed reasoning need not be 
pursued again at this point. The system Si-O-C has 
now been completely defined in terms of temperature 
and the ratios of silicon monoxide and carbon dioxide, 
respectively, to carbon monoxide. For instance, if 

it is desired to know the nature of the stable phase 
in the system at 1923°K and a ratio of silicon mon- 
oxide to carbon monoxide of 0.10 at 1 atm total pres- 
sure, Fig. 2 indicates that this would be SiC or SiO,. 
Reference to Fig. 3 then indicates that SiO, would be 
the stable phase if the log Poo, /Peo was greater than 
-3.94, whereas SiC would be the stable phase if the 
latter ratio were smaller than this value. 

From Figs. 2 and 3, it is possible to construct iso- 
thermal sections of the ternary system Si-O-C. 
These are presented on an atom pct basis as Figs. 
4-6. They are derived from Figs. 2 and 3 and appli- 
cation of the Phase Rule to the necessary sequential 
order of phases in an isothermal section. 

In locating specific compositions on the diagram, it 
is necessary to calculate the composition in terms of 
atom pct silicon, oxygen, and carbon. Care must be 
taken if the Lever Principle is applied in order to 
locate specific compositions. For example, a 50 mole 
pct mixture of silica and silicon carbide does not 
correspond to the midpoint of a line joining silica 
and silicon carbide. This is a consequence of the 
fact that the two compounds have a different number 
of atoms per molecule; only in the special case 
where the compounts or elements at the ends of a 
join contain the same number of atoms can the Lever 
Principle be directly applied to determine composi- 
tion. This is true along the SiO-CO join and is con- 
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venient in reading equilibrium gas compositions di- 
rectly from the graphs. 

The present method may be utilized to determine 
the equilibrium-phase diagram for the system when 
the total pressure is something other than one atm. 
Recalculation of Eqs. [3-12] for the conditions of 0.01 
and 5.0 atm was carried out, and the results are pre- 
sented as Figs. 7 to 9, and 10 and 11, respectively. 

The diagrams presented are quantitative and are 
directly related to the thermodynamic data utilized 
for their derivation over the temperature range in 
which these data are known. Above this temperature 
range (2000° K except for carbon), they represent an 
extrapolation of the existing data. However, the dia- 
grams do not indicate the extent of solubility of one 
phase in another which can only be established by 
direct experimentation. 


DISCUSSION 


The present calculation method of deriving ter- 
nary phase diagrams has been found extremely use- 
ful for summarizing and organizing existing thermo- 
dynamic data relative to the understanding and study 
of complex metallurgical reduction processes. Fur- 
ther, data so presented prevent considerations that 
are contrary to the Phase Rule. For example, the 
consideration of the free energy -temperature rela- 
tionship for such reactions as 


SiO. + 2C — Si +2CO [1] 
SiO. + 3C — SiC + 2CO [2] 


at constant pressure is completely misleading, for 
under these conditions the four phases can only co- 
exist at one particular temperature. While this is 
quite obvious in the present case, numerous examples 
exist of similar misapplications of thermodynamic 
data. On the study of complex commercial processes 
such violations are generally not so evident and the 
use of data in the suggested form is most helpful. 
General phase diagrams of this type are also most 

useful in surveying and evaluating the influence of 
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Fig. 10—1900°K— 5 atm. 
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very broad changes in conditions on a system. As an 
example, the influence of pressure on the Si-O-C 
system was considered. Many other similar effects 
may be evaluated without additional experimental 
effort. If the effect of other elements on the activi- 
ties of the basic three components is known, it is pos- 
sible in certain cases to construct new diagrams for 
the pseudoternary system as influenced by these ad- 
ditional elements. 

A great deal of rather laborious calculation is in- 
volved in the present method. In order for it to be 
generally useful for the rapid, yet thorough, evalua- 
tion of proposed process changes or developments, 
it is essential that such calculations be carried out 
rapidly and accurately. The development of elec- 
tronic computing equipment in recent years has pre- 
sented the means by which this may be done; some 
of the present calculations and many others of a simi- 
lar nature were carried out in this way. It is antici- 
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pated that the increased utilization of this equipment 


use of basic physiochemical data for the understand- 
ing of commercial metallurgical processes. 
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The systems Ti-Cr and Ti-V have been reinvesti- 
gated in the region up to 40 wt pct alloying addition 
using both conventional and vapid quenching tech- 
niques. The Ti-Cr eutectoid temperature was deter- 
mined to be at 667° + 10°C and 14.5 wt pct Cr. The 
solubility of the Cr in a@ Ti was found to be less than 
1 pct at 700°C. The B transus of the Ti-V system 
was found to be depressed to 510°C at 40 wt pct V 
and the solubility of Vin a Ti was found to be less 
than 2 wt pct at 700°C. 


INVESTIGATION by A. D. McQuillan*“3and M. K. 
McQuillan‘ on the systems Ti-Co, Ti-Cr, Ti-Cu, Ti- 
Fe, Ti-Mn, Ti-Ni, and Ti-V has cast doubt as to the 
position of the B/a + 8 boundaries in many of these 
systems. Their investigations were carried out us- 
ing hydrogen pressure and/or rapid quenching expe- 
riments, as opposed to the conventional quartz cap- 
sule techniques employed by most other investiga- 
tors.5~!! By these methods, the B/a + 6 boundary 
was found to be lower than that obtained by conven- 
tional techniques in all except the Ti-Fe system. In 
the latter, the B/a + 8 boundary was essentially the 
same as the boundary obtained by conventional tech- 
niques.®»!° On the basis of rapid quenching results 
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in such an application as this will increase the proper 
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in the Ti-Cr system, M. K. McQuillan‘ placed the 
eutectoid temperature below 550°C whereas other 
investigations using conventional techniques had 
placed the eutectoid variously as between 650° and 
700° between 675° and 700°C,*® between 650° and 
675°C,” at 670°C,® and above 625°C.14»!8 

In order to check these results, a reinvestigation 
of four of the systems was undertaken using both 
conventional and rapid-quenching techniques. The 
Ti-Fe and Ti-Mn systems will be dealt with in anoth- 
er paper, with only the Ti-Cr and Ti-V systems 
being discussed here. 


EXPERIMENTAL TECHNIQUES 


Alloys employed for the delineation of the systems 
under investigation were prepared from iodide tita- 
nium sheet capsules containing the alloying materials, 


Table |. Purity of Materials Used 


Ti (Bur. Mines) 


Element Ti (lodide)* BHN 73> tre v3 
Purity Pct 99.99 99.9 99.7 
Al 0.04 T 
B T 
c 0.0001 0.002 0.01 0.07 

Cl 0.03 

Cr 0.005 T 
Cu 0.001 0.006 T 
Fe 0.02 0.01 

H 0.007 0.002 
Mg 0.002 
Mn 0.001 0.05 
N 0-0.002 0.005 0.02 0.08 
Na 0.016 

fe) 0-0.002 0.031 0.013 0.08 
Ss 0.03 

Si 0.005 0.005 0.01 T 
7 0.005 


*Furnished by Watertown Arsenal. 

>Furnished by U.S. Bureau of Mines. 
“Obtained from Fulmer Research Institute Ltd. 
4Obtained from A. D. Mackay, Inc. 

T —Spectrographic trace. 
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Table Il. Heat Treatment Times and Temperatures 


Time, Hr 
Tempera- TiCr Ti-V 
ature, Quartz Rapid* Quartz Rapid® 
¢ Capsule Quenching Capsule Quenching 
1100 24 
1000 48 
900 96 
850 168 5-5.5 168 24 
800 240 5-6 312 24 
750 336 6-7 456 24 
700 504 8.5-22 504-816 24 
650 720 27 720 24 
600 1008 27 1008 24 
550 1176 27 1176 - 
500 1440 1440 24 


*These specimens received the indicated quartz capsule annealing 
prior to the anneal in the rapid quenching furnace. 


and iodide titanium rod, electrolytic chromium and 
high-purity vanadium. The purity of these materials 
is given in Table I. A total of twenty-seven alloys 
were prepared in the range of 1 to 40 pct* Cr and 


*All percentages given are in weight percent. 


thirteen alloys from 16 to 40 pct V. In addition eight 
alloys were prepared in the range from 2 to 14 pct V 
using Bureau of Mines Titanium. In all cases, alloys 
were arc-melted in glass walled furnaces’ under an 
inert atmosphere of high-purity argon and/or helium. 
The as-cast buttons were heated to 850°C and hot 
rolled in air until the specimens were reduced about 
50 pct or until the first crack appeared. The scale 
was removed by grinding before the specimens were 
heat-treated. A homogenization heat-treatment of 24 
to 48 hr at 1000°C was used prior to heat-treatment 
at lower temperatures. The heat-treatment times 
are given in Table II. 

Selected alloys, which after conventional quenching 
had shown a two-phase structure (a + 6, 6 + TiCr, or 
a + TiCr,) and were close to the respective trans- 
formation temperatures, were chosen for rapid 
quenching experiments. 

In order to achieve a very rapid quenching rate, 
furnaces similar in principle to that of M. K. Mc- 
Quillan*,> were used. Such a furnace consisted of 
a vacuum chamber in which a strip-heater was 
mounted. At the center of the heater, the specimen 
was supported by the thermocouple which controlled 
the current, and hung over the inlet hole (see Fig. 1) 
in the bottom plate. The temperature was controlled 
to +10°C using a Weston single point controller on 
a high-low current circuit. The specimen was 
quenched by admitting water through the hole in the 


Table Ill. Chemical Analysis of Ti-Cr Alloys 


Nominal Pct Analyzed Pct 
4 4.43 
6 5.69 
8 8.14 
11 10.59 
14 14.10 
17.68 
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Fig. 1—Internal view of the rapid quenching furnace. 


base plate. After heat-treatment, the standard tech- 
niques of grinding, polishing, etching,'® and stain- 
etching’® were used in preparing the specimens for 
metallographic examination. Chemical analyses for 
the Ti-Cr system were performed by Academy Test- 
ing Laboratories, New York, New York and the re- 
sults are given in Table III. 


EXPERIMENTAL RESULTS 


A) Titanium-Chromium System. The results as 
obtained in this investigation of the Ti-Cr system 
are plotted in Fig. 2 and described below. 
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Fig. 2—Partial Ti-Cr phase diagram (iodide titanium 
base). 
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Fig. 3—Iodide Ti-9 pct Cr alloy 1000°C-24 hr A.C.; 
500°C-1440 hr W.Q.; 650°C-24 hr R.Q.; 660°C-24 hr 
R.Q. ‘fA’ etch. a + TiCr,. X600. Enlarged approxi- 
mately 24 pct for reproduction. 


The eutectoid temperature determined by both ra- 
pid-quenching and quartz capsule techniques was 
found to be 667° + 10°C. Rapid quenching of speci- 
mens below the conventional eutectoid temperature 
did not produce any noticeable change in the a + TiCr, 
microstructure although the specimens used were 
close to or within the 6 field as reported by McQuil- 
lan.* 

Because of this a somewhat different experimental 
approach was adopted. Three alloys were heat-treated 
in quartz capsules for 60 days at 500°C. The alloys 
had a typical salt and pepper structure of a + TiCry,. 
The specimens were then reheat-treated in the rapid 
quenching furnace for 24 hr at the following tempera- 
tures: 


8.14 pct Cr — 660°C R.Q. 
9 pet Cr — 650°C R.Q., 660°C R.Q., 670°C R.Q. 
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Fig. 5— Phase boundaries of the Ti-Cr system. 
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Fig. 4—Same specimen as Fig. 3 with an additional heat 
treatment of 670°C-24 hr R.Q. ‘‘A’’ etch. a +B. X600. 
Enlarged approximately 24 pct for reproduction. 


10 pct Cr — 660°C R.Q., 670°C R.Q. 


The heat treatments carried out at temperatures 
below 660°C produced no change in the microstruc- 
ture. On heating the 8.14 pct Cr alloy to 660°C and 
the 9 pct and 10 pct Cr alloys to 670°C an a + re- 
tained 8 structure was obtained with only a very 
small amount of TiCr, remaining. Compare Figs. 

3 and 4. 

The microstructural change could not be explained 
on the basis of the diagram as presented by McQuil- 
lan* but would indicate that the eutectoid tempera- 
ture was approximately that which had been deter- 
mined by conventional methods and is placed at 
667° + 10°C. 

In an attempt to check the results of McQuillan 
using rapid-quenching technique on the £ transus, 
several alloys which were a + B when examined 
after regular quenching were reheated in the rapid 
quenching furnace to the temperature of original 
heat treatment, held at this temperature and then 
rapid-quenched. Although some depression of the 8 
transus is noted, no general changes were observed 
and the boundary as finally determined agrees very 
well with the boundary as proposed by VanThyne et 
al.® and Cuff et al. as is shown in Fig. 5. 

The 6/8 + TiCr, boundary was located considerab- 
ly below that of any of the previous workers. For 
example, at 30 pct Cr, the 6/8 + TiCr, transus is 
located at 1000°C in this investigation, at 1075°C by 
Van Thyne et al.,® at 1100°C by Cuff et al.,° at 1125°C 
by McQuillan’ and at 1160°C by Duwez and Taylor.’ 
The reason for this discrepancy can be found in the 
purity of the materials used. It can be shown, for 
instance, that a 33 pct Cr alloy prepared from sponge 
titanium and lower purity chromium having a total 
impurity content of approximately 0.25 pct heat treat- 
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Fig. 6—Sponge Ti-33 pct Cr alloy, 1100°C-24 hr W.Q. 
etch. TiCr, inf matrix. X360. Enlarged approx- 
imately 24 pct for reproduction. 


ed at 1100°C, had a two-phase 6 + TiCr, structure, 
(see Fig. 6) whereas a 34 pct Cr alloy made of iodide 
titanium with total impurity content of approximately 
0.085 pct at the same temperature, was single-phase 
B (see Fig. 7). 

Rapid quenching experiments were carried out on 
several two-phase alloys which were near the 6/f + 
TiCr, boundary but no changes in microstructure 
were observed. 

Both the high- and low-temperature modifications 
of TiCr, reported by Levinger'’ were encountered in 
X-rays of the 1100°C heat-treated samples. However, 
in a sample treated at 1000°C, only the low-tempera- 
ture modification was found therefore the transforma- 
tion occurs somewhere above 1000°C. In order to 
avoid a speculative diagram, the presence of the high- 
temperature phase has been ignored in drawing the 
Ti-Cr diagram. 

The solubility of Cr in a-Ti was determined to be 
less than 1 pct at 700°C as has been reported previ- 
ously 
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Fig. 8—Partial Ti-V phase diagram. 
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Fig. 7—Iodide Ti-34 pct Cr alloy, 1100°C-24 hr W.Q. 
‘‘A”’ etch. Retained 8. X70. Enlarged approximately 
24 pct for reproduction. 


B) Titanium-Vanadium System. The titanium -vana - 
dium system was reinvestigated from 2 to 40 pct V using 
Bureau of Mines titanium for the alloys upto 14 pct Tiand 
iodide Ti base alloys from 16 to 40 pct Ti. Both 
standard and rapid quenching experiments were 
carried out and the results are plotted in Fig. 8. As 
can be seen the system as determined by this inves- 
tigation is in general in good agreement with the 
data reported by previous investigators*’*!!»!8 (see 
Fig. 9). Although changes in microstructure after 
rapid quenching were observed in one case (see Figs. 
10 and 11) this did not involve an appreciable lower - 
ing of the 8 transus from that obtained after conven- 
tional heat treatment and quenching. The £ transus 
was found to be depressed to approximately 510°C 
at 40 pct V and the solubility of vanadium in a was 
determined to be less than 2 pct V at 700°C as was 
reported by Pietrokowsky and Duwez" and McQuil- 


9300 + | This investigation 
—————  Adenstedt, Pequignot and Rav-er (9) 
x ——-—— Pietrokowsky and Duwez (11) 

o 800} 
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Fig. 9— Phase boundaries of the Ti-V system. : 
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Fig. 10—Bureau of Mines Ti-3 pct V alloy, 1000°C-24 hr 
A.C. 850°C-168 hr W.Q., ‘‘A’’ etch. a + transformed B. 
X500. Enlarged approximately 24 pct for reproduction. 


lan.? This is at least 1 pct less than the value of ap- 
proximately 3 pct determined by Adenstedt et al.® 


DISCUSSION OF RESULTS 


The results obtained in both the titanium-chro- 
mium andthe titanium-vanadium systems are in gene- 
ral in good agreement with the data obtained by pre- 
vious investigators using the quartz capsule tech- 
nique and in contradiction to the work of M. K. Mc- 
Quillan* with respect to the eutectoid temperature 
and composition in the Ti-Cr system. 

Although McQuillan* did not work her specimens 
prior to annealing and used considerably shorter 
homogenization annealing times, it is difficult to 
ascribe the variation of results noted to this differ- 
ence in the processing of the specimens. 

The eutectoid temperature as reported by McQuil- 
lan* was based upon the interpretation of the change 
in microstructure produced after rapid quenching. A 
Ti-12 pct Cr alloy after 1000 hr at 590°C was reheat- 
ed for 4 days at the same temperature and examina- 
tion of the microstructure revealed a change in the 
distribution of a and TiCr,. This change was consid- 
ered possible only if the alloy had been reheated into 
the 6 field. However, such a change in microstruc- 
ture can be achieved by recrystallization which ac- 
companies reheating into a two-phase field.'® 

In the present investigation the change from an a 
+ TiCr, to an a+ 6 + trace of TiCr, on going from 
660° to 670°C cannot be explained on the basis of a 
clustering hypothesis and is adequately explained by 
location of the eutectoid temperature at 667+ 10°C. 

The interesting change of slope in the 8 transus 
reported by McQuillan cannot be considered dis- 
proved by the present work. Although the existence 

of such a change of slope was not confirmed, insuf- 
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Fig. 11—Same specimen as Fig. 10 with an additional heat 
treatment of 850°C-24 hr R.Q., ‘‘A’’ etch, Transformed f. 
X500. Enlarged approximately 24 pct for reproduction. 


ficient data were obtained in the present investiga- 
tion to reach a final conclusion. 


ACKNOWLEDGMENTS 


The authors wish to thank Wright Air Development 
Division, U.S.N. Bureau of Aeronautics and Water- 
town Arsenal Laboratories for sponsorship of vari- 
ous portions of this program and permission to pub- 
lish the results. 


REFERENCES 


1A. D. McQuillan: The Application of Hydrogen Equilibrium-Pressure Measure- 
ments to the Investigation of Titanium Alloy Systems, J. /nst. Metals, 1950-51, 
vol. 79, p. 73. 

2A. D. McQuillan: The Effect of the Elements of the First Long Period on the 
Alpha-Beta Transformation in Titanium, J. /nst. Metals, 1951-52, vol. 80, p. 363. 

3A. D. McQuillan: The Reinvestigation of a Nickel-Titanium Alloy and Ob- 
servations on Beta/(Alpha + Beta) Boundaries in Titanium, J. /nst. Metals, 1953- 
54, vol. 82, p. 47. 

“M. K. McQuillan: A Redetermination and Interpretation of the Titanium-Rich 
Region of the Titanium-Chromium System, J. Inst. Metals$ 1953-54, vol. 82, 
p. 433. ? 

5M. K. McQuillan: A Provisional Constitutional Diagram of the Chromium- 
Titanium System, /. /nst. Metals, 1951, vol. 79, p. 379. 

‘R. J. Van Thyne, H. D. Kessler, and M. Hansen: The Systems Titanium- 
Chromium and Titanium-Iron, Trans. ASM, 1952, vol. 44, p. 974. 

™P. Duwez and J. L. Taylor: A Partial Titanium-Chromium Phase Diagram and 
the Crystal Structure of TiCr,, Trans. ASM, 1952, vol. 44, p. 495. 

°F. B. Cuff, N. J. Grant, and C. J. Floe: Titanium-Chromium Phase Diagram, 
AIME Trans., 1952, vol. 194, p. 848. 

°H. K. Adenstedt, J. R. Pequignot, and J. M. Rayner: The Titanium-Vanadium 
System, Trans. ASM, 1952, vol. 44, p. 990. 

Ww. J. Fretague, C. S. Baker, and A. E. Pereth: Air Force Technical Report 
6597, Part 2, March 1952. 

UP, Pietrokowsky and P. Duwez: Partial Titanium-Vanadium Phase Diagram, 
AIME Trans., 1952, vol. 194, p, 627. 

12H. I. Aaronson, W. B. Triplett, and G. M. Andes: Phase Transformation in 
Hypoeutectoid Ti-Cr Alloys, AJME Trans., 1957, vol. 209, p. 1227. 

H. I. Aaronson, W. B. Triplett, and G. M. Andes: Effects of Composition on 
Transformations in Titanium-Chromium Alloys, Trans. Met. Soc. AIME, 1958, 
vol. 212, p. 624. 

14, Cadoff and J. P. Nielsen: The Titanium-Carbon Phase Diagram, AJME 
Trans., 1953, vol. 197, p. 248. 

1Sw. L. Finlay, J. Resketo, and M. B. Vordahl: Optical Metallurgy of Tita- 
nium, /nd. Engr. Chem., 1950, vol. 42, no. 2, p. 218. 

46E, Ence and H. Margolin: Phases in Titanium Alloys Identified by Cumula- 
tive Etching, J. Metals, 1954, vol. 6, p, 346. 

17B. W. Levinger: High Temperature Modification of TiCr,, AJME Trans., 1953, 
vol. 197, p. 196. 

18R, M. Powers and H. A. Wilhelm: Ames Laboratory Report 15C-228 on Con- 
tract No. W-740Seng-82 USAEC, September 1952. 

19H, Margolin and W. R. Hibbard, Jr.: Effect of Ternary Additions on the Age 
Hardening of a Copper-Silver Alloy, AJME Trans., 1951, vol. 191, p. 174. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


J Aw 
a 
“i 


Effects of Grain Boundary Structure on Precipitate 
Morphology in an Fe-1.55 Pct Si Alloy 


S. Toney and H. |. Aaronson with an APPENDIX by N. A. Gjostein 


When the component grains of ferritic bicrystals 
of an Fe-1.55 pct Si alloy are disoriented through an 
angle ‘‘6’’ about a common [110] axis, the tendency 
for preferential growth of austenite crystals along 
the grain boundary during transformation at elevated 
temperatures is small when 6 < 11 deg, but in- 
creases rapidly at larger angles. This type of ori- 
entation-dependence indicates that grain boundary 
diffusion promotes preferential growth along large- 
angle boundaries. Morphological differences be- 
tween austenite crystals formed at small-angle [110] 
and [100] boundaries suggest that precipitate mor- 
phology can be dependent on the dislocation struc- 
ture of the boundary. 


Tue morphology of precipitate crystals nucleated 
at a grain boundary can be significantly affected by 
the structure of the boundary.’ The limited amount 
of experimental evidence available in the literature 
indicates that the morphological effects of boundaries 
made up of arrays of dislocations, such as subbound- 
aries and small-angle grain boundaries, are differ- 
ent from those of boundaries having essentially dis- 
ordered structures, z.e., large-angle grain bound- 
aries. On the basis of indirect evidence, it has been 
concluded that large-angle grain boundaries give rise 
to the formation of grain boundary allotriomorphs 
(crystals which nucleate at grain boundaries, and 
grow preferentially and more or less smoothly along 
them)? in the proeutectoid ferrite and the proeutec- 
toid cementite reactions in plain-carbon steels, and 
apparently also in many non-ferrous alloys.' At 
small-angle grain boundaries in a plain carbon steel, 
on the other hand, ferrite crystals were found to take 
the form of primary side plates.* Similarly, Guinier,*® 


*Primary sideplates grow directly from grain boundaries’, while 
secondary sideplates develop from another grain boundary-nucleated 
morphology, usually allotriomorphs** 

Wilsdorf and Kuhlmann-Wilsdorf* and Thomas and 
Nutting® have found that primary sideplates of a tran- 
sitional phase appear at subboundaries in Al-Cu al- 
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loys. Primary sideplates formed at a subboundary 
with a constant orientation tend to be parallel to only 
one, or occasionally two matrix habit planes, and a 
marked change in the orientation of the boundary is 
accompanied by a change in the habit plane. 

Previous studies on the morphological effects of 
grain boundary structure were performed on poly- 
crystalline aggregates. Information on the disorien- 
tation of the pairs of grains forming the boundaries 
at which the various morphologies appeared in these 
specimens was largely either qualitative or semi- 
quantitative. Precipitate morphologies accordingly 
could not be accurately and systematically correlated 
with grain boundary structure, and thus theories 
which have been proposed for the various morpholog- 
ical effects could not be satisfactorily tested. This 
investigation was undertaken in an attempt to remedy 
these deficiencies by studying the morphological ef- 
fects of grain boundary structure with a method in 
which the boundaries are formed by matrix grains 
whose disorientations are known and controlled with 
reasonable accuracy. 


EXPERIMENTAL PROCEDURE 


The crystallographic requirements of this study 
were fulfilled by means of oriented bicrystals of sili- 
con-iron. Disorientation of the component ferrite 
crystals was carried out about common, major crys- 
tallographic axes through angles ranging from 1/2 to 
44 deg. The silicon content was low enough so that 
the bicrystals could be partially transformed to aus- 
tenite by heating to elevated temperatures. 

The silicon-iron used had the following initial com- 
position: 1.55 pct Si, 0.04 pet C, 0.0031 pct N, 0.17 
pct Mn, 0.020 pct S, and 0.002 pct P. The alloy was 
obtained in the form of 0.036-in. sheet. The proce- 
dures employed to prepare seed crystals in strips of 
this sheet, to reorient the seeds, and to grow them 
into bicrystals are essentially those described by 
Dunn and Nonken® and Haynes.’ 

The characteristics of the bicrystals are given in 
Table I. The “bicrystal type” indicates the crystal- 
lographic plane parallel to the broad faces of the 
strip in both grains and the crystallographic direc- 
tion which was parallel to the long edges of the strip 
in both grains prior to disorientation. The angular 
disorientation of the grains, 6, which was performed 
about the direction normal to the plane of the broad 
faces of the strip, was measured between the [001] 
directions. Orientation of the grain boundary, 9, was 
taken as the angle between the plane of the grain 
boundary and a plane containing the axis of disorienta- 
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Table I. Description of the Bicrystals 


Wt. Pct 


Bicrystal No. Carbon* 


Wt. Pct 
Nitrogen 


Grain Boundary Structure at 
92119, indicated ¢ and 8 =0 


Reaction Temp., °C/ 
Reaction Time, sec 


Series A: (110) [001], 6=0° 


0.0220 
0.0136 
0.0124 
0.0136 
0.0171 
0.0166 
0.0172 


A-1 
A-2 
A-3 
A-4 
A-5 
A-6 
A-7 


0.0444 


0.0276 


Equal densities of two arrays 
of edge dislocations 


1030/30 
1030/30 
991/120 
1000/60 
1000/60 
991/120 

991/90 


Series B: (110) [001],**¢ = 45° 


0.0156 
0.0154 


B-1 


991/120 
1000/60 


Unequal densities of two arrays 
of edge dislocations 


Series C: (110) [001], ¢ = 0° 


0.0135 
0.0151 


C-1 
C-2 


1000/60 
1000/60 


Two arrays of dislocations with 
edge and screw components 


Series D: (100) [011], ¢= 45° 


0.0158 
0.0153 


D-1 


D-2 1% 


0.0880 
0.1310 


1030/30 
1000/60 


Four arrays of dislocations 
with edge and screw components 


* The carbon content of the bicrystals prior to carburization was 0.040 pct. 
**In this series the [001] made an angle of 45° with the longitudinal axis of the strip before disorientation. 


tion and bisecting the angle @ between [001] directions. 
Although ¢ varied considerably, the average plane of 
the boundary was approximately parallel to the longi- 
tudinal axis of the strip. The angle 8 in Table I is 
the angle between the poles of the planes in the compo- 
nent grains which were intended to lie precisely in 
the broad faces of the strips; 6 is thus a measure of 
the deviation from co-axial disorientation. As shown 
in the Table, most of the deviations were only 1 to 2 
deg. 

In order to simplify the grain boundary structures 
as much as practicable within the limitations imposed 
by the grain orientation and growth techniques em- 


Fig. 1—Idiomorph at .-deg boundary, Series A. Reacted 30 
sec at 1030°C. Etched in 2 pct nital. X1000. 
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ployed, most of the bicrystals (Series A) were pre- 
pared so that the small-angle boundaries would be 
composed, at @ = 0 deg, of an equal density of each of 
two arrays of edge dislocations. A few bicrystals 
were also grown, however, for the purpose of explor- 
ing the morphological effects of other dislocation 
structures of small-angle grain boundaries and of 
possible variations among disordered-type structures 
of large-angle grain boundaries of different crystal- 
lographic descriptions. The structures of the small- 
angle boundaries are qualitatively described in Table 
I. A quantitative description of their structure and a 
discussion of the effects of variations in @ and of 6 
~ Oare given in the Appendix by N. A. Gjostein. 
After the bicrystals had been grown, they were an- 
nealed for 14 days at 925°C in dried and purified ar- 
gon in order to remove some of the more pronounced 
irregularities in the grain boundaries. The bicrys- 
tals were then carburized approximately to satura- 
tion at 710° to 740°C by immersion in a carburizing 
salt bath. This operation was designed to expand the 
a +y region of the alloy, thus making the amount of 
austenite formed during isothermal reaction less 
sensitive to temperature, and to prevent the rever- 
sion of austenite to ferrite during quenching at the 
end of reaction. Specimens cut from the carburized 
bicrustals were preheated and homogenized with re- 
spect to carbon for 20 min at 720°C in a neutral salt 
bath, isothermally reacted in another neutral salt 
bath, and then rapidly quenched in iced brine. Inas- 
much as the carbon and nitrogen contents of the bi- 
crystals varied appreciably (see Table I), the isother- 
mal reaction temperatures and times required to 
form moderate amounts of austenite differed in the 
various bicrystals and had to be determined by trial 
and error. The reaction temperatures and times 
used for the successfully heat treated specimens of 
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Fig. 2—Typically thick and rounded primary sideplate at Y,- 
deg boundary, Series A. Reacted 30 sec at 1030; C. Etched 
in 2 pct nital. X1000. 


each bicrystal are given in Table I. These variations 
in heat treatment produced no detectable effects upon 
the morphology of the austenite crystals. 


RESULTS 


Series A Bicrystals: (100)[001], ¢=0deg. The 
austenite crystals formed at the 1/2, 2, and 4 deg 
boundaries in this series are large in size and often 
rather widely separated. These crystals appear in 
a variety of shapes, some of which cannot be readily 
placed in a specific morphological category. Exam- 
ples of the austenite morphologies observed at these 
boundaries are shown in Figs. 1 to 3. Fig. 1 shows 
a good example of an “idiomorph,” a roughly equi- 
axed crystal,? formed at the 1/2 deg grain boundary.* 


*The austenite crystals transform to martensite during quenching. 


Idiomorphs are frequently found at the 1/2, 2, and 4 
deg boundaries. Fig. 2 shows a typically thick and 
bluntly shaped primary sideplate* * at the 1/2 deg 


**Although austenite crystals of this type do not have a pronouncedly 
plate shape, they nonetheless fulfill what is normally considered to be 
an essential requirement of this morphology: perceptibly preferential 
growth parallel to a limited number of directions or planes in the matrix 
phase. Taking into account austenite crystals formed intragranularly as 
well as those nucleated at the grain boundaries, three austenite plate 
directions were found in ferrite grains in which the (110) plane was 
parallel to the plane of polish, while four directions were noted when 
the (100) plane was so positioned. These numbers of directions are pre- 
cisely those which must obtain if the austenite crystals exhibit the 
Kurdjumow and Sachs’ orientation and habit plane relationships with re- 
spect to the ferrite grains in which they form. Proeutectoid ferrite is 
known to bear these relationships to the austenite grains from which it 
precipitates in plain carbon steel’. 


boundary. This morphology appears only occasion- 
ally at the small-angle boundaries. Perhaps because 
of the high reaction temperatures,’° austenite plates 
did not develop, either in these specimens or in any 
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Fig. 3—Grain boundary allotriomorph with blunt tips at 2- 
deg boundary, Series A. Austenite crystal perpendicular to 
and in contact with allotriomorph was probably nucleated 
intragranularly. Reacted 30 sec at 1030°C. Etched in 2 pct 
nital. X500. 


others studied, the very high ratios of length to thick- 
ness which familiarly characterize the plate morph- 
ology in many other alloy systems.},!!"15 

Fig. 3 shows one of the few grain boundary allotri- 
omorphs found at the 1/2 and 2-deg boundaries. The 
typically blunt tips of this allotriomorph suggest that 
the tendency for preferential growth along the bound- 
ary was not especially strong at these grain bound- 
aries. 


Fig. 4—Primary sideplate and grain boundary allotriomorph 
with a tapering tip at 11-deg boundary, Series A. Reacted 
60 sec at 1000°C. Etched in 2 pct nital. X500. 
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Fig. 5—General view, showing allotriomorphs and some 
idiomorphs at 29 '/-deg boundary, Series A. Reacted 120 
sec, 991°C. Etched in 2 pct nital. X150. Enlarged approxi- 
mately 16 pct for reproduction. 


Increasing the angular disorientation to 11 deg re- 
sults in a change in the shape of some of the allotri- 


omorphs. As illustrated in Fig. 4,* some of these 


*The area of the austenite crystals at the grain boundary in this Fig- 
ure, and to a lesser extent in others, has been somewhat reduced by the 
occurrence of a small amount of reverse transformation during quenching. 
In most cases, the amount of such transformation was negligible. Those 
specimens in which mere extensive reverse transformation took place 
were discarded: As may be seen by close examination of the periphery of 
the crystals in Figs. 1 and 2, the retransformed areas are usually de- 
lineated by a fine dispersion of precipitate, presumably carbides. 
crystals, tapering markedly toward one or both tips, 
now exhibit a comparatively pronounced tendency 
toward preferential growth along the grain boundary. 

The dominant morphology at the 29 1/2-deg bound- 
ary is unquestionably grain boundary allotriomorphs. 
Fig. 5 shows, however, that some idiomorphs and 
other bulky crystal shapes are still present. As indi- 
cated in Fig. 6, when @ is increased to 44 deg, grain 
boundary allotriomorphs which are characterized by 
a pronounced tendency toward rapid growth along 
the grain boundary are the only morphology present. 

In view of the mixture of morphologies found at 
most of the grain boundaries, it was considered de- 
sirable to devise a quantitative method of assessing 
the overall trend of the shape of the austenite crys- 
tals as a function of 6. In each bicrystal, the length, 
l, of individual austenite crystals along the grain 
boundary, and the maximum thickness, ¢, of the crys- 
tals in the direction perpendicular to the boundary 
were measured for a number of crystals. The //t ra- 
tio for each austenite crystal, and the average ratio, 
i/t, for each grain boundary (with the exception of 
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Fig. 6—General view, showing only allotriomorphs at 44-deg 
boundary, Series A. Reacted 90 sec at 991°C. Etched in 2 
pet nital. X150. Enlarged approximately 16 pct for repro- 
duction. 


the 6-deg boundary, at which too few crystals ap- 
peared as a result of experimental difficulties) were 
then computed. In Fig. 7, //t is plotted as a function 
of 6. Only the data points for the Series A bicrystals 
were used to draw the curve in this figure. The aver- 
age shape of austenite crystals nucleated at a grain 
boundary is seen to change from approximately idio- 
morphic at small-angle boundaries to definitely allo- 
triomorphic at large values of 6. 

The standard error of the mean for all of the //t 
values in Fig. 7 and the ranges within which there is 
a 68-pct and_a 95-pct probability, respectively, that 
each of the //t values lie are given in Table II. Al- 
though the ranges are quite wide, the difference be- 
tween the 1/t values at 29 1/2 deg and 44 deg on one 
hand, and those obtained at smaller values of 6 on 
the other can be considered statistically significant, 
since the 95-pct probability ranges of the two groups 
of data do not overlap. The increase in i/t with in- 
creasing 6 in the range 1/2 to 11 deg, however, can- 
not be regarded as meaningful. Even the 68-pct prob- 
ability ranges overlap in this case. The effects of in- 
creasing disorientation in this range are reflected 
primarily in an increasing tendency toward allotri- 
omorphic growth among a comparatively small num- 
ber of austenite crystals at each ferrite grain bound- 
ary. 

Series B Bicrystals—(110)[001], 9 = 45 deg. The 
shapes and the //t ratio of the austenite crystals 
formed at the 1/2-deg boundary in this series are 
effectively the same as those of the 1/2-deg bound- 
ary in Series A (Fig. 7, Table II). The morphologies 
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Fig. 7—Average ratio of length/thickness, 1/t, as a function 
of 6. Curve connects only data points from Series A bicrys- 
tals. 


at the 22 1/2-deg boundary closely resemble those 
at the 29 1/2-deg boundary in Series A, though as 
shown in Fig. 7 and Table II, the tendency toward al- 
lotriomorphic growth is somewhat less pronounced 
at the former boundary. 

Series C and D Bicrystals—(100)[ 001], = 0 deg; 
and (100)[011], 9 = 45 deg. Preferential growth along 
the grain boundary developed more frequently at the 


Fig. 8—Increased tendency for allotriomorphic growth at 
1-deg boundary, Series C. (Grain boundary not visible in 
photomicrograph.) Reacted 60 sec at 1000°C. Etched in 

2 pet nital. X250. Enlarged approximately 16 pct for repro- 
duction. 


1 deg boundaries in the Series C and D bicrystals 
than at the 1/2 to 4-deg boundaries in the Series A 
and B bicrystals. This effect is illustrated in Fig. 8. 
Table II indicates the probability that 7/t for the C 
and D bicrystals lies above that of the 1/2 and 2-deg 
bicrystals in Series A and the 1/2-deg bicrystal in 
Series B is between 68 and 95 pct. On the other hand, 
the probability that the //t ratios for the 22 1/2- and 
23-deg boundaries in Series C and D differ signifi- 
cantly from //t for the 22 1/2-deg boundary in Series 
B or the 29 1/2-deg boundary in Series A is less than 
68 pct. It is also of interest to note, in Fig. 7, that 


Table Il. Standard Errors of the Mean and Probability Ranges of 1/t Data 


Average Length/ No. of Crystals Standard Error 68% Probability Range 95% Probability Range 
6, deg Width, 1/t Measured of the Mean, l/t+sz 1/t -sx l/t+2sz l/t -—2sz 
Series A: (110) [001], 6=0° 
% 1.05 a 0. 26 1.31 0.79 1.57 0.53 
2 1.17 15 0.15 1.32 1.02 1.47 0.87 
4 1.35 39 0.13 1.48 1.22 1.61 1.09 
11 1.60 5 0.42 2.02 1.18 2.44 0.76 
29% 3.76 18 0.51 4.27 3.25 4.78 2.74 
44 6.26 20 0.80 7.06 5.46 7.86 4.66 
Series B: (110) [001], ¢= 45° 
% 1.05 11 0.19 1.24 0.86 1.43 0.67 
22% 2.67 26 0.25 2.92 2.42 2.57 
Series C: (100) [001], ¢=0° 
1 L77 24 0.24 2.01 1.53 2.25 1.29 
22% 3.10 19 0.31 3.41 2.79 3.72 2.48 
Series D: (100) [011], ¢= 45° 
1 1.61 5 0.18 1.79 1.43 1.97 LS 
23 ZI 15 0.52 3.73 2.69 4.25 2.17 
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Fig. 9—-Primary sideplates (arrowhead ‘‘A’’), allotric- 
morphs (arrowhead ‘‘B’’), and sawteeth (arrowhead ‘‘C’’) 
at subboundaries in a single crystal of Alnico 2. Aged 600 
hr at 800°C. Etched in CuCl, in HCl. Geisler.?? Enlarged 
approximately 16 pct for reproduction. 


the 22 1/2 to 23-deg boundary //t’s of Series B, C, 
and D fall quite close to the 7/z vs 6 plot for the Se- 
ries A bicrystals. 


DISCUSSION 


Series A Bicrystals. The major result of this in- 
vestigation is that the tendency toward allotriomor- 
phic growth is unimportant when @ < 11 deg but in- 
creased at larger disorientations, becoming the dom- 
inant mode of growth at high values of 6. The first 
direct support has thus been obtained for the deduc- 
tion previously made’ on the basis of indirect evi- 
dence that allotriomorphs are associated primarily 
with large-angle, disordered-type grain boundaries. 
An attempt will be made to account for this result 
by further developing explanations which have been 
previously proposed’? for allotriomorphic growth. 

On the basis of X-ray evidence on the shapes and 
orientation of precipitates during the early stages of 
reaction,'* the nucleus of an austenite crystal may be 
assumed to be a plate (or a lath) whose broad faces 
are parallel to a habit plane which meets a ferrite 
grain boundary at an essentially arbitrary angle. The 
following factors should tend to initiate growth along 
the boundary, changing the shape of the nuclear plate 
to that of an allotriomorph during the initial stage 
of growth: 1) the negative contribution of the grain- 
boundary free energy to the interfacial free energy 
required for the growth of the crystal when the crys- 
tal is of capillary dimensions, z.e., less than about 
107* cm.; 2) the point effect of volume diffusion,'> 
acting at the edges formed by the junction of the nu- 
cleus and the “surface” of the matrix ferrite grain; 
and 3) the preferential diffusion of substitutional 
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atoms (both iron and silicon) along the grain bound- 
ary. When the smallest dimension of the allotrio- 
morph exceeds 107* cm., the first effect will no long- 
er be important. The point effect of volume diffusion, 
now acting at the edges of the allotriomorphs, and 
grain-boundary diffusion, however, should continue to 
be active as growth proceeds along the grain bound- 
ary. 

The //t measurements were made after growth had 
progressed to the stage where only the latter effects 
were operative. Of these effects, grain boundary 
diffusion is the only one whose dependence upon dis- 
orientation is subject to independent experimental 
evaluation. Haynes and Smoluchowski!® have meas- 
ured the preferential diffusion of Fe®> into grain 
boundaries of Fe-3.17 pct Si bicrystals as a function 
of 6. The appearance of a tendency for some auste- 
nite crystals to grow relatively rapidly along the 
grain boundary at @ = 11 deg is consistent with Haynes 
and Smoluchowski’s finding that preferential grain- 
boundary diffusion in silicon-iron does not become 
appreciable until 6 is increasedto10 -15/16deg—the 
disorientation range in which dislocation structures 
are replaced by disordered-type structures.* As 6 


*Although diffusion occurs rapidly along the “pipes” of individual 
edge dislocations”, the results of several investigations indicate 
that the amount of material transported in this manner per unit length of 
grain boundary is relatively small when the grain boundary is composed 
of arrays of well separated dislocations (9 < 8 deg in fcc alloys** and 
6 < 10 deg in bec alloys’ for a simple, symmetrical grain boundary) and 
the unit length is appreciably larger than the diameter of a single “pipe.” 


is increased to about 25 deg, both grain-boundary 
diffusion and allotriomorphic growth become more 
rapid. The average rate of increase of //t with @ in 
this range, however, is somewhat more rapid than 
the corresponding increase in the rate of grain bound- 
ary diffusion. Had the diffusion data been obtained 

in the 991° to 1030°C temperature range used to deter - 
mine the J/t data, instead of the 769 -810°C range ac- 
tually used by Haynes and Smoluchowski, this differ - 
ence would presumably have been further accentu- 
ated, since the rate of increase of preferential grain- 
boundary diffusion with increasing @ hAs been shown 
to decrease with rising temperature.” This differ - 
ence, however, is to be expected, since an increasing 
rate of grain-boundary diffusion acts to raise the 
rate of growth along the grain boundary relative to 
that perpendicular to the boundary, and thus to de- 
crease the average radius of curvature of the ad- 
vancing edges of the allotriomorphs. The smaller 
this radius, the more effectively will the point effect 
of volume-diffusion increase still further the rate of 
lengthening along the boundary. Although the contri- 
bution of the point effect of volume diffusion thus ap- 
pears to be an important one, the failure of the point 
effect to produce preferred growth in directions 
other than along the grain boundaries (beginning, for 
example, at small protuberances in the austenite: 
ferrite boundaries developed during growth) strongly 
indicates that grain-boundary diffusion is the pri- 
mary factor directing and sustaining allotriomorphic 
growth. 
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The only marked conflict between the /t and the 
diffusion data appears at 6 = 44 deg, where //t 
reaches the highest value recorded even though the 
rate of preferential grain-boundary diffusion has fal- 
len appreciably below its maximum level. Although 
a satisfactory explanation for this anomaly has not 
been found, an indication of the origin of the con- 
tinued increase in 1/t can be obtained by comparing 
Figs. 5 and 6. Note that some bulky crystals are 
still present at the 29 1/2-deg boundary, but that 
only allotriomorphs appear at the 44-deg boundary. 

Although the trend toward increasingly allotrio- 
morphic growth as a function of increasing 6 was 
anticipated on the basis of a previous study of the 
proeutectoid ferrite reaction in a hypoeutectoid 
steel,’»” the mixture of morphologies at the small- 
angle boundaries (@ < 11 deg) was quite unexpected. 
Both in the hypoeutectoid steel and in Al-Cu alloys,°~5 
only one morphology—primary sideplates—appears 
at small-angle grain boundaries. A search of the 
literature, made to obtain a preliminary indication as 
to whether mixed morphologies at small angle bound- 
aries are a unique characteristic of the a—y trans- 
formation in silicon-iron, uncovered another exam- 
ple of this phenomenon which provides a valuable 
clue to its origin. Fig 9% illustrates precipitate mor- 
phologies intragranularly and at subboundaries in a 
single crystal of Alnico 2 (Fe-12.5 pct Co-17 pct Ni- 
10 pct Al-6 pct Cu). Careful examination of the crys- 
tals nucleated at the subboundaries discloses that 
their morphology is the same at a given subboundary, 
but varies considerably among different subbound- 
aries. Since the various subboundaries differ consid- 
erably in boundary orientation, and possibly also in 
lattice disorientation, their dislocation structures 
must also be different. It thus appears that unlike 
Al-Cu Alloys, a change in subboundary structure in 
Alnico 2 is accompanied by, and presumably gives 
rise to a change in precipitate morphology. Although 
the small-angle boundaries in the silicon-iron bi- 
crystals underwent frequent changes in orientation, 
the very small number of austenite crystals formed 
at each orientation prevented determination of 
whether or not a similar effect is responsible for 
the variety of morphologies formed at these bound- 
aries on the basis of observations made on individual 
specimens. Better evidence for this effect upon aus- 
tenite morphology, however, is considered in the 
next section. oe 

Series B, C,and D Bicrystals. Both the //t data 
and the microstructural observations indicate that 
such variations in structure as may be produced by 
the different crystallographies of the large-angle 
boundaries in the four series of bicrystals do not 
affect the morphology of the austenite crystals formed 
at these boundaries. In the small-angle range, on the 
other hand, the //t ratios for the Series C and D 
boundaries are somewhat higher than those for the 
corresponding Series A and B boundaries. In view 
of the extensive irregularities in all of the grain 
boundaries, both the A and the B small-angle bound- 
aries would have been composed, were £ = 0, of vary- 
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ing and usually unequal densities of two sets of edge 
dislocations. Similarly, both the C and the D small- 
angle boundaries would have consisted largely of 
varying proportions of four sets of dislocations, each 
with both edge and screw components, at 8 = 0. As 
discussed in the Appendix, the principal effect of B = 
0 upon these structures is to introduce dislocations 
with screw components into all of the small-angle 
boundaries. The density of screw components in the 
C and D boundaries, however, probably remains ap- 
preciably higher than in the A and B boundaries. The 
similarity of the morphologies and the //¢ ratios at 
the A and B, and at the C and D boundaries, respec- 
tively, is thus consistent with the similarity of the 
dislocation structures of these sets of boundaries. 
The greater tendency toward allotriomorphic growth 
at the C and D small-angle boundaries is ascribed to 
the higher density of dislocations with screw compo- 
nents in these boundaries. This effect is probably 
not due to more rapid diffusion along the C and D 
boundaries, since screw dislocations appear to be 
considerably less effective than edge dislocations in 
promoting grain-boundary diffusion.'® Another me- 
chanism for producing allotriomorphic growth, in 
considerably less pronounced form than is possible 
with the grain boundary diffusion mechanism, thus 
appears to be operative in silicon-iron and also in 
Alnico 2 (arrowhead “B”, Fig. 9). 


SUMMARY 


On the basis of this investigation of the morphology 
of austenite crystals formed at the grain boundaries 
in oriented ferrite bicrystals of an Fe-1.55 pct Si al- 
loy, it has been concluded that: 

1) When the component crystals are disoriented 
about a common [110] axis through an angle 6, the 
overall tendency toward preferential growth of aus- 
tenite crystals along the grain boundary is small 
when 0 11 deg, but increases rapidly as the value of 
6 is further increased. 

2) Although there are differences in detail, the 
data of Haynes and Smoluchowski’® on grain boundary 
diffusion in ferritic bicrystals of SiFe exhibit basi- 
cally the same type of dependence upon 6 as the ten- 
dency for preferential growth of austenite along fer- 
rite grain boundaries, indicating that grain boundary 
diffusion plays an important role in this type of 
growth, and thus in the formation of the morphology — 
grain boundary allotriomorphs—produced when such 
growth becomes sufficiently rapid relative to that 
normal to the boundary. 

3) When 6 < 11 deg about a common [110] axis, 
most austenite crystals have the shape of idiomorphs. 
Only a few stubby primary sideplates and grain- 
boundary allotriomorphs appear at these boundaries. 
When 6 > 11 deg about either a common [110] or 
[100] axis, allotriomorphs are clearly the dominant 
morphology. 

4) The tendency toward preferential growth along 
small-angle boundaries is somewhat larger when 
they are formed by disorientation about a common 
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[100] axis than about a common [110] axis. This 
result appears to be associated with the higher den- 
sity of dislocations with screw components at the 
[100] boundaries. Taken in conjunction with a few 
observations made on the orientation-dependence of 
morphology at subboundaries in Alnico 2, this evi- 
dence suggests that in some alloy systems small- 
angle boundaries with different dislocation structures 
can give rise to different precipitate morphologies. 
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APPENDIX 


Dislocation Structure of Small-Angle Boundaries 
in a Bcc Lattice. Frank** has given a relationship 
for determining the dislocation content of a general 
small-angle boundary. When two grains are rotated 
apart through a small angle @ about a common axis 
u, the sum S of the Burger’s vectors b; of the dislo- 
cations cut by an arbitrary vector, V, lying in the 
plane of the boundary, is given by 


S=(ux V) [1] 
If V cuts nz dislocations with Burger’s vector b,, then 
S= b; [2] 


In the case where V is a unit vector normal to the 
ith set of dislocations, Read and Shockley** define a 
quantity: N; = (7;/6),i.e., the density per unit 6 of the 
ith set of dislocations. It is this quantity that may be 
used to characterize the dislocation content of the 
boundaries employed in this particular investigation. 

In general, any small-angle grain boundary can be 
made up of three sets of dislocations having noncop- 
lanar Burger’s vectors. If u lies in the plane of bound- 
ary, as is the case ideally in Series A and B, the 
boundaries will have only a tilt component, and will 
be composed of two sets of edge dislocations, hav- 
ing, for example, Burger’s vectors 


when 4 = (“2)[110] 


Using the model given above, N; can now be calcu- 
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lated for each set of dislocations as a function of 9, 
the boundary orientation. Two specific cases, @ = 0 
(Series A) and @ = 45 deg (Series B), will be consid- 


ered. Taking 
= sin sin 


where @ is measured in the (110) plane with respect 
to the [001] direction, satisfies the condition that V 
lies in the plane of boundary, normal to the direction 
of the dislocation lines, since in a pure tilt boundary 
all the dislocation lines are parallel to u = (¥2/2) 
[110]. The sum S can be found now from Eq. [1], 
which gives 


v2 


S = cos - cos - sin [3] 


From Eq [2], 5 must also equal 
5 =n, 4111] +n, [4] 


Equating coefficients in Eqs. [3] and [4] gives two 
expressions for N, and N,, namely 


N, = 1(2 cos  - sin [5a] 
1 
Nz ("2 cos + sin a) [5d] 


To obtain N, and N, for Series A,, take 4 = 6/2, 
i.€., assume they are ideal symmetrical-tilt bound- 
aries. Likewise, for Series B, = (1/4) +(6/2). Table 
III gives the results for 9/2 «1, showing that when 
B = 0, boundaries in Series A will be composed of 
equal densities of two sets of edge dislocations, while 
Series B boundaries will have unequal densities of 
the two sets with the total density being approximately 
the same as in Series A. 

Until this point, discussion has concerned the ideal 
case, where u lies in the plane of the boundary, i.e., 

6 = 0. Actually, 6 has a finite value, requiring that 
u no longer lie in the plane of the boundary. Without 
knowledge of the twist and tilt components of 8, it is 
not possible to describe quantitatively the deviation 
from the ideal dislocation densities that would occur. 
Generally speaking, however, it may be said that a 
third set of dislocations, having an appreciable screw 
component will be introduced, its density increasing 
with an increasing proportion of twist component of 
B. In addition the original two sets of dislocations 
also will develop a screw character. As pointed out 
in the text, @ varied widely for most of the bound- 
aries. This would result in varying proportions of 
each set of edge dislocations as shown by Eq [5]. 

Consider now pure tilt boundaries in Series C and 
D. In this case, since there are no <111> directions 
normal to u = [100], four sets of dislocations will be 
needed, each set having edge and screw components. 
In order that there be no net twist component to the 
boundary, it will be necessary to require that the 
screw components of the individual dislocations al- 
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ternate in sign along the boundary. This type of 
boundary has been discussed by Read.” 

Following the procedure used for Series A and B, 
and taking u = [100], b, = a@/2[111] alternating with 
b, = a/2[111], and b, = a/2[111] alternating with b, = 
a/2[ 111], the following results were obtained: 


N,=N, = (sin cos [ 6a] 
Ng = Ny = 42 = + cos 6) [ 65] 


Allowing = 0/2 and (7/4) + (0/2), andassuming 6/2 « 
1, gives the results shown in Table III. 

Again no quantitative statements can be made about 
the effects of B on the dislocation content of the 
boundaries, but it seems clear that when £ + 0, the 
boundary will have a twist component, and that con- 
sequently N, will no longer equal N,, and similarly, 
N, will not be equal to N,. Thus, in this particular 
kind of a boundary, no new sets of dislocations need 
be added to account for a small twist component, but 
rather it is only necessary to destroy the balance in 
density between the dislocation sets with the screw 
components of opposite sign. As before, the effects 
of a widely varying @ may be seen from Eq. [6]. 

In conclusion, it may be said that there exists, in 
the ideal case, a fundamental difference between Se- 
ries A and B, on one hand, and Series C and D, on 
the other, in that boundaries of the latter group are 
characterized by a screw component present in all 
sets of dislocations. Moreover, it would seem that 
since the principle effect of a nonzero £ is to intro- 
duce a new set of dislocations in Series A and B, 
while only altering the balance in densities in Series 
C and D, this latter group probably would retain a 
larger density of dislocations with screw components 
even in the case where £ = 0. 
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Table Ill. Dislocation Densities for Small-Angle Boundaries in a 


Bcc Lattice 


Series ® MN N, N 3 Ng =N i 
2a 2a a 
a a a 
1 1 1 1 2 
D 45 v2 v2 v2 
2a 2a a 
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The Effects of Interstitial Solute Atoms on the 
Fatigue Limit Behavior of Titanium 


Harry A. Lipsitt and Douglas Y. Wang 


A fatigue study in completely reversed axial tension- 


compression has been performed on high-purity tita- 
nium and on three high-purity alloys of titanium. The 
alloys each contain approximately 0.75 at. pct of a 
single interstitial element; carbon, nitrogen, and oxy- 
gen, respectivley. The results corroborate a previ- 
ously published theory which proposed that strain ag- 
ing under alternating stress was responsible for the 
fatigue limit behavior of certain alloys. The present 
data indicate that in these alloys an increasing strain- 
aging effect under alternating stress is provided by 
oxygen, carbon, and nitrogen, respectively. 


Current research on the nature of the fatigue 
limit in metals suggests that the presence of a fa- 
tigue limit in metallic materials is a manifestation 
of strain aging that occurs under alternating 
stress."> A comprehensive theoretical model based 
on the above hypothesis has been developed to ex- 
plain the existence of a fatigue limit. This model 
also provides increased insight into several other 
fatigue phenomena as understressing, overstressing, 
and coaxing effects. The theory, as well, provides 
equal understanding for those cases where no real 
fatigue limit is observed. 

Briefly, this theory assumes that the S-N curve 
for a pure metal is a smooth function of the applied 
stress, and the effect of adding an element that is 
soluble (or forms a precipitate) in the pure metal 
is simply to shift the S-N curve to the right. If the 
added element confers the power to strain age, the 
result is a further shift of the S-N curve, this time 
upward and to the right. Since strain aging is not 
expected to be a strong function of stress, and since 
damage per cycle is known to be quite stress depen- 
dent, it is to be expected that there will be some 
limiting lower stress at which the strengthening due 
to strain aging will balance the damage due to crack 
propagation. This stress is the fatigue limit. The 
position of the fatigue-limit knee was thought to be a 
function of the magnitude of the strain-aging effect 
on both the finite and infinite life portions of the S-N 
curve. 
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Although the strain aging hypothesis seems to be 
reasonably valid for bcc materials,?»® it needed to be 
tested for both fcc and cph metals. This report is 
the first of a series concerning the fatigue-limit be- 
havior of titanium with varying amounts of the inter- 
stitial solutes (C, N,, and O,) that are known to cause 
Static strain aging in titanium. 

Yield-point effects have been reported for polycrys- 
talline high-purity titanium alloys containing either 
carbon, nitrogen, or oxygen.” These effects were ob- 
served at testing temperatures in the range 100 to 
300°C. In addition yield-point and strain-aging effects 
have been reported for single crystals of titanium 
containing 0.1 wt pct C plus N.® These yield points 
were observed over a wide temperature range, but 
no room-temperature aging occurred. Aging at 180°C 
was required to cause the return of the yield point. 

The magnitude of the yield phenomena in titanium 
containing interstitials is not expected to be as large 
as is observed in bcc metals because of several fac- 
tors. Titanium has a very high chemical affinity for 
oxygen and nitrogen. The thermodynamic stability 
of solutions of oxygen or nitrogen in titanium is 
recognized. Lattice parameter measurements of 
titanium containing carbon,® oxygen,’® or nitrogen" 
show that the “c” parameter is expanded more than 
the “a” parameter, but that up to about 2 wt pct this 
results in an insignificant change of the axial ratio 
“c/a.” Ehrlich” has shown that the sites occupied 
by interstitial atoms in titanium are spherically 
symmetrical and therefore a lattice expansion, at a 
constant c/a ratio, results in a simple dilation of the 
interstitial site. Such a dilation involving no shear 
has been shown to react only with edge components 
of dislocations.'* This causes only a weak pinning 
action. Shear stresses would be anticipated locally 
when only one of the two interstitial positions was 
occupied. The carbon atom will cause a symmetri- 
cal distortion of the lattice whereas the oxygen and 
nitrogen atoms have, in addition, the previously men- 
tioned chemical affinity of titanium for these elements. 
These factors will result in a considerably smaller 
reduction of free energy upon the association of in- 
terstitial atoms with dislocations, and therefore a 
much weaker pinning than has been observed for the 
bcc metals. 

These considerations would lead to the hypothesis 
that of the interstitial elements considered here car- 
bon would cause the strongest pinning effect in titani- 
um where the amount of interstitial in solution is 
constant. This hypothesis will be borne out in the 
analysis of the present results. 
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Table |. 

Wt Pct of A B Cc D 
Element (unalloyed) (Ti-C) (Ti-N) (Ti-O) 
€ 0.051 0.290 0.044 0.061 
N 0.002 0.003 0.200 0.002 
Oo 0.058 0.068 0.052 0.250 
H 0.0030 0.0045 0.0052 0.0049 
Fe 0.010 0.003 0.003 0.003 
Cr 0.003 0.001 0.001 0.001 
Mg 0.002 0.001 0.001 0.001 
Na <0.010 <0.010 <0.010 <0.010 
Mn 0.02 0.02 0.02 0.02 
Cu 0.002 0.002 0.002 0.002 
Al 0.007 0.003 0.001 <0.001 
Vv 0.005 0.005 0.005 0.005 
Ni 0.004 0.002 0.001 0.001 
Sn 0.0003 0.0003 0.0003 0.0003 
W 0.08 0.3 1.0 1.0 
Mo 0.005 0.002 0.0005 0.0005 
Co 0.0002 nil nil nil 
Si (est.) <0.02 <0.02 <0.02 <0.02 
Cl (est.) <0.02 <0.02 <0.02 <0.02 


Dittmar et al.,'* have presented room-temperature 
data showing the effects of 0.2 pct C, 0.2-pct O,, or 
0.07-pct N, on the fatigue properties of titanium, but 
unfortunately these data are too ill-defined to be ade- 
quate for any analysis. 

Berger, Hyler, and Jaffee,'® have studied the effect 
of hydrogen on the fatigue properties of titanium 
(A-55) and a Ti-8Mn alloy. When the S-N curves (for 
18 and 390 ppm H) are compared, it can be seen that 
with increased hydrogen concentration the character 
of the plot changes from one showing a monotonic in- 
crease in life with decreased stress to one witha 
reasonably abrupt transition (or a knee). The same 
is true for the Ti-Mn alloy. The authors are unable 
to account for the increase in the unnotched fatigue 
limit of A-55 titanium since the hydrogen does not 
affect the tensile strength. They indicate that it is 
possible that the specimen temperature may be as 
high as 150°C internally, causing the dissolution of 
hydrides with an accompanying strength increase. 

It is believed, however, that the increase in the 
fatigue limit of titanium and the change in the shape 
of the S-N curve may, at least in part, be attributed 
to strain aging effects. In the Ti-Mn alloy the in- 
crease in the fatigue limit when hydrogen was added 
was almost twice the increase in tensile strength; 
here again strain-aging effects may be responsible. 


MATERIALS AND EXPERIMENTAL PROCEDURE 


The basic material used in this investigation was 
electrolytic titanium supplied through the courtesy 
of the U. S. Bureau of Mines at Boulder City, Nev. 
Two lots of this material were received; one lot 
showed an average hardness of BHN 64, the other 
BHN 74 (3000 kg). The softer lot of material was 
used to produce the unalloyed titanium used in this 
investigation. Melting and fabricating was accom- 
plished at the Battelle Memorial Institute. 

A nominal analysis of 0.75 at. pct impurity was 
chosen for each of the three alloys to be produced. 
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This value was chosen to be a minimum of five times 
the expected level of these elements in the purer ti- 
tanium and would provide approximately eight times 
the number of impurity atoms required to saturate 
the dislocations produced during fatigue action (10' 
per sq cm). 

Appropriate master alloys were made, crushed, 
analyzed, and blended with the remainder of the pure 
titanium. The alloys were double melted under vac- 
uum. The ingots were cleaned up and then hot forged 
in air into rod. The rod was annealed, machined to 
clean up, and then swaged from 1350°F to 0.446 in. 
(The pure Ti was swaged at room temperature). 

Specimens were rough machined from the swaged 
bar stock and then vacuum annealed at 1300°F (1375°F 
for the unalloyed) to remove all distortion and produce 
an average grain size of ASTM 5.5 (4.5 in the Ti-O 
alloy). After heat treatment the specimens were fin- 
ish machined and the gage length longitudinally pol- 
ished. A complete spectrographic analysis was ob- 
tained using the center 0.250 in. of several samples 
of each composition. Oxygen and hydrogen were de- 
termined using vacuum-fusion techniques, nitrogen 
by the Kjeldahl method, and carbon volumetrically. 
The final analyses of these alloys are shown in Table 
I. The unexpected tungsten content is thought to be 
contamination from the tungsten electrode furnace that 
was used to prepare the master alloys. 

It will be shown below that if this amount of tung- 
sten is really present in these alloys it has not no- 
ticeably affected the hardness and tensile properties 
of these materials. The final analysis shows that 
the original analysis was maintained or bettered for 
all the elements except N,, O,, and C, and this is to 
be anticipated. 

The room-temperature hardness and tensile pro- 
perties of these materials are given in Table II. The 
tensile properties were determined on standard 
0.250-in. diam specimens using a non-averaging ex- 
tensometer and an X-Y recorder. The strain rates 
used were 0.02 per min to 2 pct strain and 0.05 per 
min thereafter. The results presented are the aver- 
age of two tensile specimens, where the specimen 
to specimen variation was no more than +2000 psi at 
ultimate, +1000 psi at yield. The hardness data are 
averaged over twenty readings on five specimens; 
the variation in all cases being no more than +10 
DPH. The materials tested all showed considerable 
creep at room temperature, i.e., when loading was 
stopped at approximately 0.2 pct strain the X-Y re- 
corder showed a considerable extension (0.1 to 0.2 
pct) accompanying a greater than norma! load de- 
crease. For this reason it was impossible to deter- 
mine valid elastic moduli in these tests. None of the 
materials showed an upper yield point or any meas- 
urable strain-aging effects when aged for 15 min at 
room temperature after a strain of 0.2 pct. The ten- 
sile specimens of the unalloyed material exhibited 
partial cup and cone fractures with generally smooth 
centers, while the alloyed specimens all possessed 
irregular, fibrous fractures, with scattered evidence 
of transgranular failure. 
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Table Il. Property 


Ultimate Tensile 
Strength; psi 


Yield Stress 


Material @ 0.2 Pct; psi 


Elongation 
in 1 in.; Pct 


Fracture 
Stress; psi 


Reduction of 
Area; Pct 


A 
(unalloyed) 
B 
(Ti-C) 

Cc 
(Ti-N) 

D 
(Ti-O) 


21,175 42,600 


44,100 61,150 
85,750 100,000 


57,200 78,200 


70 84 


45 56 


30 47 


150,000 


101,000 


34 52 155,000 


114,000 


It should be noted that the static mechanical prop- 

erties of these materials compare favorably with 

* similar materials that have been studied in the past, 
t.e., the alloys generally show a tensile strength 5 to 
20,000 psi lower than what had previously been con- 
sidered as representative values.’»'® This is indica- 
tive of the success of the melting and fabricating pro- 
cedures and of the purity of the raw material. 

Metallographic examination of several speciriens 
of each material indicated very few inclusions and/or 
voids. Titanium hydride was visible in all the materi- 
als mainly as a uniform distribution of platelets in a 
Widmanstatten pattern. Only the Ti-C alloy showed 
evidence of a precipitate, and that was dispersed as a 
reasonable distribution of small particles. No photo- 
micrographs are shown since the alloys showed noth- 
ing new or interesting. 

All the fatigue tests reported here were run at 
room temperature in a 300 kg or a 2000 kg Schenck 
pulsator in completely reversed axial tension-com- 
pression. The specimens used were the standard 
Schenck type cylindrical specimen with dumbell 
ends and a straight gage section 0.100 in. in diam. 
The grain size of the specimens was such that there 
were approximately 40 to 45 grains across the spe- 
cimen diameter. The error in stress measurement 
is of the order of +2 pct. The tests were programmed 
to define the fatigue limit and the fatigue-limit knee 
as well as possible. Lesser effort was expended 
toward the definition of the finite life-failure curves. 


EXPERIMENTAL RESULTS AND DISCUSSION 


The room-temperature fatigue data gathered in 
this investigation are presented in Table III and Fig. 
1. From these data it may be seen at once that the 
slopes of the S-N curves are a strong function of the 
interstitial alloying element. It may also be seen 
that the fatigue limit to ultimate stress ratio for 
these very pure alloys is very nearly one half, in 
contrast to the much higher values that have been 
reported for these same alloys when larger quanti- 
ties of impurities are present. The ratio of 0.35 for 
the unalloyed titanium is also what might be expected 
for an annealed ‘pure” metal. 

It should also be noted that even the “pure” metal 
used here contains sufficient impurities to show a 
fatigue limit, even though the knee of the curve has 
been considerably displaced to the right, indicative of 
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reduced strain-aging strength. Reruns* of two runout 


*In order to avoid the use of a connecting line in Fig. 1 between the 
indication of a runout specimen and the point where that specimen frac- 
tured on retesting at a higher stress, the following notations are used. 
Runout specimens that were retested are indicated by one or more as- 
terisks. The point of failure of the retested specimen is identified by a 
number of asterisks which corresponds to the number of asterisks as- 
signed to the runout specimen, It is notable that the runout identified 
by two asterisks in Fig. 1b was then run to 10’ cycles at 35,500 and 
37,600 psi before a failure was obtained at 40,500 psi. 


specimens are shown on this curve; they are seen to 
have broken very near the virgin curve, again indica- 
tive of a weak strain aging effect. 

Reruns at higher stresses shown on the carbon and 
oxygen alloy curves indicate a reasonable strength- 
ening with time; the carbon alloy, however, shows 
the stronger effect of the two. 

The knee of the nitrogen alloy curve is the least 
well defined one of the four. Specimens tested in the 
range 43 to 48,000 psi are seen to have failed ran- 
domly between 8 x 10* and 3 x 10” cycles. When no 
runouts were obtained, the input voltage to the machine 
was checked and found to vary considerably with time. 
When this was corrected and the machine alignment 
checked, specimens tested in this region did not fail. 
Reruns of the runout specimens at higher stresses 
are seen to fail very near the virgin S-N curve. This 
result, while not unequivocal, was wholly unexpected. 
A tentative explanation of this result will be given 
later in the paper. It should be noted, however, that 
the finite portion of the S-N curve indicates that the 
fatigue limit knee will be at less than 10° cycles. 

A further analysis of these data is possible but 
is dependent on the development of a more complete 


Table Ill. 


A B Cc 


Property (unalloyed) (Ti-C) (Ti-N) 


Fatigue 
Limit; Ksi 
Fatigue Strength 
@N = 2x 10° 
Fatigue Strength 
@N=1-x 105 Ksi 
Fatigue Strength 
@N=5-x 10 Ksi 
Fatigue Strength 
@N = 2x 10 Ksi 
Fatigue Limit 


14.8 32 47 
17-3 32 47 
18.3 35 47 
19.9 39.3 50 


23.2 44.1 56 51.4 


0.47 0.50 
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Fig. 1—S-N curves for (@) pure titanium, (b) for Ti-C alloy, (c) for Ti-O alloy, and (d) for Ti-N alloy. 


picture of the fatigue process. To do this it must be 
assumed that the fatigue behavior of these materials 
is the resultant of at least three processes. The 
first of these is damage; proceeding with time,'” 
certainly stress dependent,'’ and describable in 
terms of the loss of (tensile?) strength of the mate- 
rial assuming no strain aging. Such a process is 
schematically illustrated as Curve A of Fig. 2. The 


uTts}| - A ---- DAMAGE 
HARDENING 
STRAIN AGING 
© C t+ ++ STRENGTH 
+ D © O© RESULTANT 
+ 
+ 
+ 
2 + 
| GN 
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Fig. 2—Schematic fatigue process curves. 
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fracture photographs of Lipsitt ef al.'* clearly show 
that the damage to fracture is a strong function of 
the applied stress; z.e., more crack propagation can 
be tolerated at lower stresses. It has also been 
shown!" that such a damage curve is of the same 
general shape as a “non-ferrous” S-N curve. The 
use of such a curve implies, as well, the assumption 
of some lower limiting stress below which fatigue 
failure will not occur ina non-strain aging material. 
The second process which plays a role is strain 
hardening; to a strength equivalent to the applied 
stress,'® occurring within a relatively few cycles,’® 
and changing with time only once a crack has begun, 
with this change limited to the region immediately 
ahead of the advancing crack. The time-independent 
portion of this curve exists only along the ordinate 
but is shown here spread along the time axis to indi- 
cate the succession of stresses (and strengths 
achieved) used in determining an S-N curve. Sucha 
curve, then, will have a form similar to that of a sta- 
tic stress-strain curve, but flattened because of the 
small time dependence of this curve in contrast to 
the assumed zero time dependence of the static 
curve. An example of this behavior is shown as 
Curve Bin Fig. 2. The slight time-dependent nature 
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of this curve is necessary to the creation of a zone 
immediately ahead of the crack, where, not only is 
the strain hardening increased over the nominal value, 
but the strength of the strain aging is, as well, in- 
creased. This last process will be discussed below. 
It may be seen that several other variables affect the 
nature of this curve; iz.e., the yield strength or elastic 
limit as determined by the type and amount of solute 
atom involved, and the ultimate strength as deter- 
mined by the yield strength and the average work- 
hardening rate. Curves A and B when summed should 
describe the fatigue process in a nonstrain aging 
material. 

In materials that strain age, a third process is 
superimposed on the two described above. This oc- 
currence of strain aging is not expected to be a 
strong function of stress above a threshold value of 
stress. The amount of strain aging, however, will 
be dependent on the quantity of dislocations produced 
in the region ahead of an advancing crack, and the 
rate of diffusion of the pinning atoms. The strength 
of this process will be dependent on the strength of 
the individual atom-dislocation complex and the num- 
ber of available pinning atoms. In summation, the 
strain-aging effect important here will be a func- 
tion of several variables; i.e., strain, temperature, 
the depth of the energy well that the pinned atom is 
in (or the atoms involved), and the number of atoms 
available for pinning. The diffusion rate enters here 
also, but this is further complicated by the fact that 
intersecting dislocations in the region ahead of the 
crack produce a higher than normal vacancy concen- 
tration in this region resulting in high-diffusion ve- 
locities.2° Curve C of Fig. 2 describes this process. 
It is believed that the interwoven processes of strain 
hardening and strain aging occurring most intensely 
ahead of the crack are responsible for stopping 
crack propagation. The point of this success is the 
fatigue-limit knee and is expected to be a strongly 
statistical function. It is also to be expected that 
strain aging must essentially maintain pace with the 
damage and therefore will play a role throughout 
fatigue life. 

The resultant curve of Fig. 2 shows two lines at 
lives greater than at the knee. The lower curve re- 
flects the ordinary way in which fatigue tests are 
conducted. The upper curve indicates the time in- 
crease in strain-aging strength. This then, provides 
us with additional understanding of understressing 
and coaxing effects. 

The analysis of the data gathered in this investiga- 
tion can most easily be performed if the properties 
of the “pure” metal are assumed to be unity. The 
pertinent properties shown in Table II and III have 
thus been normalized in Table IV. It can be seen that 
at any finite fatigue life the ratios for a given mate- 
rial are reasonably constant, though greater than the 
static strength ratios. The fatigue-limit ratio for a 
material is also seen to be greater than the (nearly) 
constant finite-life ratios. 

That the finite-life ratios for a material are greater 
than the static ratios may be taken as an indication 
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Table IV. 
A B Cc D 

Property (unalloyed) (Ti-C) (Ti-N) (Ti-O) 
Tensile Strength 1 1.43 2.05 1.83 
Fatigue Limit 1 2.16 S517 2.64 

Fatigue Strength 
@N=2x 10° 1 2.40 
@N=1-x 10° 1 1.91 ~ 2.38 
@N=5~x 10‘ 1 1.97 2:51 2.38 
@N=2x 10‘ 1 1.90 2.41 2.21 


of the time-dependent strengthening, strain aging. 
That these ratios are nearly constant for a given 
material is believed to be indicative of the stress 
independence of the strain aging reaction. The in- 
finite-life ratios are greater than the finite-life 

ratios which perhaps indicates that while strain ag- 
ing is occurring all throughout the fatigue life it is 
only at the fatigue limit that this time-dependent 
strengthening becomes great enough to offset the dam- 
age completely. 

Before completing this analysis it is necessary to 
introduce a few more concepts. Reference to Fig. 1 
will assist in visualizing this analysis. The slope of 
the S-N curve at the knee is the rate of change of life 
at a given stress. The life, however, is determined 
by the relative balance of the three factors previously 
described. It must be remembered that the slope of 
a “non-ferrous” S-N curve becomes flatter as the 
stress is decreased and life increases. Thus, in the 
absence of strain aging the S-N curve approaches a 
natural elastic limit. When strain aging occurs and 
stops crack propagation it is obvious that a strong 
strain-aging alloy will “catch up to” the finite-failure 
curve at a higher stress. Thus, at the knee of the 
S-N curve for a strong strain-aging alloy the slope 
of the curve will be greater and the knee will be at a 
shorter life than will be the case for a weakly -aging 
alloy. A calculation shows that the slopes at the knee 
of the S-N curves of the oxygen and carbon alloys are 
respectively 25 and 76 times the slope, of the curve 
for the unalloyed titanium. The slope of the nitrogen- 
alloy curve is approximately 480 times that of the 
base curve. 

These slopes, and likewise the knee positions, indi- 
cate that overall strain-aging propensity is increased 
(in titanium containing similar amounts of either car- 
bon, nitrogen, or oxygen) by oxygen, carbon, and ni- 
trogen, respectively. The relationship between car- 
bon and nitrogen is not clear, however, because all 
of the carbon atoms are not in solution. The solid 
solubility of carbon in titanium is not known at room 
temperature. It is about 0.1 wt pct at 600°C and would 
be expected to be very small at room temperature. It 
may be inferred, then, that the per-atom aging strength 
of carbon is perhaps greater than that of nitrogen. 
Research on very dilute alloys of nitrogen or carbon 
with titanium would help to answer this question. 

Another method may also be used to visualize the 
relative magnitudes of the strain-aging effect. This 
method is based on the assumptions that the main 
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effect of solid-solution strengthening is to shift the 
S-N curve horizontally to the right, that without 
strain aging each S-N curve would continue below 
the fatigue-limit stress, and that the curve would 
eventually approach an asymptote. Thus, extrapola- 
tion of the four S-N curves to a common life of 10” 
cycles gives an approximate value of the stress at 
that life if strain aging did not obtain. The differ- 
ence in stress between the fatigue limit and the ex- 
trapolated curve is an indication of the magnitude 
of the strain-aging effect. It can be seen that the 
contribution of strain aging at 10’ cycles is of the 
order of 1000 psi for the pure titanium, 6000 psi for 
the Ti-O alloy, 11,000 psi for the Ti-C alloy, and 
17,000 psi for the Ti-N alloy. 

It is now possible to understand the fact that re- 
runs of runout specimens of the Ti-N alloy apparently 
did not exhibit any strain-aging effect; i.e., they 
failed very near the virgin S-N curve. It is believed 
that this may be the indication of a very strongly ag- 
ing material, so strong that any cracks formed by 


cycling below the fatigue limit are irrevocably pinned. 


Upon retesting such a specimen at a higher stress 
these cracks must remain pinned and new ones form, 
resulting in the observed failures along the virgin 
curve. 


SUMMARY 


Room-temperature data detailing the effects of 
carbon, nitrogen, and oxygen on the fatigue behavior 
of titanium have been presented. It has been shown 


that in the present alloys an increasing overall strain- 


aging effect in fatigue may be expected from the addi- 
tion of oxygen, carbon, and nitrogen, respectively. 
These data have been analyzed in the light of a previ- 
ously published theory and are seen to substantiate 
that theory. In addition, a detailed description of the 
several interrelated mechanisms responsible for the 


fatigue behavior of metals and alloys has been given. 
It is believed that this description, if adequate, shows 
several reasons why the fatigue behavior of alloys 
has been difficult to comprehend. 
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of Thorium by Calcium 
David T. Peterson 


Calcium metal was found to deoxidize thorium at 
1000° to 1200°C. The reaction kinetics were deter- 
mined and related to the diffusion coefficients of oxy- 
gen in thorium. The solubility of oxygen in thorium, 
the minimum oxygen concentration, and the diffusion 
coefficient were determined from 1000° to 1200°C. 
This process results in the lowest oxygen concentra- 
tions which have been reported for thorium metal. 


For many years it has been known that calcium 
metal will reduce thorium oxide to thorium metal. 
This reaction has been the basis for several methods 
of preparing thorium metal. From the equations giv- 
by Kubaschewski and Evans,’ AF° for the reaction 
Cag) + + Thos) was calculated and 
found to be -3.4 kcal at 1000°C, -2.5 kcal at 1100°C, 
and -2.0 kcal at 1200°C. Thorium is very slightly 
soluble in liquid calcium, and the solubility of calci- 
um in solid thorium is very low. Consequently these 
metals would be in essentially their reference states. 
If thorium containing oxygen were equilibrated with 
liquid calcium between 1000° and 1200°C, the oxygen 
content of the thorium would have to be below the sol- 
ubility limit in thorium. Oxygen is one of the impuri- 
ties most difficult to remove from thorium and is the 
most abundant impurity in metal prepared by almost 
all known methods. Fortunately, oxygen does not have 
a large influence on the properties of thorium be- 


cause the solubility in solid thorium is very low. Even 


in thorium containing 100 ppm of O, particles of tho- 
rium oxide can be observed in the microstructure. 

In view of the incompatibility of thorium oxide and 
liquid calcium and the low solubility of thorium oxide 
in thorium, the deoxidation of thorium by this method 
was investigated. 

For thorium containing an amount of oxygen well 
in excess of the solubility limit, the reaction should 
proceed in the following sequence. The oxygen con- 
tent of the thorium matrix near the surface would be 
depleted by the diffusion of oxygen to the surface. At 
the surface, the oxygen would react with calcium to 
form calcium oxide. To maintain equilibrium within 
the thorium, thorium oxide would dissolve to keep the 
matrix saturated. Consequently, the thorium-oxide 
particles would disappear first at the surface and 
then the particle-free rim would grow in thickness. 
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Atomic Research, lowa State University, Ames, lowa. Work 
was performed in the Ames Laboratory of the U.S. Atomic 
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Thermodynamics and Kinetics of the Deoxidation 


If the rate-controlling step were the diffusion of oxy - 
gen through this layer of thorium which was growing 
in thickness in direct proportion to the amount of oxy- 
gen removed, the well known parabolic time law 
should be observed. If the oxygen concentration at 

the surface of the thorium and at the inner surface 

of the deoxidized rim were known, the diffusion coef- 
ficient of oxygen in thorium could be calculated from 
the parabolic rate constant. 


EXPERIMENTAL PROCEDURE 


The thorium metal used in this study was prepared 
by calcium reduction of ThF, by the method described 
by Wilhelm.” The analysis of this metal is given in 
Table I. The carbon was determined by combustion, 
the oxygen by the HCl-insoluble residue method, ni- 
trogen by the Kjeldahl method, and the other ele- 
ments by emission spectroscopy. A section of this 
ingot was hot rolled at 600°C to 1/4 and 1/8-in. thick 
plates. Specimens approximately 7/8 in. square were 
cut from these plates, and all surfaces of the speci- 
mens were cleaned and smoothed by filing with a 
clean file. Individual specimens were placed in 1-in. 
diam by 2-in.-long tantalum capsules. Approximately 
1g of clean, high-purity calcium was placed in 
the capsules and an end closure arc-welded in place. 
The tantalum capsules were sealed in Inconel cruci- 
bles to protect the reactive metals from oxidation. 
The entire loading procedure was done in a glove box 
filled with pure argon. The loaded crucibles were 
placed in a muffle furnace, controlled within 2°C 
of the desired temperature, for a measured length of 
time. 

After the specimen had cooled to room tempera- 
ture, it was sectioned perpendicular to the large faces 
and through the mid-point of two of the sides. The 
sectioned specimen was mounted and polished through 
Linde A abrasive. The rim which was free of thori- 
um-oxide particles could be clearly observed micro- 
scopically as mechanically polished. Twenty meas- 
urements of the thickness of the rim were made at 
equally spaced points far enough from the end of the 


Table |. Analysis of Thorium Billet Used in This Study 


Element Content, ppm Element Content, ppm 
Oo 1300 Cr 20 
Cc 410 Al 40 
N 70 Ca 50 
Fe 130 Mg 20 
Ni 20 Si 55 
Mn 20 Be 170 
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Fig. 1—Rate of growth of the particle-free rim in the deox- 
idation of thorium. 


section so that diffusion to only one surface was in- 
volved. These measurements were made by using the 
micrometer adjustment on the stage of a Kentron 
hardness tester. 

At each temperature, one thorium sample 1/8 in. 
thick was treated for a time much longer than re- 
quired to remove all of the oxide particles. This spe- 
cimen was thus deoxidized so that the concentration 
of oxygen was the concentration in equilibrium with 
calcium and calcium oxide. A portion of this speci- 
men was taken for oxygen analysis. The remainder 
was packed in pure calcined (900°C) thorium oxide in 
a tantalum capsule, sealed in an Inconel crucible, 
and heated for a time equal to the deoxidation time. 
The oxygen content of these specimens should be the 
solubility limits of thorium oxide in thorium. The 
oxygen content of the thorium samples was deter- 
mined by vacuum-fusion analysis at 1900°C using a 
platinum bath. 


RESULTS AND DISCUSSION 


The deoxidation of thorium was found to proceed by 
the disappearance of the thorium-oxide particles in 
a rim at the surfaces which were exposed to calcium 
vapor. The thickness of this particle-free rim in- 
creased with time according to a parabolic time law 
at all the temperatures investigated. The experimen- 
tal data, shown in Fig. 1, at each temperature fall 
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Table Il. Solubility and Equilibrium Deoxidation Concentration 
of Oxygen in Thorium 


Temperature Solubility Limit Equilibrium Concentration 
1000°C 35 ppm 16 ppm 
1100°C 52 ppm 26 ppm 
1200°C 90 ppm 72 ppm 


very close to straight lines. The slope of these lines “Weis 


increases with increasing temperature. To verify 

that the rate-controlling step was diffusion of oxygen 

through the thorium and not diffusion of calcium 

through the layer of calcium oxide on the surface, the 

calcium oxide layer was removed from several sam- 

ples after a period of deoxidation treatment, the 

thickness of the deoxidized rim was measured and 

the deoxidation treatment was continued for a like pe- 

riod of time. The removal of the calcium-oxide layer 

had no effect on the kinetics of the reaction and both 
rim-thickness measurements from these interrupted 

runs fell on the line when the time was taken as the 

total time of treatment. The activity of calcium in 

the gas phase was equal to that of liquid calcium at 

each temperature so there would be no difference in 

the equilibrium oxygen concentration between sam- 

ples which were contacted by liquid calcium or the 

saturated vapor. However, the kinetics of the reac- 

tion could be influenced if the gas phase at the thori- 

um surface were not constantly saturated with calci- 

um vapor. This condition could arise if the rate of 
reaction at the surface were appreciable compared to E 
the rate of diffusion of calcium through the gas phase ki 
to the thorium surface. A number of specimens were 
equilibrated with the lower portion in contact with 
liquid calcium and the upper portion in contact with 
the gas phase. In no case was a measurable differ - 
ence between the rim thickness of the upper and 
lower portions found. 

The concentration of oxygen in thorium in equili- 
brium with liquid calcium and solid calcium oxide at 
each temperature is given in Table II. As expected, 
these concentrations decrease with decreasing tem- 
perature due to the decrease in solubility of thorium 
oxide in thorium at lower temperatures and to the 
larger AF° at lower temperatures. The oxygen con- 
tents in the samples equilibrated with thorium oxide 
are also given in Table II and are plotted against re- = 
ciprocal absolute temperature in Fig. 2. These val- 
ues confirm the conclusion drawn from metallographic 
observation of crystal bar thorium that the solubility 
limits in this temperature range were below 100 ppm. 

The average diffusion coefficient of oxygen in tho- 
rium metal can be calculated from the parabolic re- 
action-rate constant, the initial oxygen content of the 
thorium, and the oxygen concentration gradient 
across the particle-free rim. The flux of oxygen 
across the thorium surface is -K dx/dt if the small 
amount of oxygen in solid solution is disregarded. 

K is the initial oxygen concentration in the metal and 
dx /dt is the rate of growth of the rim. The parabolic 
rate law for the growth of the particle-free rim is 
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Fig. 2—Log D and log solubility for oxygen in thorium 
vs reciprocal temperature. 


x = kt'/? where k is a constant at each temperature. 
If the gradient is constant across the rim, (8c/ax) = 
(C; - C,/x) = SC/x at any given time. C, is the oxy- 
gen concentration at the surface and was assumed to 
be the concentration in equilibrium with liquid calci- 
um and solid calcium oxide. C; is the oxygen concen- 
tration at the inner boundary of the particle-free 
rim and was taken as the solid solubility of oxygen 
in thorium. Then from Fick’s First Law, K dx/dt = 
DAC/x. Substituting for x and its derivative gives 
the result that D = Kk?/2AC. 

The parabolic reaction-rate constant, k, depends 
on the oxygen content of the metal as well as the 
temperature and consequently is not a generally sig- 
nificant quantity. The diffusion coefficients were cal- 
culated at each temperature from the average para- 
bolic-reaction-rate constants and the data in Table 
II. The initial oxygen content of the thorium was de- 
termined by vacuum fusion to be 1291 ppm as com- 
pared to 1300 ppm by the insoluble residue method. 
The vacuum-fusion value was used to calculate the 
diffusion coefficients. The results are shown in Fig. 
2 as a plot of the logarithm of the diffusion coeffi- 
cients against reciprocal absolute temperature. That 
the points are almost precisely on a straight line 
must be partly fortuitous because the oxygen gradi- 
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ent, which is the difference of two vacuum-fusion 
analyses, is undoubtedly subject to an uncertainty of 
10 pct. The activation energy for diffusion of oxygen 
in thorium calculated from the slope of this line is 
49 kcal and the value of D, is 1.3 x 10? sq cm per 
sec. 

The thorium samples were analyzed for calcium, 
nitrogen, and carbon after the deoxidation treatment. 
The calcium content was found to be the same after 
deoxidation as in the initial metal. The carbon and 
nitrogen contents were unchanged in some samples 
and increased in others. The calcium metal contained 
about 100 ppm Ni and 200 ppm C. As these solutes 
were not removed from the thorium, they would be 
transferred to the thorium from the liquid calcium 
but not from calcium vapor because calcium carbide 
and nitride are not volatile at these temperatures. If 
the thorium were contacted only by the sacurated cal- 
cium vapor, no change in the carbon or nitrogen con- 
tents of the thorium would occur. Deoxidation had a 
negligible effect on the hardness of the thorium. The 
hardness of the particle-free rim was the same as the 
remainder of the specimen in all cases. The speci- 
mens which had been heated to 1100° or 1200°C and 
air cooled were slightly harder than the initial metal. 
Hardening of thorium metal of this purity by rapid 
cooling from elevated temperatures has been reported 
by Mickelson and Peterson® and tentatively explained 
as being the result of nitrogen which was dissolved 
at the higher temperature and retained in solution. 
Specimens which had absorbed carbon from the liq- 
uid calcium were of course hardened by the increased 
carbon content. 

This method of deoxidation is capable of lowering 
the oxygen content of thorium to 16 ppm or below, 
without changing the purity with regard to other ele- 
ments. Extrapolation of the results to lower temper - 
atrues indicates that oxygen contents as low as 5 ppm 
could be achieved at 800°C. The metal to be treated 
can be in any convenient form such as rod or sheet 
which does not have an excessive section thickness. 
Deoxidation of powder or sponge would be hindered 
by the increased difficulty in removing the calcium 
oxide which was formed. Thorium of almost any oxy- 
gen content could be treated by this method but the 
time necessary for deoxidations increases with in- 
creasing initial oxygen content. 
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Metal Deposition Coefficients in Filament Bundles 


J. H. Oxley, J. E. Oberle, C. E. Dryden, and G. H. Kesler 


Heat-transfer rates were measured in a model of 
a multifilament vapor-deposition bulb for the prepar- 
ation of high-purity metals. Local transfer coeffi- 
cients for heat transfer from the filaments to the 
circulating process stream were determined as a 
function of gas flow rates and bulb, inlet, and fila- 
ment, geometries. These results are then converted 
to a mass-transfer basis to provide a method of cor- 
relating vapor-deposition vates and to predict the 
performance of commercial units. 

The final correlating equation for mass transfer 
was found to be: 


_DeP_ , 9.0620 k 
g 


Dp 1.38 SB 0.53 
Dg (22) + 


where k, is the mass-transfer coefficient; D, is the 
gas diffusivity; P is the system pressure; R is the 
gas constant; T ts the gas temperature; Dr, Dg, and 
D; are the diameters of the filament, bulb, and inlet, 
respectively; k is the gas conductivity; C, is the 
specific heat of the gas, M is the molecular weight 
of the gas; Np,, Ns., Nr, ave the Prandtl, Schmidt, 
and Reynolds numbers of the system, respectively; 
Lp ts the height of the bulb; and Sp and Sf are the 
total surface area of the bulb and filaments, respec- 
tively. 


(N Pr )(N Dp 


One of the more conventional methods of prepar- 
ing very high-purity metals is the vapor deposition 
of the metal upon heated filaments. The reactions 

_which can be employed in such a process generally 
fall into two classes: 

1) Pyrolysis of a volatile metal compound. Gene- 
rally because of their instabilities, metal iodides 
are used; however, other metal halides and hydrides 
have been employed. These processes are frequently 
carried out under vacuum conditions, and the fila- 
ments are maintained at high temperatures. 

2) Hydrogen reduction of a volatile metal com- 
pound. A metal chloride is normally the preferred 
feed for these processes, but other halides are some- 
times used under special conditions. These hydro- 
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gen-reduction processes are usually operated at at- 
mospheric pressure. 

Many of the current processes for the production 
of semiconductor materials are actually vapor- 
deposition processes. However, the vapor -deposition 
process itself is relatively old, and almost all metals 
can be prepared in a state of very high purity by the 
use of vapor-deposition techniques. Loonam has 
recently given an excellent review of the iodide 
process for metal deposition,’ and Owen has started 
some detailed studies with a carbonyl system.” A 
more general treatment of all vapor-deposition proc- 
esses has been outlined by Powell, Campbell, and 
Gonser.® 

Despite the fact that vapor-deposition techniques 
have been employed since 1890, there is a surprising 
lack of fundamental information regarding the trans- 
port characteristics of even the simplest deposition 
system, the heated filament. The purpose of the in- 
vestigation described in this paper was to extend 
some of the earlier data obtained at Battelle to pre- 
dict deposition rates and the uniformity of deposition 
in large-diameter, multifilament deposition bulbs 
under forced convection conditions.*> A number of 
other investigators have already presented a sim- 
plified treatment of the deposition process under non- 
flow conditions, i.e., pure diffusion.*~® 

To obtain information on the transport character - 
istics of a deposition bulb, a model of a typical plant 
deposition unit was constructed, and local heat-trans- 
fer coefficients from the filaments to a circulating 
air stream were determined under various conditions 
of air-flow rates and bulb, inlet, and filament geom- 
etries. These results were then converted to a mass- 
transfer basis, and consequently provided a method 
to correlate experimental vapor -deposition rates 
and to design commercial deposition units. 


EXPERIMENTAL WORK 


Description of Model. The apparatus which was 
used in this work was a scaled model of one type of 
deposition bulb. It was constructed of Lucite and 
was easily altered to give several combinations of 
diameter of bulb liner, inlet size and location, num- 
ber of filaments, and outlet geometry. The model 
is shown in Figs.1 and 2. The bulb shell was made 
octagonal for convenience in construction and obser- 
vation, and the bulb liners were cylindrical. Air, 
introduced through one of several different jet inlets, 
was used as the test fluid in these model studies. 

Filaments for deposition of metal were simulated 
by metal rods 1/4-in. in diam. Two of the rods could 
be heated by passing electrical current through them 


‘while the remaining rods could not be heated. This 


procedure minimized the amount of heat which was 


VOLUME 221, OCTOBER 1961-927 


| 


— 


3 


Bulb woll 


= 


“100 


_— Bulb liner 


|__| Removable 
ju internal 
fle 


153° Outlet orifice 
PT - Pressure taps Outlet baffle 


Fig. 1—Details of deposition-bulb model. 


added to the test fluid, thereby essentially eliminat- 
ing the problem of determining a bulk average gas 

temperature. This problem becomes a rather seri- 
ous difficulty when there is an appreciable tempera- 


ture rise in the coolant air. These “dummy” filaments 


were constructed of aluminum and were 15-1/2-in. 
long. They were anchored in the head of the model 
and were connected in pairs by wires secured to 
their free ends. The heated element was constructed 
from two hollow steel rods, 13-1/4-in. long, and were 
connected at the bottom by a brass bar to make elec- 
trical contact between the two rods and to give the 
filament the conventional “U” shape. The heated 


Brass connector to inner electrode 


Brass connector to outer electrode— 


Thermocouple lead wires = 


0.252" iron tubing 


Fig. 3—Details of heat-transfer rods. 


928-VOLUME 221, OCTOBER 1961 


Fig. 2—Plan view showing filament locations at which trans- 
fer coefficients were obtained. 


element was the same one which was used in model 
studies made in conjunction with previous operation 
of a smaller deposition bulb* and is shown in Fig. 3. 
Three thermocouple junctions were provided in each 
arm of the filament “U” so that a total of six local 
wall temperatures could be measured at the surface 
of the heated element. 

Electrical power was supplied to the heated filament 
from suitable step-down transformers. The voltage 
and current were measured with a voltmeter and an 
ammeter of appropriate scale ranges. Voltage con- 
nections were made at the filament connectors so that 
voltage drops in the supply lines would not be included 
in the measured voltages. 

Three different liners were used to obtain different 
diameter -to-length ratios. These liners were 15.5, 
11.0, and 8.0 in. in diameter. 

Provision was made to change the position of the 
feed inlet. Six inlet positions were used and the ef- 
fect of internal baffling on two of these inlet geom- 
etries was determined. The six inlets which were 
used were: 

1) Top Radial Inlet. This inlet was directed along 
a bulb diameter and was located 2 in. below the top 
of the bulb. It extended about 1/2 in. into the bulb 
within the liner. 

2) Bottom radial Inlet. This inlet was also directed 
along a diameter of the bulb, but it was located 5 in. 
above the bottom of the bulb. An internal curved 
baffle, shown by dotted lines in Fig. 1, was used dur- 
ing one test of this inlet. 
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3) Extreme Bottom Radial Inlet. This inlet was so 
arranged that the jet of air was directed radially into 
the bulb at a location 1 in. from the bottom of the 
bulb. This inlet extended about 1 in. into the bulb. 

4) Bottom Axial Inlet. The bottom axial inlet ex- 
tended just to the bottom of the bulb at the axis of the 
outlet orifice and the bulb, and it was directed upward 
along this axis. 

5) Top Axial Inlet. The top axial inlet was directed 
downward into the bulb through the top closure. It ex- 
tended along the bulb axis about 1/2 in. into the bulb. 


An internal baffle, 9 in. in diam and located 3 in. above 


the bottom outlet orifice upon six leg supports, was 
used during one set of measurements with the top 
axial inlet. 

6) Upward Circumferential Inlet. This inlet was 
introduced through the space provided for the bottom 
radial inlet and was terminated in a vertical section 
1 in. in length and directed upward at the wall of the 
bulb liner. 

The outlet orifices and baffles which were employed 
with the three different bulb liners had the following 
dimensions and spacings: 

1) Liner Having a Diameter of 15-1/2 In. Three 
different outlets were employed with the large bulb. 
The largest outlet was a circular orifice, 12.8 in. in 
diam, with a circular baffle 12.8 in. in diam placed 
1.5 in. below the orifice. The minimum cross-sec- 
tional area of the constricting outlet section was 60 
sq in. and provideda ratioof outlet area to bulb cross- 
sectional area of 0.32. A second orifice outlet which 
was used with this bulb was a circular orifice 9.0 in. 
in diam with a 9.0-in. circular baffle located 2.3 in. 


below the orifice. The ratio of outlet area to bulb area 


for this arrangement was 0.34. An open “egg-crate” 
outlet, consisting of an assemblage of parallel square 
ducts, 1.0-in. long and 0.25-in. wide, and formed 

by arranging properly cut cardboard into the egg- 
crate pattern, was placed in the 9.0-in. orifice dur- 
ing one set of experiments. The fraction of the out- 
let area which was occupied by the material from 
which the egg crate was constructed was negligible, 
and the outlet area ratio for the egg-crate baffle 
experiments also was 0.34. 

2) Liner Having an 11-In. Diameter. Only two 
different outlets were used with this liner. The 
first outlet used was essentially an unbaffled open 
outlet, 10.5 in. in diam, and it provided an outlet 
area ratio of 0.91. The second outlet which was 
used consisted of a circular orifice plate, 5.0 in. in 
diam with no baffle below it. The outlet area ratio 
for this liner and outlet was 0.21. 

3) Liner Having an 8-In. Diameter. These tests 
were performed with an outlet 7.5 in. in diam. This 
combination provided an outlet area/bulb area ratio 
of 0.88. 

Inlets of two different diameters were used. An 
inlet having a diameter of 0.26 in. was used in all 
but one set of experiments, and an inlet having a 
diameter of 0.40 in. was used in the one additional 
set of tests. Previous work had been carried out 
with inlets having diameters of 0.19 and 0.31-in.;° 
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consequently, the effect of varying inlet diameter 
over a considerable range was obtained. 
Test Procedures. Rates of flow of air through the 


model were determined by measuring the pressure 
within the inlet tube, upstream of the orifice. Cali- 
bration was established by use of pitot-tube traverses 
which were made at the outlet of the model. Runs 
were made under steady-state conditions with con- 
stant rates of air flow and constant electrical power 
inputs. The initial temperature of the test element 
was taken before the electrical power supply was 
energized and this temperature was assumed to be 
that of the inlet air. Local heat-transfer coefficients 
were computed from the data by means of the cus- 
tomary relationship for convection, g = hAAt. The 
heat transferred per unit area of the test element 
was assumed to be constant at all points, z.e., elec- 
trical heat generation was assumed to be uniform 
along the element, and axial conduction was assumed 
to be negligible. The average temperature of the air 
stream was corrected for heat picked up by the air 
from the elements; this correction was of the order 
of 5 pct. 

The average heat-transfer coefficient for the 
heated element was computed from the six measured 
local coefficients. The over-all average coefficient 
for all the filament locations in the bulb was com- 
puted by determining the average coefficient for 
each ring of filaments and by then proportionately 
combining the ring averages on the basis of the 
number of filaments in each ring. 

Results. Test conditions which were employed in 
experiments with the model are summarized in 
Table I. A total of 2670 local coefficients were de- 
termined during this program. Data are presented 
in graphical form in the discussion which follows. 

In evaluating these test results, the over-all aver- 
age heat-transfer coefficient was used to compare 
the over-all bulb performance under different con- 
ditions, and the local coefficients and their devia- 
tions from the averages were used to establish the 
degree of uniformity of transfer rates throughout 
the bulb. 

Effect of Inlet Position. The dependence of the 
over-all average heat-transfer coefficient upon po- 
sition of the air inlet is shown in Fig. 4. It appears 
that the upward circumferential inlet provides a 
higher coefficient than any of the other inlets. How- 
ever, the broad distribution of local coefficients, due 
to the high velocity jet inlet, severely restricts the 
accuracy of the average based on the experimental 
local coefficients. It can be shown by the use of 
Tchebysheff’s inequality?° that the calculated over- 
all average coefficient for the upward circumferen- 
tial inlet will lie only within a range of +60 pct of 
the true average when only 48 local coefficients are 
measured and used in computing the average coeffi- 
cient. 

To obtain more accurate over-all average heat- 
transfer coefficients, twenty-four additional local 
coefficients were obtained at four different filament 
locations for both the upward circumferential inlet 
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Table |. Summary of Test Conditions 


Feed Bulb Height Outlet Outlet Weight Other 
Feed Inlet Number Shield of Orifice Baffle Flow Variables 
Inlet Diam, of Diam, Bulb, Diam, Gap, Rates, Employed 
Data Set Position in. Filaments in. in. in. in. 1b./sec. 
A Top radial 0.26 48 15°5 24.5 9.0 2:3 0.026-0.062 ~ 
B Bot. radial 0.26 48 15:5 24.5 9.0 2:3 0.026-0.061 - 
iC Bot. radial 0.26 48 15.5 24.5 9.0 2:3 0.026-0.061 Int. baffle 
D Ext. bot. rad. 0.26 48 15.5 24.5 9.0 2:3 0.026-0.048 - 
E Top axial 0.26 48 15:5 24.5 9.0 Bs! 0.026-0.061 ~ 
F Top axial 0.26 48 15:5 24.5 9.0 2:3 0.026-0.061 Int. baffle 
G Bot. axial 0.26 48 15:5 24.5 9.0 23 0.030-0.058 - 
H Upward circ. 0.26 48 5:5 24.5 9.0 2.3 0.026-0.048 ~ 
I Top radial 0.26 48 15:5 24.5 9.0 23 0.039 Complete probe 
J Upward circ. 0.26 48 15.5 24.5 9.0 2:3 0.030 Complete probe 
K Bot. radial 0.26 72 15:5 24.5 9.0 2:3 0.026-0.061 ~ 
L Bot. radial 0.26 72 15:5 24.5 12.8 15 0.039 - 
M Bot. radial 0.26 72 15.5 24.5 9.0 4.5 0.039 Egg-crate shield 
N Top radial 0.26 36 11.0 24.5 10.5 4.5 0.039 ~ 
O Top radial 0.26 12 11.0 24.5 10.5 4.5 0.026-0.061 - 
P Top radial 0.26 12 11.0 24.5 5.0 4.5 0.026-0.061 - 
Q Top radial 0.26 12 8.0 24.5 75 4.5 0.026-0.061 ~ 
R Top radial 0.31 1 6.5 17.5 4.6 ~ 0.009-0.040 _ 
Top radial 0.31 1-6 6.5 4.6 ~ 0.025 
T Top radial 0.19 1 6.5 17.5 4.6 - 0.013-0.036 ~ 
U Top radial 0.19 6 6.5 17:5 4.6 - 0.013-0.036 ~ 
V Top radial 0.40 12 11.0 24.5 5.0 4.5 0.026-0.061 - 
W Top tang. 0.19 1 6.5 17:5 4.6 - 0.013-0.036 o 
xX Top tang. 0.19 1 6.5 1735 3.7 0.013-0.036 
¥ Top tang. 0.19 1 6.5 17.5 6.5 ~ 0.013-0.036 - 
Z Top tang. 0.31 1-6 6.5 17.5 4.6 _ 0.025 - 


and the top radial inlet. A total of seventy-two local 
coefficients were therefore measured with these two 
inlets. Thus, by the use of more data points, the 
spread between the experimentally determined over- 
all heat-transfer coefficient and the true value could 
be reduced to +45 pct on the basis of Tchebysheff’s 
inequality. 

From these data it was empirically found by as- 
signing a half weight to the average heat-transfer 
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Fig. 4—Effect of inlet location upon over-all average heat- 
transfer coefficients in the 15.5-in. bulb model (uniformly 
weighted averages). 
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coefficient for the filament directly in the path of the 
expanding inlet jet, and hence the filament with the 
highest heat-transfer coefficient, that the forty-eight 
data point averages were essentially the same as the 
seventy-two data point averages. The more accu- 
rately weighted averages are shown in Fig. 5, and 
the improvement in accuracy can be seen in Figs. 

6 and 7. Since the data in Fig. 5 are within the 

+45 pct confidence range, for all practical purposes 
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Fig. 5—Effect of inlet location upon over-all average heat- 
transfer coefficients in the 15.5-in. bulb model (adjusted - 
averages). 
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Fig. 8 for six sets of data (Table I) as functions of 
the weight flow rate of air. Lower values of the wt 
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more uniform transfer coefficients at the various 10 
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various inlet positions. flow rate of 0.0300 lb per sec. 
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Table Il. Effect of Number of Filaments on the Over-All Average 
Heat-Transfer Coefficient in Two Bulb Models 


Inlet Diameter: 0.26-in. I.D. Air Rate: 0.0392 lb/Sec 


Over-All Coverage 
Heat-Transfer Coefficient, 


Bulb Number 
Data Diameter, of Btu/ (hr)(ft. (°F ) 
Set in. Filaments Expt Calc (2) Calc (6) 


Ae) 15.5 48 16.4 - - 
K 15.5 72 16.5 8.9 15:5 
Ofc) 11.0 12 20.6 - - 
N 11.0 36 16.4 15.0 18.6 


(a) hy, = hy (1—0.011 No. 


(c) Data used for calculating h,. 


per sec is shown in Fig. 9. The coefficients follow 
a so-called “gamma” distribution. The majority of 
the points are near the over-all average value, but 

a few high values are present which make the distri- 
bution somewhat unfavorable from a uniformity 
standpoint. This type of gamma distribution is char- 
acteristic of the local coefficients obtained with any 
of the inlet positions, but the actual breadth of the 
curve is not necessarily the same for the different 
inlets. 

Effect of the Number of Filaments. The previous 
studies with the 6.5-in. model showed that the effect 
of the number of filaments (N;) on the heat-transfer 
coefficient (h,,) could be related to the heat-transfer 
coefficient extrapolated to zero number of filaments 
(h,) by an equation of the type: 


Ny = Ny (1 0.011N,) [1] 


The effect of the number of filaments in the bulb 
thus is small. These experimental results with the 
earlier model were not in agreement, however, with 
the results found with the larger diameter bulbs 
which are shown in Table II. The effect of the in- 
creased number of filaments upon the coefficient 
was found to be a function of the size of the bulb and/ 
or the number of filaments already present. Thus, 
as the surface areas of the bulb (S,) and the filaments 
(S;) were increased, the effect of the increased num- 
ber of filaments was less significant. This condition 
can be expressed mathematically by the relationship: 


hy = ho(1 [2] 


By suitable plots of the data, the exponent m was 
found to be approximately 0.26 for the 6.5-in. bulb. 
The coefficients which were calculated using this 
power-function correction for larger diameter bulbs 
and also the linear relationship previously presented 
are compared in Table II. The power-function cor- 
rection is obviously an improvement over the linear 
correction in representing the effect of the number 
of filaments on the over-all average heat-transfer 
coefficient. 
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Fig. 10—Effect of outlet area ratio upon the over-all aver- 
age heat-transfer coefficients in the 6.5-in. bulb model. 


Effect of Outlet Area Ratio. The results obtained 
with a tangential inlet in the 6.5-in. bulb and with 
three different ratios of outlet-area-to-bulb-cross- 
sectional area are shown in Fig. 10. An outlet area 
ratio of 1.00 (Data Set Y) gave over-all average 
heat-transfer coefficients that were very poor com- 
pared with those obtained with outlet area ratios 
from 0.50 to 0.33 (Data Sets W and X). However, 
there were no significant differences between re- 
sults obtained with outlet area ratios of 0:50 and 
0.33. The data in Fig. 11 for the 11.0-in. bulb with 
the top radial inlet showed little difference in aver- 
age heat-transfer coefficients for outlet area ratios 
of 0.21 and 0.91. The larger outlet gave slightly 
higher apparent coefficients except at very high flow 
rates. 

In the 15.5-in. bulb, with the top axial inlet, an ad- 
ditional 9.0-in. circular baffle above the outlet gave 
results significantly superior to thosé obtained with- 
out the additional baffle, although the outlet area 
ratio remained constant. This improvement was a 
result of the fact that the jet feed was directed toward 
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Fig. 11—Effect of outlet area ratio upon the over-all aver- 
age heat-transfer coefficient in the 11.0-in. bulb model. 
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Fig. 12—Relationship between over-all average heat-trans- 
fer coefficients and air-flow rates for various bulb sizes. 


the bulb outlet, and the additional baffle prevented 
short-circuiting of the high-velocity feed gases out 
of the bulb before dissipation of their momentum had 
been completed. When a bottom radial inlet was em- 
ployed in the 15.5-in. diam bulb and the outlet area 
ratio was kept constant by simultaneously varying the 
baffle diameter and its clearance, no appreciable 
effect was found on the heat-transfer rate. 

Effect of Weight Flow Rate. The variation of the 
over-all average heat-transfer coefficient with weight 
flow rate is shown in Fig. 12 for all four bulb sizes 
which were studied. All data were obtained with a 
top radial inlet. From these data it can be seen that 
the slope of the logarithmic plots of heat-transfer 
coefficients vs flow rates decreases as the bulb diam- 
eter increases. The slopes of these curves are plot- 
ted in Fig. 13 as a function of bulb diameter. Thus, 
the effect of weight flow rate upon the over-all 
average heat-transfer coefficient can be expressed 
in the form: 


[3] 
where, as a first approximation: 
n = 0.82 = 0.026D%, [4] 


Effect of Inlet Diameters. Heat-transfer coeffi- 
cients determined with 0.19-in. (Data Sets T and U) 
and 0.31-in. (Data Set R) inlets in the 6.5-in. bulb 
and with 0.26-in. (Data Set P) and 0.40-in. (Data 
Set V) inlets in the 11.0-in. bulb are shown in Fig. 
14, It is evident from the figure that higher coeffi- 
cients are obtained when inlets of smaller diameter 
are used in a given bulb, a result of the increased 
momentum of the jet feed. By cross-plotting these 
data, the exponential dependence of heat-transfer 
rates upon inlet diameter was found to be —0.87 for 
the 6.5-in. bulb and ~0.63 for the 11.0-in. bulb. Af- 
ter relating this exponent to the previously found ex- 
ponential dependence upon weight flow rate (7), the 
effect of inlet diameter can be expressed in an equa- 
tion of the form: 
h aD; +0.20) [5] 

Effect of Filament Diameter. Although no data 
were taken with rods having diameters other than 
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Fig. 13—Relationship between the flow-rate exponent and 
bulb diameter. 
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Fig. 14—Effect of inlet diameter upon the over-all average 
heat-transfer coefficients in various bulb sizes. 
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1/4 in. in these tests, the effect of filament diameter 
upon rates of mass transfer of p-dichlorobenzene 
from rods of this material to air was determined in 
work with the model of the smaller bulb.5 The mass- 
transfer coefficients were found to be proportional to 
the -0.4 power of filament diameter. Since the diffu- 
sion of heat and mass are analogous, the effect of the 
filament diameter upon the over-all average heat- 
transfer coefficient would be expected to be of the 
form: 


avg 0D; [6] 

Effect of Bulb Dimensions. The effect of bulb size 
upon the over-all average heat-transfer coefficient 
can be determined most accurately by dimensional 
analysis of all the major variables. The more impor- 
tant variables affecting the over-all average heat- 
transfer coefficient, h,,,, are probably: 1) thermal 
conductivity of the gas, k; 2) gas viscosity, uy; 
3) weight flow rate, W; 4) inlet diameter, D,; 5) bulb 
diameter, D,; 6) filament diameter, D,;; 7) bulb 
height, Lg; 8) gas specific heat, C,; and 9) the num- 
ber of filaments which can most conveniently be 
treated on the basis of the ratio of empty bulb sur- 
face area, S,, to total bulb and filament surface 
area, S, + S-. Outlet area ratio has been shown to 
be a parameter not suitable to analytical treatment, 
but the transfer rates are independent of this ratio 
once the correct outlet geometry has been selected. 

If the interdependence of these variables is as- 
sumed to be of the form: 


m 
hang = ul W" DEDEDE LE [7] 


then dimensional analysis permits a grouping of 
these variables in the following manner: 


where: 
b+d=-(a+c+n —1) [9] 


But, m, a, and S,/(S, + S_) are known to be functions 
of D, and/or Lx, and therefore solving for b and 
hence d is a rather tedious and possibly inaccurate 
operation using graphical techniques. It is therefore 
convenient to write: 


too = BE) (ot) (Bt) 


(32) 


Table Ill. Standard Deviation Between Experimental and 
Calculated Values of Log /(Ds/Dg)™*| 


[10] 


n=n,+n' Dp/Lp 


+ 0.0659 
+ 0.0658 


D; = Dp 


+ 0.0548 
+ 0.0546 
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where: 
or [11] 


and Dj; is a characteristic system dimension. It is 
known from the previous mass-transfer data that:5 


c = -0.40 [12] 


Using the conventional exponent on the Prandtl num- 
ber, and defining: 


Then: 
( ss) [14] 


The constants in Eq. [14] can now be more accu- 
rately evaluated by regression techniques and the 
use of all the original data.1! However, those data 
which were obtained with the unbaffled top axial in- 
let were omitted because this system was found to 
be seriously affected by the bulb geometry. An IBM 
650 digital computer was used for these calcula- 
tions. The following table shows the standard devia- 
tion of the experimental and calculated values for 
various assumptions as to the form of Eq. [14]. 

It can be seen from the data in Table III that there 
is a much better correlation of the results using a 
Reynolds number exponent variation with bulb diame- 
ter than with the ratio of bulb diameter to length. 
There is little difference on the basis of a statisti- 
cal argument in the choice of the characteristic dia- 
meter to be used in the Reynolds number. However, 
the turbulence levels and hence transfer levels which 
are set up in the bulb are primarily dependent upon 
the energy content of the incoming jet of process 
gas. The experimental transfer coefficients are con- 
siderably higher than those normally associated with 
a Reynolds number calculated on the, basis of bulb 
diameter, and it is therefore consistent to use an in- 
let Reynolds number to describe the relatively high 
levels of turbulence in the system. 

The best correlation of the experimental data was 
therefore found to be: 


Dy 


C 
= 0,0620 (pH 


(Ba) £12.79 * [15] 


* antilog (log h + 0.0546) - antilog (Tog h - 0.0546) 
2 antilog (log A) 


This expression shows the complex relationships 
which exist among the process variables. It is ap- 
parent, for example, that for a small bulb diameter 
(Dg), the inlet Reynolds number (4W/myD,) will have 
a strong influence upon the transfer coefficients; how- 
ever, at large bulb diameters, the effect of inlet Rey- 
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x 100. 


ak 
| 
J 


nolds number will be small since its exponent will 
approach zero. 


PREDICTION OF MASS-TRANSFER COEFFICIENTS 


The previous discussion shows that it is possible 
to correlate forced convection data for heat-transfer 
rates from filament bundles to air at approximately 
ambient conditions. Mass-transfer rates for vapor- 
deposition processes in similar equipment can be es- 
timated by application of the analogy between heat 
and mass transfer through the use of the j-factors 
of Chilton and Colburn:?? 


ju = ID [16] 
Or: 

Thus: 


kg (Np ,)?/8 


Or upon substitution for h,y,, from Eq. [15], the fol- 
lowing expression can be derived: 


(Np y) 72/8 (Np 


Dz D; Ls Sp + Ss 

A correction to this forced convection mass- 
transfer correlation must sometimes be made for 
use in predicting plant deposition rates. Because 
the effect of inlet Reynolds number rapidly decreases 
as the bulb diameter increases, a natural convection 
term or, in the case of vacuum processing, a pure 
diffusion term must be added to the experimentally 
determined forced convection correlation. The proc- 
ess for which this correlation was developed was 
operated at sufficiently low pressures that natural 
convection effects were negligible. However, it was 
found essential to add the diffusion term derived by 
King'* for heat transfer from cylindrical rods to the 
forced convection correlation, after substituting the 
mass diffusion coefficient for the thermal conduction 
coefficient, in order to satisfactorily predict plant 
deposition rates, 7.e.: 


DyP 0.0620k 0.68-0.14D 
Rg ~ + (Npy)(Nse) (Nre) B 


Sp [19] 
Dz D; Lz S; 

The bulb diameter at which maximum transfer 
coefficients are obtained can be determined by dif- 
ferentiating the equation for the mass-transfer co- 
efficient with respect to bulb diameter and setting 
the differential equal to zero. Solution of this ex- 
pression showed that this optimum bulb diameter is 
related only to the inlet Reynolds number by the ex- 
pression: 
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kg 


[20] 


Maximum transfer coefficients are obtained at bulb 
diameters of 1.27, 1.02, and 0.85 ft for inlet Rey- 
nolds numbers of 104, 105, and 10°, respectively. 

The effects of the operating variables and the 
properties of the process materials upon deposition 
rates can be ascertained by consideration of the 
expression for kg. Dimensions of the equipment 
enter into the expression in a straightforward man- 
ner with exception of bulb diameter. Properties of 
process materials enter in a less straightforward 
but not unduly complex manner. 


CONCLUSIONS 


On the basis of the data and information given 
above, it is believed that the following conclusions 
are justified: 

1) Over-all average transfer coefficients in large 
diameter deposition bulbs are not dependent upon the 
position of the gas inlet as long as the inlet jet 
stream impinges on a surface of the bulb and does 
not have an unimpeded path toward the bulb outlet. 

2) The uniformity of local transfer coefficients 
throughout the bulb is strongly dependent upon inlet 
position. 

3) The effect of number of filaments in the range 
of conditions normally employed in metal deposition 
bulbs is small. 

4) The outlet area ratio has little effect on the 
over-all average transfer coefficient as long as the 
jet feed does not have an unimpeded path toward the 
bulb outlet. 

5) The effect of weight flow rate on the over-all 
average transfer coefficient varies from a 0.68 
power relationship in small diameter bulbs to the 
zero power relationship in bulbs about 5 ft in diam. 

6) The effect of inlet diameter on the over-all 
average transfer coefficient varies from the minus 
1.48 power in small diameter bulbs to the minus 
0.80 power in bulbs larger than about 5 ft in diameter. 

7) The effect of bulb diameter on the over-all aver- 
age transfer coefficient is twofold: An increase in 
bulb diameter linearly decreases the exponential de- 
pendence on the inlet Reynolds number but at the 
same time raises the level of the transfer coefficient 
according to the 1.58 power of bulb diameter. 

8) The natural logarithm of the inlet Reynolds num- 
ber at which maximum transfer coefficients occur is 
inversely proportional to the bulb diameter. For a 
diameter of 1 ft, this optimum Reynolds number is 105. 

9) The over-all average transfer coefficient de- 
creases with about the 1.38 power of bulb height 
in small diameter bulbs. 

10) The over-all average transfer coefficient 
decreases with the 0.4 power of filament diameter 
in small diameter bulbs. 
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NOMENCLATURE 


a 


Exponential dependence of over-all aver- 
age heat-transfer coefficient upon inlet 
diameter. 

Exponential dependence of over-all aver- 
age heat-transfer coefficient upon bulb 
diameter. 

Exponential dependence of over-all aver- 
age heat-transfer coefficient upon filament 
diameter. 

Specific heat of the gas, Btu per (lb)(°F). 
Exponential dependence of over-all aver- 
age heat-transfer coefficient upon bulb 
height. 

Bulb diameter, ft. 

Filament diameter, ft. 

Inlet diameter, ft. 

Characteristic diameter of the system, ft. 
Diffusivity of gas, ft? per hr. 

Exponential dependence of over-all average 
heat-transfer coefficient upon gas heat ca- 
pacity. 

Exponential dependence of over-all average 


heat-transfer coefficient upon gas viscosity. 


Relative density of the local heat-transfer 
coefficients of a given magnitude. 
Exponential dependence of over-all average 
heat-transfer coefficient upon gas thermal 
conductivity. 

Mass flow rate, lb/hr -ft?. 

Over-all average heat-transfer coefficient, 
Btu/(hr) (ft?)(° F). 

Average heat-transfer coefficient for a 
given filament, Btu/(hr) (ft?)(° F). 

Local heat-transfer coefficient, Btu/(hr) 
(ft?)(°F). 

Over-all average heat-transfer coefficient 
extrapolated to zero number of filaments 
in the bulb, Btu/(hr) (ft?)(° F). 
Mass-transfer factor, kgM/G(Nc,)?”. 
Heat-transfer factor, h 
Thermal conductivity of the gas, Btu/(hr) 
(ft?)(° F/ft). 

Mass-transfer coefficient, lb-mol/ft?-hr. 
Bulb height, ft. 

Filament half-length, ft. 

Exponential dependence of over-all aver- 
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age heat-transfer coefficient upon ratio of 
surface area of bulb to total area of bulb 
and filaments. 

M - Molecular weight of gas, lb/lb-mol. 

n - Exponential dependence of over-all average 
heat-transfer coefficient upon weight flow 
rate. 

Ne - Number of filaments in the bulb. 

Nyy - Nusselt number of system, hayg, D;/k 

Npy - Prandtl number of the gas, Cyu/k. 

Nre - Reynolds number of the system, 4W/nDjy. 

Ns- - Schmidt number of the gas, u/Dyp. 

- Total pressure, atm. 

R - Gas constant, (atm)(ft*)/(1b-mol)(°R). 

S,  - Surface area of the bulb, ft?, 7D, (D,/2 + L,). 

S; - Surface area of filaments, ft?, 

T - Gas temperature, °R. 

W _- Weight flow rate, lb/hr or lb/sec. 

a - Indicates proportionality between variables. 

B - Proportionality factor between over-all 
average heat-transfer coefficient and sys- 
tem variables. 

p’ - Proportionality factor between over-all 
average heat-transfer coefficient and sys- 
tem variables, p’ = (4/m)"B. 

y - Aconstant for the system studied, k/D; 
(Cpu/k)*/, Btu/hr ft?—° F. 

A - Difference in values of a variable. 

m - Gas viscosity, lb/ft-hr. 

1 - Constant, 3.14. 

p - Gas density, lb/ft®. 

- An arbitrary function. 

In - Natural logarithm. 

log - Logarithm to the base 10. 
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Determination of Interstitial Solid -Solubility Limit 
in Tantalum and Identification of the Precipitate Phases 


Dale A. Vaughan, Oliver M. Stewart, and Charles M. Schwartz 


Solid-solubility limits at 1500°, 1000°, and 500°C 
for carbon, nitrogen, and oxygen in high-purity tanta- 
lum were determined by X-ray lattice-parameter 
methods. For carbon, the solubility was found to be 
0.17 at. pct at 1500°C, and less than 0.07 at. pct at 
1000°C. A nitrogen solubility of 3.70 at. pct at 1500° 
C decreases linearly with temperature to 2.75 at. 
pct at 1000°C, and 1.8 at. pct at 500°C. In the case of 
oxygen, the solubility was found to be 3.65 at. pct at 
1500°C, 2.95 at. pct at 1000°C, and 2.5 at. pet at 
500°C. The phases Ta2C, the low-temperature mod- 
ification of Ta2O;, and Ta,N of unknown composition 
but which has a superlattice structure based upon 
the original bcc tantalum lattice have been identified 
as the initial precipitates in the respective systems. 
Metallographic methods were employed to verify the 
X-vay analyses. The etching behavior of Ta is dis- 
cussed in terms of lattice imperfections and precip- 
itate phases. 


Tue excellent fabricability, high melting point, and 
nuclear properties of tantalum are responsible for 
interest in this refractory metal. Data on the solid 
solubility of the interstitial elements (oxygen, nitro- 
gen, and carbon) in tantalum and on the precipitate 
phases are somewhat limited. The significant contri- 
butions are discussed below. Because the purity of 
electron-beam melted tantalum (only recently avail- 
able) is considerably higher than that used in previ- 
ous studies, the present investigation was initiated. 
Gebhardt et al.’-? have investigated the tantalum- 
oxygen and tantalum-nitrogen systems with particu- 
lar reference to the changes in physical properties 
and to the rates of reaction between these gases and 
the metal. The solubility of oxygen in tantalum was 
reported? to be 3.7 at. pct at 1500°C, 2.3 at. pct at 
1000°C, and 1.4 at. pct at 750°C. Schonberg‘ reported 
that several oxide phases (Ta,O, Ta,0, TaO,, and 
Ta,0,) exist while X-ray studies by Gebhardt' showed 
only two oxides, Ta,O, and an unidentified phase which 
was associated with a platelet-type precipitate. La- 
gergren and Magneli,® however, questioned the exis- 
tence of compounds other than the two allotropic mo- 
difications of Ta,O, for the tantalum-oxygen system. 
In the case of nitrogen, the solubility was estab- 
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lished by Gebhardt® to be of the order of 7 at. pct at 
1800°C. The solubility was reported to decrease 
rapidly with temperature, and, although no limits 
were established, a precipitate phase was observed 
by Gebhardt except when the high-nitrogen speci- 
mens were cooled very rapidly from the reaction 
temperature of 1800°C. He reported the initial preci- 
pitate phase to be a tetragonal distortion of the bcc 
tantalum lattice while Schonberg® reported the phase 
lowest in nitrogen to be a cubic super-lattice with a 
cell size of 10.11 A. Two other nitride phases, Ta,N 
and TaN, were reported; these appear to be isomor- 
phous with the carbides of tantalum. 

The tantalum-carbon system was investigated by 
Ellinger’? and by Lesser and Braurer.® Two com- 
pounds, Ta,C and TaC, were reported to exist, each 
with a range of composition. The solubility of car- 
bon in tantalum was found to be practically nil at all 
temperatures. Thus, of the interstitial elements 
which are present in small amounts in high-purity 
tantalum, carbon might be expected to form precipi- 
tates. 

The present investigation was initiated to obtain 
additional data on the solid-solubility limits of these 
interstitials at 1500°, 1000°, and 500°C with particular 
emphasis on the distribution and the identification 
of the precipitate phases. 


EXPERIMENTAL WORK AND RESULTS 


In the present investigations of the solid solubility 
and of the precipitate phases in the systems tantalum- 
nitrogen, -oxygen, and -carbon, high-purity tantalum 
was reacted with high-purity gases, homogenized at 
1800°C, and annealed at and quenched from 1500°, 1000°, 


Table |. Analysis of Tantalum Stock Used for Preparation of Oxygen, 
Nitrogen, and Carbon Alloys 


Element © Content, ppm 
Magnesium Trace, <0.5 
Iron 1.0 
Nickel Trace, <0.1 
Copper Trace, <0.5 
Calcium 1.0 
Chromium Trace, <1.0 
Zirconium <10 
Tungsten Not detected, <100 
Oxygen 12 
Nitrogen 10 
Carbon 50 


(a)No other metallic elements were detected. 
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Table Il. Lattice-Parameter and Hardness Changes in Tantalum with Increasing Oxygen Content 


Oxygen Content 
Wt Pct At. Pct 


Hardness 
khn 


Lattice Parameter, A, after Indicated Anneal 
3 hr, 1500° C 24 hr, 1000° C 100 hr, 500° C 


22A 0.010 0.11 122 
2A 0.010 0.11 201 
4A 0.044 0.50 206 
3A 0.086 1.02 216 

11A 0.106 1.18 366 

15A 0.134 1.49 356 

38A 0.208 2.32 - 

34A 0.288 3.16 534 

39A 0.398 4.32 - 


0.483 5.27 


3.3033 3.3035 
3.3036 
3.3052 3.3050 3.3051 
3.3070 
3.3080 3.3080 - 
3.3082 3.3086 3.3086 
3.3139 - ~ 
3.3182 3.3165 3.3140 
3.3200 


3.3198 3.3166 3.3145 


and 500°C. Thirty-mil tantalum sheet was formed 
into 5/8-in.-OD cylindrical specimens, 1 1/2 in. long. 
An analysis of the as-rolled stock is given in Table I. 
The specimens were etched in a solution containing 
30 ml of lactic, 10 ml of nitric, and 10 ml of hydro- 
fluoric acids, then suspended, by tantalum wire, ina 
quartz reaction tube of a modified Seiverts apparatus 
for gas additions. Calculated amounts of oxygen, pro- 
duced by the thermal decomposition of potassium per- 
manganate, of nitrogen from Matheson prepurified 
nitrogen (99.96 pct pure), or of methane gas were 
added to the evacuated reaction tube and the tantalum 
heated inductively until the gases were absorbed. In 
the case of oxygen and nitrogen additions, the reac- 
tion was shown by a drop in pressure as indicated by 


a vacuum gage. Less control was obtainable, however, 
for the carbon additions. Subsequent homogenizing 
and annealing treatments were made under high-puri- 
ty argon to facilitate quenching after the annealing 
treatment. The argon aided in preparing the higher - 
gas-content specimens by reducing the amount of 
vaporization or decomposition during the final heat 
treatment. The homogenizing treatment was 3 hr at 
1800°C while the annealing times were 3 hr at 1500°C, 
24 hr at 1000°C, and 100 hr at 500°C. 

The amounts of the interstitial elements absorbed 
and retained by the tantalum were determined by 
chemical assay on all samples after the 1500°C an- 
neal. Oxygen analyses were obtained by vacuum fu- 
sion, the nitrogen contents were obtained by micro- 


Table Ill. Lattice-Parameter and Hardness Changes in Tantalum with Increasing Nitrogen Content 


Nitrogen Content Hardness 
Wt Pct At. Pct khn 


Specimen 


Lattice Parameter, after Indicated Anneal 
4 hr, 1500° C 24 hr, 1000° C 100 hr, 500° C 


22A 0.001 0.01 122 
30A 0.021 0.27 226 
23A 0.049 0.63 313 
7B 0.085 1.09 345 
21B 0.115 1.46 451 
31A 0.159 2.01 497 
32A 0.224 2.82 697 
20B 0.274 3.42 814 
37A 0.290 3.62 - 
33A 0.319 3:97 841 
36A 0.342 4.24 953 
40A 0.490 5.98 =_ 


7.57 - 


0.630 


3.3033 3.3035 - 
3.3046 3.3052 
3.3053 3.3055 3.3070 
3.3073 
3.3100 3.3083 
3.3122 3-31.29 
3.3160 3.3153 
3.3183 - 3.3114 
3.3198 3.3104 
3.3191 3.3153 — 
3.3199 


Table IV. Lattice-Parameter and Hardness Changes in Tantalum with Increasing Carbon Content 


Carbon Content 
Wt Pct At. Pct 


Specimen 


Hardness, 


Lattice Parameter, After Indicated Anneal 
4 hr, 1500° C 24 hr, 1000° C 


khn 


0.07 
0.14 


0.21 


0.005 
0.009 


0.014 


22A 
8A 


19A 


13A 0.049 0.73 
18A 3.63 
18B - 3.63 


122 3.3033 3.3035 
160 3.3049 3.3049 


218 3.3035 - 
196 3.3035 3.3049 


148-480 = = 
1180-2900) - 


(Core of tantalum plus TaC. 
®)Case of Ta,C. 


938-VOLUME 221, OCTOBER 1961 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Specimen 
te 
35A 1029 
x 
as 
41A 
q 
4 


10 
3.3200 x 
90 / 
8 
"4 
/ 
60 
/ 
P Dp 
40 D 
* 30 
2 
2 
10 
8 
= 3.3100 
90 
/9 
80 Legend 
70 bc X 1500 C anneal 
© 1000 anneal 
60 O 500 C anneal 
50 t 
| 
40 / 
30 
3.3020 


0 04 O8 12 16 20 24 28 32 36 40 44 48 52 56 
Oxygen Content, a/o 
Fig. 1—Lattice-parameter changes in tantalum with increas- 
ing oxygen content. 


Kjeldahl, and the carbon analyzed by micro-carbon 
methods. The results of these analyses are given in 
Tables II, III, and IV, respectively. Specimens of the 
tantalum stock were heat treated as described above 
without an intentional addition and reanalyzed for oxy - 
gen, nitrogen, and carbon. No significant changes 
were found in the nitrogen or carbon contents, how- 
ever, the oxygen content increased from 12 to 100 
ppm during the heat treatments. 


X-RAY DIFFRACTION STUDIES 


Because of the high-temperature heat treatments 
required in the present investigations, very large 
grains were produced in all the alloys studied. There- 
fore, special X-ray diffraction techniques were em- 
ployed. Sliver specimens were cut from each sample 
adjacent to the areas used for the chemical assay and 
the metallographic examination. These sliver speci- 
mens were ground to a fine needle point and the 
worked surface removed by electropolishing. Diffrac- 
tion patterns were obtained with a 114.6-mm camera 
with unfiltered copper radiation. Under these condi- 
tions nine diffraction lines were obtained at Bragg 
angles (6) of over 65 deg. The (330) reflection oc- 
curred at approximately 83 deg and provided the max- 
imum sensitivity to lattice-parameter changes. Be- 
cause of the large grain size in these specimens, the 
diffraction patterns were spotty and often had to be 
retaken in order to obtain diffraction spots close or 
on the equatorial level of the Debye diffraction cone. 
The lattice parameter for each specimen was estab- 
lished by a linear extrapolation of the observations 
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Nitrogen Content, a/o 
Fig. 2—Lattice-parameter changes in tantalum with increas- 
ing nitrogen content. 


vs cos? @ to a 6 angle of 90 deg. Results of lattice- 
parameter determinations for the various alloys and 
annealing treatments are given in Tables II, III, and 2 
IV. The precision of these determinations is+0.0005A 
or better based upon the spread of the observations. 
Based upon these lattice-parameter determinations 
the solid-solubility limits of oxygen, nitrogen, and 
carbon in tantalum at 1500°, 1000°, and 500°C were es- 
tablished by graphical methods as shown in Figs. 1, 
2, and 3, respectively. The solid solubility of oxygen 
in tantalum, as shown in Fig. 1, was established at 
3.65 at. pct at 1500°C, 2.95 at. pct at 1000°C, and 2.5 
at. pct at 500°C. Solid solubilities in the tantalum- 
nitrogen system, Fig. 2, were found to be 3.70, 2.75, 
and 1.8 at. pct at 1500°, 1000°, and 500°C, respectively. 
The solubility of carbon in tantalum was found to be 


33.100 


90 Legend 


xX 1500 C anneal 
© 1000 C anneol 


80 


70 
a 
> 60 
50 oO 

40 
8 x x 
30 
al 

20 

10 
3.30 

0. 02 0.3 04 0.5 06 07 os 


Carbon Content, a/o 


Fig. 3—Lattice-parameter changes in tantalum with increas- 
ing carbon content. 
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(d) 
Fig. 4—Photomicrographs of high-purity tantalum. (@) Spec- 
imen 2A, rolled and annealed 3 hr at 1500°C. (6b) Specimen 
22A, rolled and homogenized 3 hr at 1800°C and annealed 
3 hr at 1500°C. X250. Reduced approximately 26 pct for 
reproduction. 


very low, of the order of 0.1 at. pct at 1500°C with no 
significant change in lattice parameter after annealing 
at 1000°C. No studies of the tantalum-carbon system 
were carried out on specimens annealed at 500°C. 


METALLOGRAPHIC INVESTIGATIONS 


Metallographic studies were made on all specimens 
described in Tables II, II, and IV; the portion ex- 
amined being adjacent to that used for the X-ray dif- 
fraction analysis. Specimens were mounted in Bake- 
lite, abraded on 240-, 400-, and 600-grit abrasive 
papers, then metallographically polished on wax laps 
using Linde A polishing agent dispersed in a chromic 
acid-water solution. A chemical polish in a solution 
containing 30 ml lactic, 10 ml of nitric acid plus 10 
ml of hydrofluoric acid was employed to remove the 
worked surface. After the chemical polish, the spe- 
cimens were electroetched in 90 ml sulfuric acid 
plus 10 ml hydrofluoric acid at 0.02 am per sq cm to 
reveal the grain boundaries and the precipitate phases. 

Included in the metallographic investigation were 
measurements of Knoop hardness on the 1500°C an- 
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Fig. 5—Electron micrograph of high-purity tantalum. 

(a) Negative replica of specimen 2A, rolled and annealed at 
1500° C. X10,000. Reduced approximately 44 pct for repro- 
duction. (b) Negative replica of specimen 22A, rolled, heat 
treated at 1800°C, and annealed at 1500°C. X18,000. Re- 
duced approximately 44 pct for reproduction. 


nealed specimens, see Tables II, III, and IV. The 
hardness is seen to increase linearly with intersti- 
tial content for the tantalum-oxygen and the tantalum- 
nitrogen specimens. There is, however, a significant 
difference in rate of increase, 125 khn per at. pct O 
and 200 khn per at. pct N. 

In the case of carbon additions, the solubility was 
found to be very low and hence the hardness of the 
matrix metal was affected to a lesser degree than 
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Fig. 6—Photomicrograph of Ta-C specimen annealed at 
1000°C. Specimen 13S, 0.73 at. pct. X250. Enlarged ap- 
proximately 10 pct for reproduction. 


for Ta-O or Ta-N alloys. Although the carbide phase 
is very hard (2900 khn), a small addition of carbon, 
which produces a carbide phase (Ta,C) dispersed 
throughout the matrix, does not change the hardness 
of tantalum appreciably. 


HIGH-PURITY TANTALUM 


The microstructures of high-purity tantalum spe- 
cimens with no intentional addition but heat treated 
1) at 1500°C and 2) at 1800°C followed by a 1500°C an- 
neal are of considerable interest because of the dif- 
ferent etching behavior. This also provides a base 
structure for comparison with that obtained from the 
various interstitial alloys. Photomicrographs of the 
high-purity tantalum are shown in Fig. 4. An intra- 
and intergranular etch attack is visible in Specimen 
2(A) rolled and annealed at 1500°C, Fig. 4(a), which 
does not show in Specimen 224A after an 1800°C heat 
treatment followed by a 1500°C anneal, Fig. 4(b). Al- 
though this etch attack has the appearance of a preci- 
pitate phase, the impurity content of the two speci- 
mens was not significantly different. The carbon and 
nitrogen contents were not changed by these heat 
treatments. Although the oxygen content was in- 
creased in both specimens from 12 to approximately 
100 ppm, this is far below the solid-solubility limit 
and would not be expected to cause the difference in 
etching behavior. 

Electron metallographic studies were made on 
these specimens. Fig. 5(a) is an electron micro- 
graph of Specimen 2A which was annealed at 1500°C 
for 3 hr. Fig. 5(b) shows the structure at X18,000 for 


the specimen heated to 1800°C then annealed at 1500°C. 


It is seen in Fig. 5(a) that etch pits occurred which 
revealed a subgrain structure. This is believed to be 
the result of an accumulation of dislocations and not 
evidence of a precipitate phase. In Fig. 5(b), the elec- 
tron micrograph of tantalum annealed at 1800°C and 
then 1500°C, there is a phase which is not attacked 
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Fig. 7—Electron micrograph of Ta-0.73 at. pct C specimen 
annealed at 1500°C. Negative replica of specimen 13A is 
shown here. X18,000. Reduced approximately 45 pct for re- 
production. 


as rapidly as the matrix. This is believed to be a 
carbide phase which is discussed further in the next 
section. However, the subgrain structure as seen in 
Fig. 5(a) is not evident here. This would suggest that 
the dislocations produced during rolling are not an- 
nealed out in 3 hr at 1500°C but are removed by a 
3-hr 1800°C heat treatment followed by an anneal at 
1500°C. 


TANTALUM-CARBON SYSTEM 


The solubility of carbon in tantalum was found to 
be less than could be determined accurately by lattice- 
parameter methods. There appeared to be a slight 
increase in lattice parameter over that of pure tan- 
talum, but no significant change in lattice parameter 
with annealing temperature was detected. Metallo- 
graphic examinations revealed no precipitate phase 
in Specimen 8A (0.14 at. pct C) when annealed at 
1500°C, a trace of a precipitate phase in Specimen 
19A (0.21 at. pct C) and a large amount of precipitate 
in 13A (0.73 at. pct C). All three of these specimens 
contained a precipitate phase when annealed at 1000°C. 
A photomicrograph of the tantalum-carbon precipi- 
tate phase specimens is shown in Fig. 6. Based upon 
the present metallographic and X-ray studies, it was 
concluded that the solid solubility of carbon in tanta- 
lum is 0.17 at. pet at 1500°C and is of the order of 
0.07 at. pct at 1000°C. Since 0.07 at. pct C (content 
of the as-received tantalum) was the lowest carbon 
content available, no 500°C anneals were carried out 
on specimens of the tantalum-carbon system. 

The identification of the precipitate phase was in- 
complete, in that the pure phase has not been pre- 
pared, but the X-ray data have been compared with 
published structures for specific tantalum-carbon 
compounds. In the present studies of tantalum-carbon 
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Table V. X-Ray Diffraction Patterns of the Precipitate Phases in Supersaturated Tantalum-Carbon, Tantalum-Nitrogen, and Tantalum-Oxygen Alloys 


Filtered Iron Radiation 


Tantalum-Carbon 


Tantalum-Nitrogen®) 


Tantalum-Oxygen ©) 


Relative 
Intensity, 


Miller 
Indices, 


Interplanar 
Spacing, 


Interplanar 
Spacing, 


Miller 
Indices, 
hkl Visual A Akl 


Miller 
Indices, 


Relative 
Intensity, 


Relative Interplanar 
Intensity, Spacing, 
Visual A 


w 
o 


o 


Ss 


100 3.87 
3.14 

3.09 

2.44 

2.13 

2.02 211 

002 

020 

310 


111 + 201 


(a) Ta,C, hexagonal: a = 3.10, c = 4.93. 
©) Ta,N, complex cubic: a = 10.09. 
(0 Ta,O,, orthorhombic: a = 6.16, b = 3.66, c = 3.87. 


specimens, only one compound (Ta,C) has been ob- 
served. X-ray data for this phase are presented in 
Table V. This pattern was obtained from Specimen 
13B, Fig. 6, and from the carburized surface of Spe- 
cimen 18B to which 3.6 at. pct C was added. The 
white phase in Specimen 13B, Fig. 6, is Ta,C. The 
fine structure seen in the matrix of this specimen 
and which was observed in Specimen 13A is due to 
crystallographic etch pitting. When these specimens 
were examined at higher magnification the carbide 
phase could be readily distinguished. Fig. 7, an elec- 


Fig. 8—Photomicrograph of Ta-N specimen annealed at 
1500°C. Specimen 36A, 4.24 at. pct N. X250. Enlarged ap- 
proximately 9 pct for reproduction. 
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tron micrograph of Specimen 13A, shows the crys- 
tallographic attack by the etch plus the carbide par- 
ticles. The carbide has round and oblong shapes. 
These fine carbide particles are not attacked by the 
etch and have the same appearance as the larger par- 
ticles which gave the Ta,C pattern by X-ray diffrac- 
tion. Similar but fewer particles were seen in the 


Fig. 9—Electron micrograph of Ta-4.24 at. pct N specimen 
annealed at 1500°C. Negative replica of specimen 36A is 
shown here. X18,000. Reduced approximately 44 pct for 
reproduction. 
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; 
= hkl Visual 
2.68 100 2.37 330 100 
= 2.46 002 2.26 420 90 
ana 2.36 101 1.98 510 40 
——— 1.82 102 1.68 600 90 
aa 1.55 110 1.42 550 15 
eo. 1.40 103 1.37 721 10 
1.31 112 1.28 732 30 
aa 1.29 201 1.24 811 25 
. = 1.23 004 1.18 660 15 
oS 1.18 202 1.13 840 10 1.65 021 70 
= 1.11 910 10 1.57 220 10 
A a 1.04 203 30 1.09 921 20 1.54 400 10 
meet 1.01 210 i 1.06 930 80 1.46 221 10 
ea . 0.994 211 1.02 941 30 1.43 401 5 
0.983 950 30 1.42 410 5 
= _ 0.970 666 50 1.33 022 30 
1.32 312 20 
1.19 113 30 


Fig. 10—Photomicrographs of Ta-N specimens annealed at 1000°C. (@) Specimen 30B, 0.27 at. pct N. (6) Specimen 31B, 


2.01 at. pet N. (c) Specimen 32B, 2.82 at. pct N. 


electron micrograph of the high-purity tantalum 
which contained 0.07 at. pct C. 


TANTALUM-NITROGEN SYSTEM 


A photomicrograph of a supersaturated Ta-N spe- 
cimen annealed at 1500°C is shown in Fig. 8. An 
electron micrograph of a supersaturated specimen 
(36A) is shown in Fig. 9. Based upon metallographic 
studies of these and other Ta-N compositions which 
were annealed at 1500°C, the solid-solubility limit 
of 3.70 at. pct as obtained by X-ray diffraction meth- 
ods was confirmed. However, the precipitate was not 
readily distinguished by optical or electron micro- 
scopical methods. In Fig. 9 the small rounded par- 
ticles are believed to be Ta,C as previously des- 
cribed, while the nitride phase is believed to be re- 
sponsible for the roughened matrix grains. At higher 
nitrogen contents (6.0 and 7.6 at. pct), Specimens 40A 
and 41A of Table III, the X-ray diffraction pattern 
of the nitride phase was observed. X-ray data for 
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(d) Specimen 33B, 3.99 at. pet. N. X250. 


the nitride phase are given in Table V. Its structure 
appears to be closely related to that of the bcc tanta- 
lum, but additional diffraction lines are observed 
which require a unit cell for the nitride phase slight- 
ly more than three times that of tantalum, confirm- 
ing Schonberg’s® results. The diffraction pattern of 
the tantalum matrix phase in the specimen highly 
supersaturated with nitrogen is very broad in the 
back-reflection lines, suggesting epitaxial growth of 
nitride on the tantalum matrix resulting in large 
amounts of strain in the tantalum lattice. 
Metallographically an etch pattern was observed 
in the 1000° and 500°C annealed specimens which would 
have indicated a nitrogen solubility of less than 0.27 
at. pct. Photomicrographs of various Ta-N speci- 
mens, annealedat 1000° and 500°C, are shown in Figs. 
10 and 11, respectively. However, no change in the 
etching characteristic occurred with increasing nitro- 
gen concentration which would coincide with the solu- 
bility limits of 2.75 and 1.8 at. pct as obtained by the 
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(a) (d) 
(c) (d) 
Fe 


Fig. 11—Photomicrographs of Ta-N specimens annealed 
at 500°C. (a) Specimen 23C, 0.63 at. pct N. (b) Specimen 
20D, 3.42 at. pct N. X250 


X-ray studies. Etch pits appear to outline subgrains 
with some pits occurring within the subgrain struc- 
ture. At high-nitrogen contents, a phase appears to 
be present within the pits, Specimen 33B. This phase 
could not be observed in the low-nitrogen specimen 
when examined at X500. Thus, because of the severe 
etch pitting of the Ta-N specimens after annealing at 
1000°and 500°C, the X-ray solid-solubility analyses 
of 2.75 at. pct and 1.8 at. pct, respectively, are con- 
sidered to be more reliable than could be deduced by 
the present metallographic methods. 


TANTALUM-OXYGEN SYSTEM 
In the Ta-O system the etch attack is uniform 


throughout the solid solution range. However, a fine 
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Fig. 12—Photomicrographs of Ta-O specimens annealed at 
1500°C. (a) Specimen 39A, 4.32 at. pct O. (b)Specimen 
35A, 5.27 at. pct O. X250. Enlarged approximately 11 pct 
for reproduction. 


etch pitting is observed in the matrix grains of super- 
saturated specimens. This etch pitting which was 
most pronounced in Specimens 39A, 34B, and 34C of 
Figs. 12, 13, and 14. This may indicate a transition 
product, however, no evidence for a precipitate phase 
could be detected by X-ray diffraction. X-ray diffrac- 
tion data for the platelike precipitate, which is shown 
in Figs. 12, 13, and 14 are given in Table V, has been 
identified as the low-temperature allotropic modifi- 
cation of Ta,O,. Another type of the precipitate in the 
Ta-O system consists of spherical particles. These 
are shown in Figs. 12(b), 13(b), and 14(b) and have 
been identified as the high-temperature allotropic 
modifications of Ta,O,. It is quite likely that the 
spherical oxide particles formed during the oxidation 
treatment but were not dissolved during the 1800°C 
homogenizing treatment. Based upon the presence of 
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Fig. 13—Photomicrographs of Ta-O specimens annealed at 
1000°C. (a) Specimen 34B, 3.16 at. pct O. (b) Specimen 
35B, 5.27 at. pct O. X250. Enlarged approximately 11 pct 
for reproduction. 


the latter oxide phase, it is likely that the solid solu- 
bility of oxygen in tantalum at 1800°C is less than 

5.3 at. pct. At temperatures of 1500°, 1000°, and500°C 
the metallographic and X-ray analyses are consis- 
tent and indicate solid solubilities of 3.65, 2.95, and 
2.5 at. pct, respectively. 


DISCUSSION OF RESULTS 


Of the interstitial elements carbon, nitrogen, and 
oxygen, the first is least soluble in tantalum. Al- 
though a precipitate, identified as Ta,C, was detected 
by the present metallographic studies of high-purity 
tantalum, the etching behavior of the unalloyed met- 
al has been attributed in part to other structural im- 
perfections. These imperfections are modified by 
thermal treatments in which the known compositional 
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Fig. 14—Photomicrographs of Ta-O specimens annealed at 

500°C. (a) Specimen 34C, 3.16 at. pct O. (b) Specimen 35C, 

5.27 at. pct O. X250. Enlarged approximately 11 pct for re- 


production. 


factors would not be altered. Fabrication-type dislo- 
cations which concentrate in and near grain bound- 
aries during heat treatment are believed to be respon- 
sible for this etching behavior. 

Oxygen impurity in tantalum would be the least 
likely, of the interstitials studied, to form a precipi- 
tate phase. The oxygen solubility limit, 3.65 at. pct 
at 1500°C, as established in the present studies is 
in good agreement with that reported by Gebhardt.? 
However, at lower temperatures, the present studies 
show somewhat greater oxygen solubility than he 
reported. These differences cannot be explained, but 
may indicate that solid solubility in the present low- 
temperature investigations is affected by the purity 
of the tantalum; or it is possible that equilibrium 
was not attained. Although a number of oxide phases 
containing less oxygen than Ta,O, have been reported 
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Fig. 15—Solid solubility of interstitials in tantalum based on 
present X-ray and metallographic studies of specimens 
quenched from 1500°, 1000°, and 500°C. 


to exist, the present study has shown only the two 
allotropic forms of Ta,0O,. The phase which forms a 
platelike precipitate was identified as the low-tem- 
perature allotropic modification. The high-tempera- 
ture modification was observed in specimens super- 
saturated with oxygen at the 1800°C homogenizing 
temperature. This oxide phase forms spherical par- 
ticles within the grains of tantalum as well as in 
grain boundaries. It appears that this phase forms at 
temperatures above 1500°C while the platelike low- 
temperature modifications of Ta,O, precipitates at 
temperatures below 1500°C. The low-temperature 
form is crystallographically oriented with respect to 


the matrix lattice while high-temperature Ta,O, grows 


at specific sites. 
The etching characteristics of the tantalum-nitro- 
gen alloys are interesting in that after the lower 
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temperature (1000°and 500°C) anneals, etch pits 
formed which indicate a subgrain structure. This 
subgrain structure is probably due to lattice strains 
which develop prior to precipitation. Although the 
solubility of nitrogen in tantalum at 1500°C was as 
great as the oxygen solubility, nitrogen has signifi- 
cantly lower solubility than oxygen at 1000° and 500°C. 
In the case of the supersaturated nitrogen alloys, the 
matrix lattice is highly strained by the precipitate. 
This strain is probably due to the epitaxial growth of 
nitride on the tantalum matrix lattice. The pseudo 
cell of the nitride phase is approximately 2 pct larger 
than that of tantalum. The present metallographic 
studies have not distinctly shown the initial nitride 
precipitate, but it is believed to form in subgrain 
boundaries. 

The solid-solubility limits of the interstitials, car- 
bon, nitrogen, and oxygen, in tantalum at 1500°, 1000°, 
and 500°C are shown in Fig. 16. The solubility of 
oxygen at 1800°C is also indicated based upon the 
results of the present study. X-ray diffraction data 
for the initial precipitate phases were obtained and 
are given in Table V. 
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Determination of the Glide Elements 


and Recrystallization in InSb 


M. S. Abrahams and G. W. Neighbor 


The active slip plane in InSb is found to be of the 
{111} type by using the method of two-trace analy- 
sis. Measurements of the rotation of the tensile axis 
with increasing plastic shear strain indicate that the 
macroscopic slip direction is a <110>. Recrystal- 
lization is first observed ata shear strain of about 
70 pct for a crystal deformed at a temperature of 
473°C and at a shear strain rate of 2.90 times 
10~* sec~'; the dislocation density corresponding to 
this value of the strain is 1 x 10° cm~?, At a shear 
strain of about 170 pct, the recrystallization process 
is complete. This appears to be the first time re- 
crystallization has been observed in a semiconduc- 
tor. 


Tue operation of the {111} glide plane in Ge was 
first noted by Gallagher.’ This finding was confirmed 
by Treuting? who also extended the result to Si. Using 
X-ray techniques, Treuting* demonstrated that the 
macroscopic slip direction in Ge was of the <110> 
type. The choice of the {111} <110> slip system in 
Ge is expected since in the diamond-type structure 
the {111} plane is the plane of highest density and 

the <110> direction is the direction of closest pack- 
ing.? 

There is little reason to expect that the glide ele- 
ments of InSb are different from those of Ge, since 
the zinc-blende structure characteristic of InSb is 
quite similar to the structure of Ge. With regard to 
InSb, Allen® has indicated that the glide plane is the 
{111} type. There appears to be no quantitative de- 
termination of the glide direction, however. 

The present work was undertaken to establish both 
the glide plane and glide direction in InSb and also 
to see if recrystallization occurs at large shear 
strains. 


EXPERIMENTAL PROCEDURE 


Mechanical Deformation. The single crystals of 
InSb used in this investigation were deformed in uni- 
axial tension. The tensile axis of the specimens was 
be, and the periphery was bounded by {111} and 
{321} planes as shown in Fig. 1. The metallographi- 
cally polished specimens were deformed in a dyna- 
mic atmosphere of He, using an Instron machine. The 
tensile tests were performed at temperatures in the 
range of 300°C to the melting point (525°C) and at 
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shear strain-rates varying between 1.94 x 107* sec 
to 1.94 x 1078 sec™. Additional details concerning 
the preparation and deformation of the specimens 
have been presented previously .® 

Analysis of the Glide Elements. The traces of the 
active slip plane in both (111) and (321) planes were 
analyzed according to the usual method of two-trace 
analysis.’ 

The macroscopic slip direction was determined by 
measuring the rotation of the tensile axis as a func- 
tion of plastic strain. These measurements were 
made from Laue back-reflection X-ray photographs. 
The X-ray beam was perpendicular to the (111) plane. 
A given crystal was used for only one measurement 
of the rotation of the tensile axis after it had been 
strained to a predetermined value. Therefore, care 
was taken at all times to insure that the X-ray beam 
was parallel to the [111] direction of all the samples. 


RESULTS AND DISCUSSION 


Glide Plane. After 3.4 pct plastic shear-strain, at 
a temperature of 369°C and a shear strain-rate of 
1.94 x 1074 sec™, the slip traces on the (111) and 
(321) planes appear as in Figs. 2(a) and 2(b), respec- 
tively. The results of an analysis of these glide 
markings demonstrate that the slip plane is (111). 
The operation of this plane is expected on the basis 
of the orientation of the specimen, since glide on 
this plane and in the [101] direction will result in 


[145] [321] 


Fig. 1—Geometry and orientation of tensile specimens. 
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(6) 
Fig. 2—Glide traces on specimen plastically deformed 3.4 
pct at a temperature of 369°C and at a shear-strain rate of 
1.94x 1074 sec™!. X100. (a) (111) face; (b)(321) face. En- 
larged approximately 32 pct for reproduction. 
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Fig. 3—Secondary slip within deformation band in specimen 
plastically deformed 41.5 pct at a temperature of 421°C and 
at a shear-strain rate of 1.94 x 1074 sec™!. Observation 
plane is (111). X135. Reduced approximately 11 pct for re- 
production. 


the highest value of resolved shear stress for a giv- 
en tensile stress. 

This plane was observed to operate over the tem- 
perature range from 300 to 515°C and for values of 
the shear strain-rate ranging from 1.94 x 107* sec™ 
to 1.94 x 107° sec™. Also, this plane remained 
operative for shear strains up to and in excess of 
100 pct. The gross operation of a second slip plane 
was not observed at any time. However, secondary 
slip planes were observed to operate on a limited 
scale both within deformation bands, as seen on the 
(111) face of the specimen in Fig. 3, and also as 
cross-slip planes, as seen on the (321) face in Fig. 
4. Based on one-trace analysis, the operative slip 
plane within the deformation bands corresponds to 
(111). 

It is noteworthy that the absence of cross-slip on 
the (111) face and the presence of cross-slip on the 
(321) face imply that the dislocations intersecting 
the (111) face are predominantly edge-type while 
those intersecting the (321) face are screw-type. 


Fig. 4—Cross slip in specimen plastically deformed 39.5 
pet at a temperature of 421°C and at a shear-strain rate of 
2.90 x sec“! Observation plane is (821). X62.5. Re- 
duced approximately 11 pct for reproduction. 
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Table |. Rotation of the Tensile Axis with Plastic Strain. 


Resolved Shear Rotation of Tensile Axis, deg 
Specimen Strain Measured Calculated pe 
1 0 0 0 
2 0.001 0 0.04 
3 0.023 1.8 0.68 
4 0.113 2.8 3.24 
5 0.217 7.5 5.96 
6 0.298 8.0 7.91 
7 0.415 12.8 10.46 
8 0.522 13.5 12.58 
9 0.611 16.0 14.18 
10 0.710 16.5 15.84 
11 0.896 17.5 18.59 
12 1.35 23.0 23.81 
13 222 recrystallized 30.26 
This is further interpreted as evidence that essen- 
tially only one slip system is operating where the 
edge-type components of the newly generated loops 
intersect the (111) plane and the screw-type compo- | 
nents intersect the (321) plane. \ Ye} 
Glide Direction. Both the experimentally meas- b 001 
ured and calculated values of the rotation of the ten- Oll 
sile axis are presented in Table I, as well as the Fig. 5—Rotation of tensile axis with increasing shear-strain. 
resolved shear strain at which the rotations were Numbers adjacent to experimental points refer to specimens 
evaluated. The experimental determination of the listed in Table I. 
rotation of the tensile axis could not be carried out cause of the onset of recrystallization. It can be seen 
for shear strains greater than about 135 pct due to that the measured values of the rotation are in rea- 
the extreme asterism of the Laue spots andalso be- _—sonably good agreement with the calculated values. 


(a) 


(0) 
Fig. 6—Back reflection X-ray patterns obtained from specimens deformed at a temperature of 473°C, at a shear-strain 
rate of 2.90 x 1074 sec™!.and to a plastic strain of: (a) 0 pet; (6) 21.7 pct; (c) 29.8 pct; (d) 52.2 pct; (e) 89.6 pet; (f) 210 
pet. 
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Fig. 7—Photomicrographs of specimens deformed at a tem- 
perature of 473°C, at a shear-strain rate of 2.90 x 1074 
sec! and to a plastic strain of: (a) 89.6 pct; (b) 210 pet. 
X2500. Reduced approximately 12 pct for reproduction. 


Fig. 5 shows on a stereographic plot the actual 
position of the tensile axis after various deforma- 
tions. The numbers adjacent to the experimental 
points refer to the specimens listed in Table I. The 
tensile axis is seen to rotate toward the [101] pole 
indicating that this direction corresponds to the mac- 
roscopic slip direction. In addition, at a shear strain 
of 135 pct, the tensile axis has rotated 23 deg from 
its initial position which is about 4 deg past the 
[112] symmetry position at which the occurrence of 
glide on the (111) [011] system is expected. The ab- 
sence of slip markings corresponding to this secon- 
dary glide system may indicate that the available 
sources in the (111) plane have undergone latent hard- 
ening due to the considerable amount of prior defor- 
mation on the primary glide system. The occurrence 
of recrystallization at greater shear-strains pre- 
vented further mapping of the rotation of the tensile 
axis. 

Recrystallization. The appearance of the Laue 
back reflection X-ray photographs after various 
amounts of deformation is shown in Fig. 6. The spe- 
cimens were deformed at a temperature of 473°C and 
at a shear strain rate of 2.90 x 107* sec™!. For com- 
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parison, the Laue pattern obtained from an unde- 
formed sample is shown in Fig. 6(a). It is seen that 
the symmetry is typical of that obtained from having 
the X-ray beam parallel to a <111> direction and 
also, that no asterism is present in the individual 
Laue spots. After a shear strain of 21.7 pct, as seen 
in Fig. 6(b), the pattern remains virtually unchanged 
except that some asterism of the Laue spots is pres- 
ent. After strains of 29.8 pct, Fig. 6(c’, and 52.2 pct, 
Fig. 6(d), the asterism of the Laue spots becomes 
progressively more pronounced, but it is apparent 
that the specimen is still a single crystal. However, 
after a shear strain of 89.6 pct the presence of Debye 
rings is noted* although the original symmetry of 


*The Debye rings first appear at a strain of about 70 pct. The X-ray 
pattern shown here was used because of clarity in reproduction. 


the Laue pattern is evident, Fig. 6(e). This is inter- 
preted as partial recrystallization in which isolated 
recrystallized regions have appeared in the heavily - 
strained single crystal matrix. The recrystallization 
process is complete*™ after a strain of 210 pct, Fig. 
**The Laue spots are completely absent at a shear strain of about 


170 pct. The X-ray pattern shown here was used because of clarity in 
production. 


6(/). In this figure, none of the former Laue spots 
are seen and the Debye rings are well developed. The 
pattern exhibits a strong preferred orientation of 
complex character and shows twofold symmetry 
about the former <211> direction. In addition, chem- 
ical etching’ of the (111) face reveals that in local- 
ized areas the dislocation density is as high as 1 x 
10° cm? at the beginning of the recrystallization 
process. 

The specimens, from which the X-ray patterns in 
Figs. 6(e) and 6(f) were obtained, were also exam- 
ined microscopically to check on the occurrence of 
recrystallization. The (111) face of each of the spe- 
cimens was metallographically polished and then 
chemically etched in a reagent* which preferen- 


*The etchant contains 1 part of the following: 7 parts HF + 8 parts 
HNO, + 5 parts (CH,) COOH, diluted in 5 parts H,O. 


tially attacks grain boundaries in InSb. The photo- 
micrograph shown in Fig. 7(a) is typical of the struc- 
ture that produced the X-ray pattern in Fig. 6(e). In 
the upper right quadrant of Fig. 7(a), a polycrystal- 
line region of the specimen is seen, while in the re- 
mainder of this figure the specimen is single crys- 
talline although polygonized. Thus, the results of the 
microscopic examination which indicate that the spe- 
cimen is partially recrystallized, fully agree with 
the previous interpretation of the X-ray pattern. In 
Fig. 7(b), which corresponds to Fig. 6(f), the recrys- 
tallization process is complete. Also, the individual 
grains are elongated in the direction of the tensile 
axis, indicating the existence of a preferred orienta- 
tion. These results again confirm those obtained 
from an analysis of the X-ray pattern, Fig. 6(/f). 


CONCLUSIONS 


1) The active glide plane in InSb is a {111}. 
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2) The macroscopic glide direction in InSb is a 
<110. 
3) Recrystallization begins at a shear strain of 


about 70 pct, and is complete at a shear strain of 
about 170 pct. 
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Silver Diffusion in the Intermetallic Compound AgMg 


W. C. Hagel and J. H. Westbrook 


Using a sectioning technique with Ag'” as the 
tracer, the diffusion of silver in silver-excess (45.8 
at. pct Mg), near-stoichiometric (49.8 at. pct Mg), 
and magnesium-excess (52.0 at. pct Mg) cylinders 
of CsCl-type AgMg was determined from 500° to 
700°C. Diffusion coefficients conform to the expres- 
sion D = Dy exp (-Q/RT) where the respective Dy 
values are 1.53, 0.280, and 0.134 sq cm sec™ and 
the Q values are 41.3, 40.6, and 38.0 kcal g-atom™?. 
Lattice-parameter and density measurements were 
performed on a more numerous assortment and 
wider vange of compositions. Substitutional defects 
were found on both sides of stoichiometry. Activa- 
tion energies for other rate processes in these 
alloys show related trends with changing composi- 
tion, although silver may not be the rate-determin- 
ing species. 


KwNowLepGE of diffusion coefficients is necessary 
for a quantitative understanding of the many rate 
processes (e.g., grain growth, precipitation, sinter- 
ing, oxidation, or mechanical deformation) occurring 
in solids. Although these data are available for most 
metals and common alloys, they are quite limited 
for intermetallic compounds—a group of materials 
whose unique physical and mechanical properties are 
presently attracting great interest. From a funda- 
mental viewpoint, diffusion in intermetallic com- 
pounds also offers several engaging aspects owing 
to: their ordering, the possibility of introducing 
large, stable concentrations of lattice defects, and 
the variety of bonding types and crystal structures 
which can be found. In the case of CsCl-type com- 
pounds, some previous work has been directed at 
examining the role of vacancy defects by changing 
their concentration compositionally. The diffusion 
of Co was measured in f NiAl’»? and in 6 CoAl.*»4 
Except for the results of Smoluchowski and Burgess,’ 
isothermal diffusion coefficients were found to pass 
through a minimum at the stoichiometric composi- 
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tion.* When activation energies were determined, 


*Note added in proof. The authors have recently learned of the work 
of Gertsriken et al. (Issledovaniia po zharprochnym splavam T. Z.M. 
Akad. Nauk SSSR, 1958, pp. 68-76) who measured the diffusion of Co 
and Fe* in B FeAl. In the case of Co® diffusion, the number of alloys 
they studied was adequate to demonstrate a stoichiometric minimum for 
this compound as well. 
they decreased sharply on what was reported by 
Bradley and co-workers®’® to be the vacancy -rich 
(aluminum excess) side of stoichiometry. 

This investigation of the diffusion of Ag’?° in AgMg 
was undertaken both as an adjunct to a concurrent 
study of its deformation behavior and for the purpose 
of obtaining information on the influence of lattice de- 
fects and temperature on diffusion in another CsCl- 
type intermetallic compound. Bcc AgMg remains 
ordered up to and melts congruently at 820°C. Solu- 
bility limits at 300°C are about 41 at. pct Mg and 53 
at. pct Mg. It is one of the Hume-Rothery electron 
compounds with a 3/2 electron-atom ratio. Previous 
investigations of its properties include hardness,’~® 
electrical resistivity,’ and thermodyna- 
mic?,!* studies. Indications of a high bonding strength 
may be found in the large heat of mixing’* and in the 
6-pct vol contraction on compound formation, as cal- 
culated using atomic radii of 1.40 and 1.55A for Ag 


and Mg. 


EXPERIMENTAL PROCEDURE 


Alloys were prepared by the induction melting of 
selected fine silver (99.95) and low-iron magnesium 
(99.95)* in magnesia crucibles under 1 atm of A. 

*Supplied by the Handy and Harmon and Dow Chemical Cos., respec- 
tively. 

Melts were poured under argon into graphite molds 
providing 1 1/8-in.-diam. by 4-in.-long ingots. These 
were homogenized in evacuated and argon-filled 
fused-silica capsules by heating for 16 hr at 750°C. 
Three 1 in.-diam. by 3/4-in.-long cylinders were 
machined from the mid-portion of each ingot for dif- 
fusion measurements. Three alloys, analyzing 45.8, 
49.8, and 52.0 at. pct Mg were taken as representing 
the extremes of interest, with 49.8 at. pct Mg being 
very close to the stoichiometric composition of 50.0 


at. pct Mg. 
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In addition to those compositions, many more were 
used to give complete information on the change of 
lattice parameter and density with magnesium con- 
tent. Samples for X-ray and density measurements 
were obtained from 0.040-in. wire hot extruded in 
two stages from the remainder of the original and 
other cast and homogenized ingots. As confirmed by 
periodic chemical analyses of machined chips, both 
the diffusion cylinders and the extruded wires re- 
tained their original ingot composition throughout 
the investigation. Use of wrought material for den- 
sity measurements helped to ensure freedom from 
macroscopic voids, although further microscopic 
examination did not reveal their presence in the cast 
material. 

The plane surfaces of each diffusion cylinder were 
ground flat and parallel to a fine finish. After apply - 
ing a light etch (H,SO,, CrO,, and H,O) to clean the 
surface, an average linear grain size of no less than 
5 mm was noted. This is believed to be sufficiently 
coarse to avoid the complications of grain-boundary 
diffusion. There was no observable dependence of 
volume -diffusion coefficients on grain orientation. 
One cylinder was used for several diffusion anneals 
first at low and then at higher temperatures after 
removing all traces of the previous run. 

Radioactive Ag’!°, which decays by emitting f par- 
ticles (0.53 mev) and y-rays over a half life of 270 
days, was obtained from the Oak Ridge National Lab- 
oratory as a 7.5 mc ml“ solution of AgNO, in HNO,. 
The solution was added to an aqueous electrolyte 
containing KOH, K,CO,, and KCN. At very low cur- 
rent densities, thin layers of the isotope, a few hun- 
dred AngstrSms thick, were deposited uniformly 
onto one of the flat faces of each specimen. Paraffin 
was used to eliminate deposition elsewhere. After 
electroplating, each specimen was thoroughly washed 
and lightly buffed to remove any unevenness. The 
amount of isotope remaining was too small to have 
any later effect on alloy composition. The plated 
cylinders were sealed in evacuated and argon-filled 
fused-silica capsules and diffusion annealed in Ni- 
chrome-wound resistance furnaces where tempera- 
tures from 450°to 700°C were maintained constant 
within +2C° for times up to 229 hr. Specimen tem- 
peratures in a 4-in. constant temperature zone were 
measured with Pt/Pt-10Rh thermocouples; annealing 
was commenced and terminated by pushing the cap- 
sules to and from this zone. At 700°C, a small 
amount of magnesium oxidation and evaporation was 
noted, but these effects were minimized by placing 
plated and unplated cylinders of the same composi- 
tion face to face in a capsule. 

A sequence of layers varying from 0.0002 to 0.0020 
in. thick, as determined by a fixed-position dial gage, 
was machined in a lathe from the radioactive face of 
each specimen. This involved mounting the specimen 
face exactly 90 deg to the lathe axis, turning off a 
1/16 in. layer from the cylindrical surface to elimi- 
nate surface-diffusion effects, and capturing chips 
and dust by suction. Measurements of total cylinder 
length before and after all sections were removed 
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showed very close agreement with the sum of the 
dial-gauge readings. A reproducible counting geome- 
try was maintained by placing the counter on the 

tool mount so that it could be brought in line with the 
lathe axis after each section was removed. Plastic 
positioning cups, without and with an aluminum £8 ab- 
sorber, kept the counter window a constant distance 
(1/8 in.) from the specimen face. Counting rate was 
digitally recorded using a Nuclear-Instrument auto- 
scaler with a dual timer. 

Although these alloys are machinable, the turnings 
become progressively finer with increasing magnesi- 
um content, and adequate safety precautions must be 
taken to avoid radioactive contamination. The proce- 
dure of measuring directly the total radioactivity of 
the dust from each layer was found to be unreprodu- 
cible and hazardous. Therefore, the Gruzin'> tech- 
nique, where the remaining activity in the specimen 
is measured after each layer is removed, was em- 
ployed. If J is the activity of the specimen face after 
a section of thickness x has been removed, then the 
appropriate Fick’s- Law solution is: 


Ox 


[1] 


where uy is the linear absorption coefficient, D is the 
diffusion coefficient, K is a constant, and ¢ is the 
time of isothermal diffusion. 

The J used here was the difference in counts per 
min (corrected for dead-time coincidence) measured 
without and with a 6 absorber, 7.e., it is only the B 
activity of the specimen surfaces; this double-count- 
ing procedure necessitates no background correction. 
By counting the activity of two specimens individual- 
ly and jointly, a dead time (7) of 100 ysec was found 
at the plateau voltage (1275 v) of the Anton mica- 
window counter tube used. The coincidence-corrected 
count equals the measured count ” divided by 1 - 77. 
Depending on initial specimen activity and the accu- 
racy required, J varied from 40,000 to 20 counts per 
min. With the source, counter tube, and geometry 
chosen, the counts through a series of 1.73 to 210 mg 
cm™~? aluminum absorbers, corrected for air and 
mica absorption, showed that a 0.015-in. aluminum 
sheet would effectively absorb all 6 radiation. Since 
the half life of Ag’? is relatively long, no decay cor- 
rections were applied to a series of counts extend- 
ing over one or two days. 

While p can be derived theoretically, it is best 
also to adjust for obliqueness of radiation by solving 
for » in the manner described by Borg and Birche- 
nall.’® Here activity is counted after sections of 
varying thicknesses have been machined away. If 
initial surface activity is J; and the activity after one 
layer of thickness Ax has been removed is Jy, then 
the contribution to J; from the layer removed is equal 
to i; - Ife” w4X Hence, the mean activity in the re- 
moved layer = (J; - 4) et4*/2 and a loga- 
rithmic plot of J,,/Ax vs x? will fall on a straight 
line when the correct value of yu is found by reitera- 
tion. This was done for several penetration curves, 
and the best fit occurred for all three alloys when a 
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I = ln exp (- x?/4Dt) 
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7 Table |. Diffusion Data, Ag*’® in AgMg 
L 4 Temp., Time, 
%¢ Hr D’ cm?/sec D cm?/sec 
700 72.0 6.94x107° 7212 x 107° 
650 161.5 2.29x10-° 2.44 x 107 
108 4 650 96.0 3.09x10-*? 3.21 x 107° 
Ag-45.8 at. pctMg = 144.0 5.68 x 107" x 
| 550 144.0 1.67x10- 1.93 x 107" 
550 192.0 2.79x10-? 3.01 x 107" 
= 700 96.0 1.93x 107° 2.01 x 107° 
2 193 45.8 Mg 650 120.0 6.30x 6,51 x 
600 144.0 1.75x10- 107" 
S + at. pct Me 550 229.0 5.11 x x 
550 120.0 4.96x10- 107" 
= 500 168.0 7.74x107 9,20 x 10-" 
= 
700 144.0 4.26x107° 4.35 x 107*° 
700 72.0 4.61 x 4.70 x 10~*° 
650 161.5 8.97x 107% 9.46 x 107" 
a Ag-52.0 at. pctMB 699 144.0 3.31 x 3.52 x 
4 550 120.0 8.41x10-? 10-" 
500 192.0 2.44x10-? 2.78 x 
iol L nealed in fused-silica capillaries under a partial 
r pressure of argon for 2 hr at 400°C. Debye-Scherrer- 
L ; Hull powder patterns were obtained at 23°C in a 10- 
cm back-reflection camera using Cu k, radiation 
(ra, = 1.54051A). The patterns were of uniformly ex- 
cellent quality with all lines, including the superlat- 
10°5 2 3 4 5 6 7 tice lines, sharp and clear. No extra lines of any 
2 


SECTION THICKNESS* 


Fig. 1—Typical experimental results for Ag!0 diffusion 
in AgMg alloys after 144 hr at 600°C showing £ activity 
of specimen surface as a function of section thickness 
squared. 


u of 800 cm™ was used; the same p should apply for 
all temperatures. Although the precision in p as 
thus determined is only fair, D is rather insensitive 
to uw as long as the latter is relatively large. 

To a first approximation, one can assume that the 
Tin Eq. [1] is >(1/p) (aZ/ax) and write 


I= K’ exp (- x?/4D’t) [2] 


Then, on plotting In/J vs x? a straight line whose slope 
is -1/4D’t should result. As shown by the examples 
of Fig. 1 and all plotted penetration curves, this as- 
sumption holds true; however, a more exact value of 
Dcomes from evaluating (1/) (8//8x). This is achieved 
by differentiating Eq. [2] and substituting particular 
values of J and x into the relation 


I [3] 
One can now plot In [J - (1/)(@//ax)] vsx? toget anew 


corrected slope and a better value for D. The proce- 
dure can be repeated if necessary, although for these 


specimens a third correction was found to give a neg- 


ligible change in D. Table I gives the D’ and D val- 
ues determined in this manner for the three alloys. 
Powders for precision lattice-parameter deter - 
minations were prepared by diamond filing of wire 
specimens. Powder samples were strain-relief an- 
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kind were found; “d” values were measured directly 
from the film and a,’s were calculated using a Nel- 
son-Riley extrapolation. 

The geometry of the wire specimens was suffi- 
ciently good that density measurements could be 
made by a direct gravimetric method. Wire sam- 
ples about 2 1/2 in. in length were squared at the 
ends by filing and then weighed in air on an analyti- 
cal balance. Lengths were measured with Vernier 
calipers and diameters were measured under a low- 
power microscope equipped with a filar micrometer. 
Checks were made to ensure true cylindricity of the 
wires. A few determinations were also obtained by 
conventional water displacement on both wire and 
bulk samples, using water to which a small amount 
of wetting agent had been added. 


RESULTS 


Fig. 2 shows a semi-logarithmic plot of the diffu- 
sion coefficients recorded in Table I vs the recipro- 
cal of absolute temperature.* Least-squares lines 


*Data obtained at 450°C are not included because of lack of con- 
fidence in their accuracy (see below). 


through each family of points can be expressed by 
the Arrhenius equation D = D, exp (-Q/RT) or speci- 
fically by the equations 


Dyg (45.8 at. pet Mg) = 1.53 exp (-41,300/R7) 


cm? sec™ [4] 
Dag (49.8 at. pct Mg) = 0.280 exp (-40,600/R 7) 
cm? sec"! [5] 
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Fig. 2—Plot of Da, vs 1/T for silver-excess, stoichio- 
metric, and magnesium-excess AgMg. 


Dyg (52.0 at. pct Mg) = 0.134 exp (-38,000/R7) 


cm? sec™ 


[6] 


The sum of possible errors in measuring composition, 
radiation, section thickness, temperature, and time 
for each diffusion coefficient is estimated to be about 
10 pct. This was confirmed by several repeat runs, 
although the range appears to be exceeded by some 

of the non-stoichiometric specimens in a non-syste- 


Table II. Lattice Parameter and Density Data for AgMg 


Density gm 


Composition, Lattice 5» Grav. Displ. Displ. 

at. pct. Mg Parameter, A Wire Wire Bulk 
43.9 3.3006 + 0.0002 6.518 6.530 - 
45.8* 3.3055 + 0.0002 6.436 ~ 6.425 
46.2 3.3057 + 0.0001 - ~ - 
48.0 3.3092 + 0.0001 6.214 - _ 
49.0 3.3119 + 0.0001 - - - 
49.0 3.3129 + 0.0001 - - - 
49.8* 3.3134 + 0.0001 6.063 6.030 6.080 
50.3 3.3142 + 0.00014 5.962 - = 
51.2 3.3166 + 0.0002 
3.3175 + 0.0002 - 
51.5 3.3193 + 0.0001 5.933 ~ 
52.0* 3.3220 + 0.00017 5.851 - 5.870 
53.9 3.3282 + 0.0001 5.649 5.650 - 


*Compositions of diffusion specimens. 
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LATTICE PARAMETER, a, IN A 


© THIS STUDY 
@ AGEEV & KUZNETSOV (SLOW COOLED) 
A A AGEEV & KUZNETSOV (q fm 675°) 
® AGEEV & KUZNETSOV (qfm 260°) 
43 47 49 53 
ATOMIC % Mg 


Fig. 3— Lattice parameter of AgMg as a function of com- 
position as determined in this study and compared with 
the results of Ageev and Kuznetsov.® 


55 


matic manner. The largest error may lie in the de- 
termination of absolute temperature. The average 
probable errors in the frequency factor D, and the 
activation energy @ are +0.6 sq cm sec™ and +0.9 
kcal g-atom™, respectively. 

At any one temperature within the range consid- 
ered, the diffusion coefficient for the stoichiometric 
composition is always lower than those for the other 
two compositions. The well-defined linearity of all 
penetration curves down to low-counting levels 
showed no interference from grain-boundary diffu- 
sion. Specimens annealed at 450°C required much 
longer diffusion times and were generally unreliable 
from the smaller number of counts which could be 
made; yet, there was some indication of Ag??° diffus- 
ing faster in 52.0 at. pct Mg than in 45.8 at. pct Mg. 

The lattice-parameter measurements are presented 
in Table II and Fig. 3 where the compositions plotted 
are the analyzed compositions converted to atomic 
percentages. The parameter value for stoichiometric 
AgMg may be determined by interpolation to be 
3.3136 +0.0002A. 

Fig. 4 shows the results of both types of density 
measurements as a function of composition. It com- 
pares these data with densities calculated from the 
lattice-parameter measurements using substitutional 
and vacancy -defect models on both sides of stoichio- 
metry; a calculated density curve is also shown on 
the silver-excess side for an interstitial defect model. 
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Fig. 4—Density of AgMg as a function of composition. 
Solid lines are calculated densities from X-ray data using 
a substitutional defect model. Broken lines are for simi- 
lar calculations using vacancy and interstitial models. 


DISCUSSION 


A comparison is made in Fig. 3 of lattice-para- 
meter data from this study with those of Ageey and 
Kuznetsov,® after converting their kx units to Ang- 
stréms; agreement is reasonably good. Other para- 
meter measurements on AgMg by Owen and Preston,?’ 
George,’® and Letner and Sidhu’® are of much lower 
precision and are, therefore, not shown. A magnesi- 
um excess appears to expand the AgMg lattice while 
a silver excess constricts it. The relative distortion 
per at. pct of excess atom is greater for magnesium 
than for silver, although values from the present work 
(0.114 pct and 0.0628 pct for each at. pct of Mg and 
Ag, respectively) are in both cases somewhat less 
than those indicated by the data of Ageev and Kuznet- 
sov. These results appear consistent with the rela- 
tive sizes of the silver and magnesium atoms and a 
substitutional defect model. It is of interest to note 
that excess magnesium has relatively more pro- 
nounced effects on thermodynamic?*»** and mechan- 
ical? properties than does a silver excess. 

Confirmation of the substitutional defect model is 
provided by the density measurements of Fig. 4. It 
is clear that neither a vacancy nor an interstitial 
model can account for the observed density changes 
with composition, but the substitutional model does 
so quite well, essentially within the scatter of the 
data. Note that the calculated curve for the substi- 
tutional model consists of two straight line segments 
joined at the stoichiometric composition. Their near 
coincidence as a single straight line is due to the 
fact that the light atom expands the lattice and the 
heavy one contracts it almost proportionately. On the 
basis of a study where the relative intensities of 
normal X-ray diffraction lines and adjacent superlat- 
tice lines were compared, Ageev and Kuznetsov® ar- 
rived at the same conclusion. This finding is of im- 
portance to the interpretation of the diffusion results 
in that it indicates that the vacancy or interstitial 
defects present are principally those of thermal 
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Fig. 5—Compositional dependence of activation energies 
for Ag!!° diffusion and for other rate processes in AgMg. 


rather than constitutional origin. The diffusion re- 
sults may, therefore, be best compared with analo- 
gous studies of solute effects in substitutional solu- 
tions of other intermetallic compounds or pure met- 
als, even if they are not of the CsCl structure. 

The 2.6 kcal g-atom™ decrease in activation ener- 
gy from 49.8 at. pct Mg to 52 at. pct Mg is small com- 
pared to the 20 kcal g-atom™ change found, in NiAl 
from 49.3 at. pct Al to 51.5 Al, by Berkowitz et al.” 
when excess vacancies are present, confirming to 
some extent their reasoning that the latter number 
is near the activation energy for vacancy formation. 
The slight positive rise in activation energy with ex- 
cess silver may at first appear to contradict the 
usual correlation of Q with melting temperature, 
since the 45.8 Mg alloy melts about 10°C lower than 
the stoichiometric composition. However, Mortlock 
and Tomlin” have observed a similar increase with 
increasing solute concentration for the diffusion of 
Cr* in substitutional 8 Ti-Cr alloys, whose melting 
temperatures are decreasing; there is also a corre- 
sponding decrease in lattice parameter with increas- 
ing chromium content according to measurements by 
Duwez and Taylor.” The present study cannot differ - 
entiate whether a vacancy, interstitial, or intersti- 
tialcy diffusion mechanism is in effect, but for all it 
seems reasonable that Q in this case is primarily 
dependent on lattice parameter. As lattice parameter 
decreases, the diffusing Ag!?° assumes a relatively 
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larger size factor and the binding energy of nearby 
solute atoms in the AgMg matrix will increase. The 
order of magnitude of the measured D, values sug- 
gests that the activation entropies are positive and 
that there is little need to consider a ring mechanism. 

Fig. 5 compares the diffusion activation energies 
with those derived for other rate processes in AgMg 
in a concurrent study of its mechanical behavior.” 
There are included an activation energy for normal 
grain growth in a single phase magnesium-excess 
alloy and activation energies for the tensile flow of 
extruded polycrystalline wires derived from studies 
of the effects of strain rate and temperature. Two 
regions of activated deformation behavior were dis- 
tinguished in the tensile-flow experiments: one prev- 
alent at temperatures above about 400°C (0.67,,,,) hav- 
ing a composition-dependent activation energy of ~40 
kcal and one prevalent at lower temperatures, 150° 
to 300°C (~0.457,,,,), for which the activation energy 
changes abruptly from one side of stoichiometry to 
the other. The lower temperature phenomena are 
identified with interactions between dislocations and 
solute atoms, perhaps dislocation pinning. Both the 
trend of the activation energies with composition and 
the approximate magnitudes are in rough agreement 
for the high-temperature flow stresses and for Ag??° 
diffusion. It cannot be stated with certainty from the 
present results whether silver or magnesium is the 
faster diffusing species in this material. High-tem- 
perature deformation would be expected to be con- 
trolled by the slower moving species, and so, if mag- 
nesium is the slower, there may yet be closer agree- 
ment as to magnitude. The diffusion of magnesium 
in AgMg would be difficult to measure, since its iso- 
topes all have very short half-lives, but further work 
on marker movements and interdiffusion coefficients 
may provide an indirect determination. The decreas- 
ing trend in both the flow stress and Ag"?° diffusion 
activation energies withincreasing magnesium con- 
tent is probably indicative of a general loosening of 
the lattice as is also indicated by the magnesium ac- 
tivity measurements of Kachi.'S 

Activation energies for grain growth are most 
closely identifiable with grain-boundary rather than 
volume self-diffusion according to Turnbull.”*> This 
process as well as the deformation process should 
be controlled by the slower moving species. If the 
slower species were silver, the apparent activation 
energy for the one composition for which grain- 
growth data are available seems much too high rela- 
tive to the energy observed for the volume diffusion 
of silver in magnesium-excess AgMg. On the other 
hand, if magnesium is the slower species, then the 
grain-growth activation energy may approximate 
that for grain-boundary diffusion of magnesium and 
thus indicate a higher activation energy for volume 
diffusion of magnesium than for silver on the magne- 
sium-excess side. Such a result would be inconsis- 
tent with the close correspondence of the flow stress 
and silver volume-diffusion energies. 

As mentioned above, deformation behavior in the 
150°to 300°C range is dominated by dislocation and 
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solute-atom interactions. Hence, in the simplest 
view, the derived activation energies are to be corre- 
lated with the diffusion of solute atoms to dislocation 
sites. If the interacting solute is one of the excess 
atom types, then correlation with self-diffusion acti- 
vation energies is to be expected. Cottrell** follow- 
ing the empirical observations of Mott®> suggests 
that a value of about one-third the self-diffusion ac- 
tivation energy would be appropriate, and he proceeds 
to calculate the temperature range in which dynamic 
dislocation interactions with solute atoms should be 
observed. If this approach is applied to AgMg using 
the diffusion activation energies found here, temper- 
atures of 184° to 224°C are obtained in satisfactory 
agreement with observations of 150° to 300°C from 
the mechanical tests.?? On the other hand, the appa- 
rent activation energies derived from the tensile ex- 
periments in this temperature range are far in ex- 
cess of Q/3 and show a distinct discontinuity at stoi- 
chiometry. Several possibilities exist: Cottrell’s 
analysis may not be generally applicable; the tensile 
activation energies may be fictitious if two or more 
processes operate concurrently; the pertinent diffu- 
sion process may not be volume diffusion but diffu- 
sion along some short-circuiting paths; or the inter- 
acting solute may be some foreign species and not 
silver or magnesium. More work on both diffusion 
and mechanical behavior is clearly necessary to 
rationalize all these results. 


CONCLUSIONS 


1) Diffusion coefficients of Ag'?° in AgMg fit the 
expression D = D, exp (-Q/RT) where the D, values 
are 1.53, 0.280, and 0.134 sq cm sec™ and the Q val- 
ues are 41.3, 40.6, and 30.0 kcal g-atom™ for 45.8, 
49.8, and 52.0 at. pct Mg alloys, respectively. 

2) The substitutional nature of the defect structure 
for both silver-excess and magnesium-excess compo- 
sitions is confirmed. 

3) The lattice parameter of stoichiometric AgMg 
is 3.3136 +0. 0002A; excess magnesium in solution 
distorts the lattice of AgMg much more than does ex- 
cess silver, 0.114 vs 0.0628 pct per at. pct solute 
respectively. 

4) Activation energies for silver diffusion in AgMg 
show trends related to those for high-temperature 
tensile flow and grain growth, all indicative of a gene- 
ral loosening of the lattice with excess magnesium. 
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Observations Concerning Zone Refining and Thermal 
Treatment of Molybdenum from Low Temperature 


Resistance Measurements 


E. Buehler and J. E. Kunzler 


High-purity molybdenum has been heat treated, 
melted, and zone refined and the physical and chem- 
ical changes that are produced by these processes 
have been studied by making resistance ratio 
measurements. Pronounced effects 
are observed that are associated with recrystalliza- 
tion at about 1200°C and with melting. Melting alone 
is found to result ina substantial purification by the 
evaporation of impurities such as iron. Zone vefin- 
ing is found to be reasonably effective with four 
passes producing a three-fold decrease in resist- 
ance ratio and a minimum ratio of 0.0003. With the 
aid of low temperature measurements, it has been 
shown that the build-up of a deposit of the material 
being zone refined on the radio frequency coil used 
for heating can lead to contamination of the sample. 


ConsipERABLE interest in high-purity refractory 
metals for the study of mechanical properties has 
developed during recent years. Also the need for 
highly pure metals in certain fundamental studies, 
such as electronic band structure, has become quite 
widely appreciated. Molybdenum can now be pro- 
duced with sufficiently high purity to make it attrac- 
tive for such investigations. The most suitable meas- 
ure of chemical purity of metals used for many of 
these studies is its resistance ratio, R, 
During the purification of molybdenum by zone re- 
fining and its subsequent evaluation by this tech- 
nique, a number of informative observations were 
made. These observations concern the effectiveness 
of zone refining, the volatilization of impurities at 
the melting point, and the recrystallization of molyb- 
denum and appear to be pertinent to other refractory 
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metals. Also, the usefulness of low-temperature re- 
sistance measurements as an analytical tool for 
evaluating the presence of chemical impurities and 
physical defects in metals is again illustrated. 

Samples of high-purity molybdenum of known me- 
chanical history were heated to various temperatures 
between 800°C and their melting point. Resistance 
ratios of the samples were measured after they had 
been given a specified treatment. The data were 
used, along with mass spectrographic analysis, as 
an aid in interpreting the nature of the processes 
that occurred in conjunction with each treatment. 
Changes in the concentrations of chemical impurities 
and physical defects are typical of things that effect 
the low-temperature resistivity. 


SAMPLES 


The starting material was obtained from Westing- 
house Corp., Bloomfield, N.J. It was in the form of 
molybdenum rods, usually 1/8 or 3/16 in. in diame- 
ter. These had been previously processed from bars, 
5/8 in. in diameter, originally reduced from 4 in. 
diam arc-cast ingots, by hot swaging at about 1300°C. 
In the final step, the temperature was lowered to 
about 1100°C which resulted in the production of 
elongated grains. Typical grains were about 0.03 mm 
thick and 0.6 mm long. The molybdenum was quite 
pure as is indicated by the results of mass spectro- 
scopic analysis’ given in Column 2 of Table I. Other 
nongaseous elements not listed in the table were not 
detected. 


ZONE REFINING AND THERMAL TREATMENT 
OF SAMPLES 


Several sample rods, 8 to 10 in. long, were zone 
refined or were heat treated at several temperatures. 
Both types of operations were performed using 3 me- 
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Table |. Mass Spectroscopic Analysis of a Typical 
Molybdenum Sample After Various Treatments 


Concentration of Impurity in ppm 

Zone Refined 
3 Passes 
Tail End 


Annealed 
Near mp 


Initial 


Material Lead End 


50 50 
<0.2 <0.2 
<0.1 


<0.1 
<0.1 
<0.2 


<0.2 
<0.1 
5 


50 
1 


Impurity 


gacycle induction heating in vacuum at pressures 
less than 2 x 1075 mm Hg. 

The zone refining was performed using floating- 
zone techniques and has been discussed elsewhere.? 
In this study a typical zone travel rate was 1.2 mils 
per sec. Although the majority of the purification in 
molybdenum was produced by evaporation of impuri- 
ties during melting, there was a significant amount 
of additional purification as a result of the zone re- 
fining. 

The heat treating of samples was accomplished 
in the same apparatus using techniques similar to 
those used for the zone refining. Usually a section 
of the rod about 1 in. long was held at a fixed temper- 
ature for about 20 min. Then an adjacent 1 in. section 
was heated to a higher fixed temperature for a com- 
parable length of time. This sequence was continued 
until the rod had been heat treated in a prescribed 
series of “steps.” The temperature was measured 
with a calibrated optical pyrometer. 


LOW TEMPERATURE RESISTANCE 
MEASUREMENTS 


The use of low-temperature resistance measure- 
ments as a means of evaluating the purity of metals 
in terms of chemical impurities and physical defects 
has been described elsewhere.* The same apparatus 
was used and the techniques were very similar to 
those previously described except for the method of 
attaching the potential and current leads to the molyb- 
denum. A short length, about 1/2 in., of 0.010 in. 
diam Ni wire was spot welded to the molybdenum and 
copper leads were soldered to the nickel. As has been 
pointed out before,* the techniques used do not require 
destroying the sample or disturbing its bulk physical 
condition significantly. 


DISCUSSION 


The resistance ratio, R, /Ro73°%, Of a reason- 
ably pure metal is a measure of the total concentra- 
tion of physical defects and chemical impurities and 
is nearly proportional to the resistivity at helium 
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RESISTANCE RATIO OF 
_STARTING MATERIAL } 


\ 


MOLYBDENUM 
SAMPLE 59-A~1 


1 4 3 a 5 6 7 8 9 10 
DISTANCE ALONG ROD IN INCHES 


Fig 1—Curve of resistance ratio vs length of sample. 
Large changes in resistance ratio associated with recrys- 
tallization and with melting are apparent. The effectiveness 
of zone refining is indicated by the slope of the curve in 

the zone melted region. 


temperature.® Resistance ratio measurements do 
not serve to identify the species of impurities and 
imperfections present in the metal, but rather yield 
some measure of the total concentration. However, 
because of the sensitivity of such measurements, 
small changes in the concentration of defects and 
impurities can be detected. For strain-free single 
crystals (or polycrystals with large grains) of met- 
als, such as can be obtained by zone refining, the 
resistance ratio is a good measure of the chemical 
purity. For such materials, the contribution from 
physical defects appears to be negligible even for 
the purest materials thus far produced. 

Three rather distinct values for the resistance 
ratio were observed in many of the molybdenum 
samples: 1) the resistance ratio of the starting ma- 
terial was about 0.025, 2) the value for molybdenum 
heated at any temperature between about 1300°C and 
the melting point was always near 0.018, and 3) just 
as soon as the material was melted the ratio dropped 
to approximately 0.001. This behavior is illustrated 
in Fig. 1 where the resistance ratio is plotted as a 
function of the distance along the rod ‘for a typical 
sample. The plateau at the left with Ry 2°%/Razs°x = 
0.025 represents the part of the rod that was not 
heated above a few hundred degrees. The lower pla- 
teau with R, 2°, /Ry73°,% = 0.018 occurs in the region 
where the temperature varied from about the mp, 
~2650°C, to a few hundred degrees below it. The 
pronounced effect of melting is exhibited by that re- 
gion of the curve having a resistance ratio of about 
0.001. The lesser, but significant, effect of a single 
pass of zone refining is also apparent. It is to be 
noted that the resistance ratio is significantly lower, 
and thus the material probably is purer, at the lead 
end of the pass than at the tail end. 

It has been pointed out earlier* that measurements 
of the resistance ratio along a rod or ingot give only 
an integrated value between each pair of potential 
leads. Although the “most reasonable” curve is 
quite easily defined in regions where the resistance 
ratio is changing slowly compared to the spacing be- 
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Fig. 2—Curve of resistance ratio vs lengths of sample il- 
ilustrating the effectiveness of 4 passes of zone refining. 
The “bump” is a result of contamination during the last 
pass by impurities that had been removed earlier. The im- 
purities were returned during a malfunction of the rf coil 
caused by excessive deposit of material on it. 


tween potential leads (e.g., plateaus and the zone re- 
fined region), the portions with steep slopes are 
somewhat arbitrary. However, the curve shown is 
one of the simplest that satisfies the condition that 
integrated resistance ratio under the curve must 
equal the observed value between each pair of poten- 
tial leads. The potential leads were between 1/2 and 
3/4 in. apart for the sample represented by Fig. 1. 
Fig. 2 represents the resistance ratio for a rod 
that was zone refined tothe extent of 4 passes in 
order to determine if further purification is practi- 
cal by this method. Again, the resistance ratio of the 
rod on either side of the melted material is about 
0.018. Aside from the bump in the curve, it is appa- 
rent that the additional zones were effective and a 


minimum value of /Ro73°x = 0.0003 was attained. 


The “bump” in the curve of Fig. 2 is believed to 
be associated with a difficulty that is frequently en- 
countered during the zone refining of a high-melting- 
point metal which has an appreciable vapor pressure. 
During the first three passes, it was observed that 
molybdenum, and presumably impurities, was depo- 
siting on the rf coil. When present in sufficient quan- 
tities, this deposit couples with the rf field and since 
it is in relatively poor thermal contact with the coil 
it becomes hot even though the coil is water cooled. 
Upon cooling between the third and fourth passes the 
layer of deposit became further separated from the 
coil and when power was again supplied it reached 
its melting point considerably sooner than the sam- 
ple rod. When such conditions are encountered a 
burst of rf energy is customarily added to accelerate 
the evaporation of the deposit. In so doing impurities 
also evaporated from the deposit and contaminated 
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Fig. 3—Curve of resistance ratio vs length of sample show- 
ing the effect of heat treatment as a function of tempera- 
ture. The consequences of recrystallization near 1200°C 
and of melting are apparent as large changes in the resis- 
tance ratio. The letters (a), (b), (c), and (d) designate the 
positions along the rod where the photomicrographs of 

Fig. 5 were taken that show the progress of recrystalliza- 
tion. 


the sample. When enough of the deposit was evapo- 
rated to make the rf coupling to it ineffective, nearly 
all of the power was suddenly unloaded into the sam- 
ple causing it to melt quickly. In order to avoid a 
spillout of the molten zone the power was reduced 
drastically. The region of the rod represented by 
the “bump” was rapidly solidified and the impurities 
were then frozen into this region of the sample with- 
out the benefit of zone refining. 

The above situation not only illustrates one of the 
types of difficulties that can be encountered during 
zone refining, but also shows the usefulness of low- 
temperature resistance measurements for detecting 
such effects without destroying the evidence (the sam- 
ple). It is doubtful that this bump could have been 
substantiated by chemical or spectroscopic tech- 
niques. The bars in the region of the bump in Fig. 2 
represent the resistance ratios observed during a 
second series of measurements. In this series, po- 
tential leads near the “bump” were spaced more 
closely in order to get more detailed information re- 
garding the shape of the bump. 

In order to get a better understanding of the proc- 
esses occurring during the heat treating and zone re- 
fining of molybdenum samples, a number of samples 
were analysed by mass spectroscopic techniques.’ 

A sample whose thermal history was similar to that 
of Fig. 1, except that the zone refining involved 3 
passes, was selected for analysis. The results are 
summarized in Table I. Samples were taken at 4 
regions: 1) the original material, 2) a section that 
was heated to near the melting point, 3) the lead end 
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Fig. 4—Photograph showing the increase in grain size with 
increased temperature of heat treatment. The tempera- 
tures are between 1600°C and the mp of molybdenum. Be- 
low 1600°C, the grains are not visible. The resistance ra- 
tio data for this rod are given in Fig. 3. X4 Reduced approxi- 
mately 64 pct for reproduction. 


of the zone and, 4) the tail end of the zone. So far as 
chemical impurities are concerned, no difference in 
concentration was observed between the original ma- 
terial and the section heated to near the mp as is 
shown by the fact that Cols. 2 and 3 are identical. 
There is a large change in resistance ratio some- 
where in this temperature range without a detecta- 
ble change in impurity concentration which suggests 
that a removal of physical defects is involved. 

The sharp drop in resistance ratio associated with 
simple melting of molybdenum before zone refining, 
discussed below in connection with Fig. 3, is a result 
of the removal of chemical impurities. A compari- 
son of Cols. 2 and 3 with Cols. 4 and 5 of Table I 
shows that a number of elements, such as Fe, Ni, 

Co, Cr, Al, and P were almost completely removed, 
while the concentrations of other impurities such as 
W, Be, and Si were hardly changed. Cols. 4 and 5 
also show that zone refining results in transferring 
iron in the direction of the lead end of the melted re- 
gion. Similar behavior has been observed for iron 

as an impurity in copper.* The fact that the resis- 
tance ratios in Figs. 1 and 2 are higher at the tail 
ends of the zone-refined regions than at the lead ends 
indicates that an impurity, or impurities, which was 
not detected by the mass spectrograph is being trans- 
ferred to the tail end. 

The drop in resistance ratio from 0.018 to about 
0.001 upon melting is believed to be a result of re- 
moval of impurities, chiefly iron, by volatilization. 
The magnitude of this decrease in resistance ratio, 
produced by melting, is a factor of about 5 less than 
the effect of iron on the resistance ratio of copper. 

It has been shown that 10 ppm Fe in copper produced 
a resistance ratio contribution of 0.01.5 It can be 
seen from Table I that tungsten is not removed dur- 
ing zone refining and that the amount of tungsten 
present in molybdenum is equal to about one half the 
amount of iron that was removed. Therefore, the con- 
tribution to the resistance by tungsten as an impurity 
cannot be more than a few pct that of iron. 

In Fig. 3 the resistance ratio is plotted against the 
temperature of heat treatment for a series of temper- 
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Fig. 5—Series of photomicrographs showing the progress 

of recrystallization near 1200°C. The region of the rod 
corresponding to each photomicrograph is indicated by the 
letters (a), (b), (c), and (d) in Fig. 3. X500. Reduced approxi- 
mately 12 pct for reproduction. 


atures between 800°C and the melting point. The pur- 
pose of this series of observations was to locate the 
temperature range and to determine the nature of 

the drop in resistance ratio from 0.025 to 0.018. The 
temperatures given for each 1 in. interval at the 
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bottom of Fig. 3 are average values for the middle 
1/2 in. of the section. From the procedure used, it 
follows that the temperature on the left side of each 
interval was lower than indicated and the tempera- 
ture on the right was probably higher. It is apparent 
from Fig. 3 that the resistance-ratio change asso- 
ciated with physical imperfections occurs over a 
temperature range centered near 1200°C. It is known 
that recrystallization also takes place in this temper- 
ature range.®7 There is little happening below 800°C 
that can be detected from resistance measurements 
which suggests that the original material was an- 
nealed free of most strains as might be expected 
from the method of its preparation. Between 1400°C 
and the melting point the resistance ratio does not 
change appreciably. From Fig. 4, which is a photo- 
graph of a rod that was heat treated in steps at sev- 
eral temperatures between 1645°C and the melting 
point, it can be seen that appreciable grain growth 
occurs in this temperature range. However, grains 
of this size contribute relatively little to the resis- 
tance ratio. In fact, the resistance ratio appears to 
be increasing with the increasing grain size which 

is in the wrong direction to be expected from grain 
growth. The origin of this small but definite increase 
in resistance ratio above 1400°C is unknown but it is 
possible due to a gradient in the impurity concentra- 
tion of the original rod. The rate of cooling of the 
various regions was slow enough, 300°C per min, 
that the quenching in of vacancies seems improbable. 
It can be seen, Fig. 3, that the section that was melted 
has a very much smaller resistance ratio due to the 
volatilization of impurities as discussed earlier. 

A series of four photomicrographs was taken in 
the vicinity of the 1200 deg anneal and is shown in 
Fig. 5. Each picture is indicated by a letter and the 
corresponding region along the rod is designated on 
Fig. 3. The grains in region (a) are elongated and 
very similar to those further to the left (which were 
heat treated at a lower temperature). In region (0) 
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the grains are getting fatter and recrystallization is 
occurring. The number of equi-axial and elongated 
crystals are approximately equal in region (c) and 
the process is essentially complete in region (d). It 
is to be noted that the resistance ratio is changing 
quite rapidly through this region as recrystallization 
takes place. However, when recrystallization is com- 
plete and only grain growth is occurring, the resis- 
tance ratio changes very little. The temperature at 
which recrystallization is observed is in reasonable 
agreement with values®~ cited for comparable mate- 
rial. However, the grains continue to grow in size in 
the region to the right as can be seen in Fig. 4. 

Although the precise origin of the contribution to 
the resistance ratio, and thus to the resistivity, that 
is removed during annealing is uncertain, it is clear 
that its removal is associated with recrystallization. 
The most apparent source of this resistance is from 
physical defects associated with the elongated grains 
and their boundaries. The resistivity change is much 
too large to be explained in terms of gas contamina- 
tion. Vacuum-fusion analysis has shown’? that the 
amount of gas evolved is much too small. Consid- 
erable experimental work on this point will be re- 
quired before the detailed nature of the processes 
making this particular contribution to the resistivity 
are understood. 
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Lattice Strains and X-Ray Stress Measurement 


Matthew J. Donachie, Jr. 
and John T. Norton 


Residual lattice strains were produced in 2024 alu- 


minum and ingot iron by uniaxial tensile deformation. 
These strains were measured on the original surface 
and with depth below the surface. The strains con- 
formed approximately to those from a macroscopic 
stress distribution but they were not truly macro- 
scopic in nature. The exact mechanism which appar- 
ently causes the coherently diffracting region of 
each grain to behave as if macroscopically stressed 
was not determined. 


Macroscopic stresses in metals produce strains 
in the lattice which result in X-ray line broadening 
and line displacements. The latter effect can be 
utilized in a technique for determining stresses in 
metals as first shown by Lester and Aborn.* Sub- 
sequent advances in technique have enabled the X- 
ray method of stress measurement to be satisfac- 
torily applied to many problems involving residual 
stresses of a macroscopic nature, such as those due 
to welding, grinding, shot-peening, and so forth. In 
the case of stresses such as those described above, 
the correlation of X-ray- and mechanically deter- 
mined data has been generally good. However, plas- 
tically extended polycrystalline metals have some- 
times been reported’ to show line displacements 
upon release of the applied tensile load, yet the na- 
ture or origin of the residual lattice strains, rls, 
producing these displacements has never been clear. 
As will be pointed out, this lack of clarity regarding 
the macroscopic or microscopic nature and origin of 
these stresses casts doubt on the validity of results 
achieved by the commonly accepted techniques of 
X-ray stress measurement. This anomalous be- 
havior requires clarification to remove the doubts 
concerning X-ray stress measurement. 

The present paper is the result of an investigation 
of the interesting behavior of such plastically ex- 
tended polycrystalline metal bodies. The studies 
were originated to carry out the following tasks: 

1) Observe whether a residual lattice strain is 
produced as a result of plastic extension and show 
whether any residual lattice strains produced can be 
related to the usual concept of a macrostress. 
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2) Examine the origin of any residual lattice 
strains observed. 

3) Consider the implications or consequences of 
the existence of such residual lattice strains on the 
problem of X-ray stress measurement. 


THEORY 


1) Lattice Strains. The theoretical developments 
necessary for the treatment of lattice strains and 
their relation to stresses follow from the classical 
theory of elasticity and have been adequately covered 
by Barrett.*® For an isotropic solid under homoge- 
neous defor mation, it can be shown that, for uniaxial 
stresses 


€uT [2] 


where go; is the macrostress acting in the longi- 
tudinal direction; €,,; is the lattice strain in the 
plane defined by the surface normal and the longi- 
tudinal direction at an angle, y, from the surface 
normal; €y7 is the similar strain in the transverse 
plane; E is Young’s modulus; and v is Poisson’s 
ratio. Eq. [2] is independent of angle y and Eq. [1] 
is a linear function of sin’, see Fig. 1, and can be 
solved analytically for o,; if E and v are known and 
€,z iS measured. Thus, a uniaxial macrostress will 
be indicated by a linear €,; vs sin’y plot and a 
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Fig. 1—Schematic representation of lattice strain vs sin?» 


for the case of uniaxial stress. 
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constant €,7 VS sin? plot. Biaxial stress systems 
will show both €,,; and €,7 as linear functions of 
sin’ y. Microstresses (stresses varying over dis- 
tances of the order of, or small compared to, the 
grain size) can introduce departures from linearity 
in plots of lattice strain vs sin? y. 

2) X-Ray Stress Measurement. X-ray stress 
measurement is generally accomplished, not from 
direct calculations by using the lattice strains, but 
rather by determining the stress according to the 
following equation 


E cot 
1+v_ sin?¥ 


~— 


Og * 


[3] 


where A@ is the X-ray peak position shift between 
the normal (y = 0 deg) and oblique (y = ©) direc- 
tions, and @ is any surface direction. 


46 = KAO 


EXPERIMENTAL PROCEDURES 


1) Material and Preparation of Specimens. ‘‘Arm- 
co’’ ingot iron and 2024 aluminum sheet were utilized 
in this investigation. Specimens were 1/16-in. thick 
and were heat-treated after machining to prepare 
them in as stress free a condition as possible. By 
air quenching the aluminum alloy specimens from 
solution annealing and aging temperatures, it was 
possible to retain the strength of the aged alloy 
while achieving a stress free material. Stress re- 
lief annealing reduced the residual stresses in the 
ingot iron specimens to about 4000 psi tension, the 
level of the as-received sheet. 

2) Measurements, The X-ray diffraction studies 
were performed using a G. E. XRD-3 spectrometer 
with modifications to permit focusing conditions to 
be retained when the specimen was rotated through 
an angle y for an oblique exposure. A tensile de- 
vice was constructed for use on this spectrometer. 
Force was applied through a screw and scissors arm 
combination and maximum permissible load was 
about 2200 lb. The tensile specimen had a reduced 
section near one end which permitted the large sec- 
tion to remain elastically strained while the reduced 
section deformed elastically or plastically. The ap- 
plied force was determined from strain gage readings 
on the front and back faces of the large section and 
converted to stress in the reduced section. In order 
to obtain the necessary oblique inclinations, the 
specimen and tensile device rotated about the spec- 
trometer axis. 

After small amounts of plastic deformation, the 
@,0@2 doublet was obscured by the broadened reflec- 
tions of the individual lines. In order to determine 
the a, position for lattice strain measurements, 
the graphical separation proposed by Rachinger* 
was used. Data for doublet resolution was achieved 
by point counting across the peak at 0.5 deg inter- 
vals. 

Evaluation of the rls with depth was determined 
by X-ray observations on ground and etched surfaces 
with the geometry of the y =0 deg position. Me- 
chanical stress measurement was carried out by the 
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Fig. 2—Residual lattice strain vs plastic strain for 2024 alu- 
minum alloy. 


use of suitable etchants for surface removal and the 
use of strain gages for curvature measurements as 
suggested by Leeser and Doane.” 


EXPERIMENTAL RESULTS 


1) Aluminum Alloy. Upon unloading after plastic 
extension, residual lattice strains were observed in 
all the specimens examined. For any given y value, 
it was observed that these rls increased approxi- 
mately as the square root of the plastic strain re- 
maining after deformation, as indicated in Fig. 2. 
The distribution of the data was similar for both 
sets of lattice planes investigated. The maximum 
rls generated at a given y value was only about 50 
pet of the value attained for the same y value at the 
yield point under external loading. 

The rls was also investigated as a function of 
sin’. Typical results are plotted in Fig. 3 for 
measurements in both transverse and longitudinal 
directions. The data indicated an approximately 
linear relationship between rls and sin*y for both 
sets of lattice planes after all plastic extensions up 
to the maximum investigated. This is characteristic 
of a macroscopic residual stress system. A signifi- 
cant scatter about the mean straight lines was, how- 
ever, observed in all cases. The scatter was ran- 
dom from specimen to specimen, but individual 
measurements on any one specimen were reproduci- 
ble within experimental error. This behavior indi- 
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Fig. 4—Residual lattice strain vs plastic strain for ingot 
iron. 


cated that random microstresses were superimposed 
upon macrostresses which were apparently responsi- 
ble for the linearity of rls with sin’ y. 

In order to further identify the source of the re- 
straint responsible for the observed r]s vs sin’ y 
behavior, two separate experiments were performed. 
First, layers were etched from the surface of the 
deformed specimens and X-ray observations were 
made of the rls in the y = 0 deg direction. The rls 
was apparently constant with depth, to distances 
greater than one-quarter of the thickness of the 
specimen, since the diffraction angle did not vary 
with depth for both sets of planes investigated. Be- 
cause the rls was constant with depth, it was apparent 
that no macrostresses were responsible for the ob- 
served linearity of rls vs sin? y. Further confirma- 
tion of this conclusion was derived from mechanical 
stress measurement methods applied to several 
samples. The results of this experiment showed that 
no residual macrostress existed in the specimens 
after plastic deformation, thus confirming the pre- 
viously reported mechanical stress determinations 
of Davidenkov and Timofeeva.° 

2) Ingot Iron. Upon unloading after plastic exten- 
sion, rls were observed in the specimens. Both sets 
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of lattice planes examined did not, however, show 
similar behavior, nor did either set show the para- 
bolic behavior of rls with prior plastic strain char- 
acteristic of the aluminum alloy. As shown in Figs. 
4 and 5, only the (310) planes exhibited an increase 
in rls with prior plastic deformation up to the limit 
of 10 pct plastic deformation. The (211) planes ap- 
peared to produce a band of rls which were com- 
pressive for both y values and did not increase with 
deformation up to the limit of plastic deformation 
produced. 

The rls was investigated as a function of sin? y 
and typical results are plotted in Fig. 6 for meas- 
urements in both transverse and longitudinal direc- 
tions. The data for (310) planes indicated an ap- 
proximately linear rls vs sin’ y relationship charac- 
teristic of a macroscopic residual stress system. 
The data for (211) planes, however, indicated a slight 
over-all compression existed. Scatter of the data 
about the mean straight lines was similar to that for 
the aluminum alloy, and comments on that alloy ap- 
ply here. 

Etching experiments of the type described for the 
aluminum alloy were performed on ingot iron to 
identify the source of the restraint responsible for 
the observed rls vs sin? behavior. It was observed 
that the rls in the y =0 deg direction was constant 
with depth below the original surface. Thus, no re- 
sidual macrostress was present. Mechanical stress 


methods also indicated that no residual macrostresses 


existed in the specimens after plastic deformation, 
thus confirming the results of Neerfeld.” 


DISCUSSION 


1) Lattice Strains. Residual lattice strains were 
generated by plastic extensions of less than 1 to 2 
pet. When rls are observed in metals which have 
been heat-treated, rolled, or shot peened, cases 
where the residual stress causing the rls is known 
to be macroscopic in nature, the evidence indicates 
that the rls are consistent with the theory of elas- 
ticity, using modified elastic constants. In the case 
of rls arising from plastic extension, the data for 
the strain distribution also followed the theoretical 
pattern but with large fluctuations from the mean 
position being exhibited by the diffracting grains. 
The initial indication, therefore, from lattice strain 
measurements alone, was that a macrostress was 
present with some microstress of an irregular na- 
ture superimposed on it. As noted, however, further 
work showed that the average grain was not re- 
strained in a macromanner even though it conformed 
to the predictions of elasticity theory. What, then, 
is the origin of these rls? 

Two broad suggestions have been made regarding 
the origin of rls. First, it has been suggested that 
they result from some trivial experimental circum- 
stance, probably bending of the specimen. Second, it 
has been suggested that they result from some form 
of internal stress system generated by the tensile 
deformation. The weight of past and present experi- 
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Fig. 6—Residual lattice strain vs sin’ y for ingot iron 
after 5.3 pct extension. 


mental evidence, e.g., rls is the same on both sides 
of a specimen, negates the first suggestion. Conse- 
quently, it remains to explore the methods whereby 
internal stress systems could be generated by tensile 
deformations and to determine whether or not such 
mechanisms can account for the results observed in 
this investigation. 

It is apparent from a consideration of the mechan- 
ics of deformation that the yield strength of a given 
grain will be dependent upon its orientation in the 
aggregate. If it is assumed that different grains 
have different yield strengths, then it is possible 
that some grains will yield sooner under applied 
stress than other grains less favorably oriented for 
deformation. When the external load is removed, 
some grains will be in compression and others in 
tension due to this unequal deformation from grain 
to grain, yet the mean value of the residual stresses 
across any plane section in the specimen should be 
zero. This condition is described as an intergranu- 
lar stress system. Greenough® has quantitatively 
treated the development of an intergranular stress 
system and concludes such a system should develop 
in a systematic fashion for a given alloy. The quali- 
tative argument above implies a random intergranu- 
lar stress system, that is, the strains due to this 
system, measured in any angular direction would be 
randomly arranged about a mean zero value. Re- 
sults of Wood and Dewsnap’ strongly indicate that 
this is the case. In addition, such a mechanism 
would account for the random deviations from line- 
arity of rls vs sin? observed in the present in- 
vestigation. The mean strain distribution greater 
than zero must, however, have been due to some 
other cause. Greenough” has maintained that the 
principal magnitude of the rls is derived from an 
intergranular system. The present study and that of 
Wood and Dewsnap indicate this is not true. In addi- 
tion, recent work by Macherauch, et al.’” ” compar- 
ing experimental rls distributions with those pre- 
dicted by the Greenough mechanism leave no doubt 
that intergranular stresses produce strains which 
are: 1) smaller than those experimentally produced 
by plastic extension and 2) random in nature rather 
than systematically distributed. 

By the elimination of intergranular stresses as a 
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major cause of rls, the problem reduces to a con- 
sideration of the mechanism whereby individual 
grains in the aggregate can on the average be uni- 
formly stressed in a uniaxial or slightly biaxial 
manner without macroscopic restraint. The rls are 
only determined by the coherently diffracting re- 
gions of a polycrystalline aggregate. It is possible 
that the restraint which causes the observed rls 
could be located in a region which does not contrib- 
ute to the observed diffraction peak. It is apparent 
that in a two-phase alloy, the second phase must 
carry a share of any external or internal loads. 
There may be a significant amount of the rls ob- 
served in one phase which is balanced by a restraint 
in the unexamined second phase. Since rls were 
found in ingot iron during this study and have been 
reported in pure copper,” this mechanism cannot 
account for all the observed rls. 

Various mechanisms based on the coherent-in- 
coherent diffraction volume interactions have been 
presented and reviewed in the literature.” ” * 
These mechanisms ranged from high-strength amor- 
phous grain boundaries to uncertain dislocation con- 
figurations. None of these mechanisms leads to a 
clear-cut satisfactory explanation of the origin of 
the rls observed after plastic extension, and the 
present authors find it similarly difficult to construct 
a model for the observed results. It is interesting 
to note that investigations’*-*’ of the plastic behavior 
of polycrystalline metals in the vicinity of the grain 
boundary have indicated that deformation is more 
severe in regions near the boundary than in interior 
regions of the grains. It is conceivable that the de- 
formed grain-boundary region may act as the re- 
straint upon a less heavily deformed interior to pro- 
vide the rls observed experimentally. In this fashion, 
the interior of all grains might, on the average, be 
restrained the same amount. Random local fluctua- 
tions due to orientation and grain-size effects would 
be superimposed. Thus, if the heavily deformed re- 
gion nearest the grain boundary did not contribute 
to coherent diffraction, rls distributions which con- 
formed to the predictions of elasticity theory would 
be detected. It is not clear, however, that the 
heavily worked area should affect the diffraction 
peak in this manner, so the above hypothesis cannot 
be substantiated at present. It is hoped that future 
work will be performed to clarify the uncertainty 
regarding the mechanism which produces the ob- 
served rls in plastically extended metals. 

Before concluding the discussion of lattice strains, 
the anomalous results of the (310) and (211) planes 
of iron in the early stages of plastic extension should 
be mentioned. The (211) planes showed slight com- 
pressive rls at all y angles and elongations up to 
10 pct. Wood” reported the (211) planes show no rls 
until after 6 pct elongation. If, after plastic exten- 
sion, the unstrained lattice spacing which should be 
used for calculating lattice strains were different 
from that observed and used before plastic exten- 
sion, then the strain observations would all be in er- 
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ror by some fixed amount. The fact that metastable 
lattice parameters have been observed’? in various 
conditions of annealing suggests that such an effect 
could occur. If it did occur, the net effect on both 
(211) and (310) planes would have been similar. As- 
sume a change in lattice parameter from annealed 
to deformed state corresponding to about 60 y in. 
per in. compression on the planes examined did oc- 
cur. Then by shifting the strain axes in Figs. 4 and 
5 the (211) planes would have exhibited no strain up 
to about 8 pct elongation, but would have begun to 
show slight strain generation by about 10 pct elonga- 
tion. Similarly, the (310) planes would have shown 
no strain up to 2 pct, where significant strains would 
have begun to appear. Then, the lack of strain gen- 
eration immediately on plastic extension would be 
explained by the suggestion of Wood” that rls does 
not develop in the extreme surface layers as rapidly 
as it does at some distance below the surface. Con- 
sequently, cobalt {(310) planes} and chromium {(211) 
planes} radiations which have very low penetration 
on iron might require a greater amount of prior ex- 
tension to produce a detectable rls. 

2) Effect of the Results on X-Ray Residual Stress 
Measurement, Obviously, the results indicate that 
unless a macroscopic residual stress distribution is 
known a priori to exist, then rls experimentally de- 
termined cannot be directly related to macrostresses 
without destruction of the specimen. This of course 
defeats the primary purpose of the X-ray method. 
The source of residual stress systems which pro- 
duce rls is usually known, however, or can be in- 
ferred from past history of a specimen. Thus, a 
knowledge that macroscopic residual stress systems 
are present is generally available, and the X-ray 
method can be used with confidence. 

It should be noted that ordinary X-ray stress 
measurement techniques involve the determina- 
tion of strain in only two positions on the strain vs 
sin? straight line. Between any two points, a 
straight line can always be drawn; thus, in a two- 
point stress determination, as used in,engineering 
practice, each grain is implicitly believed to have 
the same stress as every other grain. In distribu- 
tions where the restraint causing lattice strain is 
known to be macroscopic, the average grain will not 
differ greatly from the strain distribution of the 
strain ellipsoid. In such a case, the two-point stress 
method is quite adequate. If, however, there is a 
significant fluctuation of the lattice strain at various 
yw angles about the mean position defined by the 
strain ellipsoid, then a two-point method such as 
normally used could give wide deviations of calcu- 
lated stresses from the mean average stress if the 
sets of grains at each of the two points measured 
had large deviations from the mean strain. In such 
a case, or where the uniformity of strain distribu- 
tion is in doubt, the measurement of strain in at 
least four y directions should be performed to find 
the mean strain distribution and hence the stress in 
the average grain. 
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CONC LUSIONS 


It can be concluded from the investigation that: 

1) Residual lattice strains are generated by less 
than 2 pct tensile deformation in 2024 aluminum and 
ingot iron, but these residual lattice strains do not 
arise in any detectable manner from a macroscopic 
stress system. 

2) The residual lattice strains generated by plas- 
tic extension are not solely, or in any major part, 
the result of an intergranular stress system. 

3) The coherently diffracting regions of the grains 
are restrained in a manner which causes the average 
grain to conform to the theory of elasticity, and are 
therefore subjected to an internal stress which is, on 
the average, constant throughout the specimen. The 
mechanism producing this internal stress system is 
not, however, clearly understood. 
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Solid Solution Strengthening 
A. A. Hendrickson and M. E. Fine 


The critical resolved shear stress and the strain 
rate dependence of the flow stress are reported for 
Ag base Al single crystals up to 6 at. pct Al over a 
temperature range of 4.1° to 470°K. At room tem- 
perature the solid solution strengthening is attrib- 
uted principally to an increase in the dislocation 
density on alloying. At 4.2°K the alloys are rela- 
tively stronger because the dislocations widen on 
alloying and are more difficult to cut. 


In a previous paper, the authors reported the char- 
acteristics of strain aging in Ag base Al alloys.’ The 
variation of the magnitude of the strain-aging yield 
drops on aging time, aluminum content, and testing 
temperature strongly indicated that the phenomenon 
is due to the Suzuki mechanism. 

In the present paper, the critical resolved shear 
stress (CRSS) and the strain rate dependence of the 
flow stress are reported for Ag base Al single crys- 
tals as functions of testing temperature (4.2° to 470°K) 
and Al content (0 to 6 at. pct). Observations on the 
substructure and measurements of the effect of crys- 
tal growth rate are also given. The experimental re- 
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of Ag by Al 


sults appear explainable considering that aluminum 
additions increase the dislocation density and dislo- 
cation width. 


EXPERIMENTAL METHOD 


The methods of specimen preparation and tensile 
testing were described previously.’ Briefly, single 
crystals were grown from the melt in a vacuum 
(1 x 107-5 mm Hg), shaped into tensile samples by a 
combination of abrading and acid etching, annealed 
at 850°C in a vacuum (1 x 1075 mm Hg) for several 
days, and furnace cooled to 200°C. The testing was 
done on a model TM Instron using friction grips and 
a strain rate of about 5 x 1075 per sec unless other - 
wise noted. The various testing temperatures were 
obtained by immersing the specimens in the following 
media: 1) 4.2°K: liquid helium using the apparatus 
of G. Byrne;? 2) 77°K: liquid nitrogen; 3) 200°K: dry 
ice and acetone; 4) 415°K: ethylene glycol; 5) 460° 
to 480°K: molten Stanalax. 

In the determination of the CRSS above 296°K, a 
ratio method was used; the crystals were strained 
initially at the higher temperature, 0.1 pct shear 
strain, and then tested at 296°K. The ratio of the 
flow stress between the two temperatures was then 
multiplied by the average CRSS at 296°K to obtain 
the value of the CRSS at the high temperature. (The 
test at 296°K showed a yield point resulting from 
strain aging; the flow stress at 296° K was taken as 
the lower yield stress.) The ratio method, we believe, 
is more accurate than using different crystals since 
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Fig. 1—CRSS of Ag base Al crystals as functions of test- 
ing temperature and aluminum content. 
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Fig. 2—Flow stress (in easy glide range) as function of the 
logarithm of the strain rate (strain rate ratios are plotted) 
for 99.99 pct Ag, 1 at. pct Al, and 2 at. pct Al. 
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Table |. CRSS for 2, 3, 4, and 6 at. pct Al-Ag Crystals at 296°K 


Number of Range in CRSS Values 
At. pet Al Determinations Kg/mm? 
2 5 0.41 — 0.51 
3 7 0.46 — 0.56 
4 4 0.54 — 0.63 
6 15 0.62 — 0.76 


the temperature dependence of the CRSS is quite 
small in the 300° to 500° K temperature range. 

Strain rate changes by factors of 5, 10, and 25 were 
accomplished by stopping the test and changing the 
cross-head gears on the Instron. During the time re- 
quired to change the gears, a load of about 95 pct of 
the flow stress was maintained on the specimen. At 
296° K, the time delay in changing gears was suffi- 
cient to result in yield points from strain aging. Here 
the change in flow stress due to a change in strain 
rate was measured by extrapolating the flow curve for 
the second strain rate through the region of the yield 
drop. Values obtained in this way were checked with 
tests using a Floor Model Instron equipped with a 
shifting lever for accomplishing strain-rate changes 
by a factor of ten; with this arrangement, the strain- 
rate changes could be effected in a few seconds. No 
detectable difference was found for the data obtained 
from the two methods. 

One set of 6 at. pct Al-Ag crystals was grown ata 
rate slightly more than twice the usual growth rate, 
0.9 in. per hr rather than 3/8 in. per hr; otherwise, 
the preparation of the fast-grown crystals was iden- 
tical. 


EXPERIMENTAL RESULTS 


A) CRSS of Ag-Base Al Crystals. The CRSS values 
for Ag base Al crystals are given as functions of com- 
position and testing temperature in Fig. 1. At 296°K, 
where a large number of determinations were made, 
smooth curves are drawn through the average values 
for the 2, 3, 4, and 6 at. pct Al-Ag crystals; the range 
in the measured values of the CRSS for crystals of 
these compositions is given below in Table I: 

The strengthening effects of aluminum additions to 
silver depend strongly on the testing temperature. 
For example, at 415°K, the difference between the 
CRSS for 1 and 6 at. pct Al crystals is about 350 gm 
per sq mm; at 4.2°K, this difference is 1400 gm per 
sq mm. 

The dotted curve in Fig. 1 gives the CRSS for 6 at. 
pct Al crystals grown at the faster rate of 0.9 in. per 
hr, the solid curves are for the 3/8 in. per hr growth 
rate; the CRSS for these crystals is about 20 pct high- 
er than those grown at the slower rate. 

B) Strain Rate Dependence of the Flow Stress. The 
flow stress increase (7, - 7,) from increasing the 
strain rate from é, to €, vs the logarithm of the strain 
rate ratio (€,/é€,) is plotted in Figs. 2 and 3. All tests 
were in the easy glide portion of the stress-strain 
curve. The range in values for the crystals of the 
various compositions is indicated by the lines termi- 
nating in arrows. The dotted lines in Fig. 3 give the 
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Fig. 3—Flow stress (in easy glide range) as function of the logarithm of the strain rate (strain rate ratios are plotted) for 


(a) 3 at. pet Al, and (bd) 6 at. pet Al. 


values of (7, - 7) vs ln (€,/é€,) for 6 at. pct Al-Ag 
crystals which were grown at the faster growth rate 
of 0.9 in. per hr. 

In tests on individual crystals, a linear relation- 
ship was found between (7, - 7,) and log €,/é, toa 
good approximation. The spread in values for the 
strain rate dependence of the flow stress indicated 
in Figs. 2 and 3 is due to variations from crystal to 
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Fig. 4—Strain rate dependence of the flow stress as a 

function of strain for a 6 at. pct Al crystal tested at 

200°K, [€2/€1 (0) = (e) = 5]. 
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crystal and to variations with strain in the easy glide 
range; there is a small increase in (7, - 7,) with 
strain. Table II illustrates these two effects for 6 at. 
pct Al crystals. 

In the linear hardening portion of the stress-strain 
curve, (7, - 7,) for a given increase in strain rate 
is more strongly affected by strain. This effect is 
illustrated in Fig. 4 for a 6 at. pct Al crystal tested 
at 200°K. The transition between easy glide and lin- 
ear hardening for this crystal occurs between 75 and 
85 pct shear strain. 

An interesting feature of the strain rate dependence 
tests is the presence of a small yield point which oc- 
curs on increasing the strain rate at low tempera- 
tures (at 296°K, yield points from strain-aging are 


Table Il. Variations in the Strain Rate Dependence of the Flow Stress 
in 6 at. pet Al Crystals (¢,/¢, = 25) in the Easy Glide Range 


Pct Shear CRSS 
Crystal gm/mm Temperature (°K) Strain gm/mm? 
Hde 93 77 2 696 (296°K) 
Hdec 98 77 20 696 (296°K) 
Hc2 87 77 2 638 (296°K) 
Hc2 94 7 22 638 (296°K) 
Gh4 82 77 1 1350 (77°K) 
Gh4 85 77 18 = 1350 (77°K) 
Gh4 93 7 32 1350 (77°K) 


VOLUME 221, OCTOBER 1961-969 


120 
| 
100 
90 fast growth rate: 
/ 
/ 
Fs 77°K 
GALS AL 
200°K 
77°K 
/ 296° K 
/ é 
30 30 / 
6°K 
20 
10 
4.2°K 
€,/€, 
(b) 
001 A 
e ° ° 
a 


Cross-Head Speed-05/min. 


Load in Ibs. 


Cross-Head Speed-.002'/min. 
Chart-0.2°/min. 


At.% Al 200°K 


EXTENSION in INCHES 
Fig. 5—Yield point phenomenon resulting from strain 
rate changes in a 1 at. pct Al crystal tested at 200°K near 
the end of easy glide. 


present). This becomes noticeable near the end of 
the easy glide region. Fig. 5, which is a tracing from 
the Instron chart near the end of easy glide, shows 
this effect in a 1 at. pct Al crystal tested at 200°K. 
Note that a strain rate decrease gives the opposite of 
a yield point effect, i.e., a transient region occurs in 
which the work hardening rate decreases with strain. 
The effect illustrated in Fig. 5 was also found in 
99.99 pct Ag and 2, 3, and 6 at. pct Al-Ag crystals 
at 4.2°, 77°, and 200°K. These yield points have the 
same behavior characteristics as those reported for 
Silver, gold, copper, and aluminum crystals by Basin- 
ski. The data given in Figs. 2 and 3 are for strains 
smaller than those giving the yield effect. 

C) Effect of Strain on the Temperature Dependence 


6.0 


fe) 
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> 
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Fig. 7—Stress-strain diagrams for 99.99 pct Ag, 1 at. 
pet Al, and 6 at. pet Al crystals at 296° and 4.2°K. 
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Fig. 6—Effect of strain on the temperature dependence 

of the flow stress in 99.99 pct Ag, 1 at. pct Al, and 6 at. 
pet Al crystals between 77° and 296°K. The upper por- 
tion of the figure gives the stress-strain curves at 296°K. 


of the Flow Stress. Both pure silver and Ag base Al 
crystals deviate from the Cottrell-Stokes law.* The 
flow stress ratios and the flow stress differences be- 
tween 77° and 296° K* are given in Fig. 6 for 99.99 

*The test procedure here was to extend the crystals by various 
amounts at 296°K and then extend by a few percent shear strain at 
77°K. Yield points resulted from strain aging in the alloy crystals; 
the flow stress was taken as the lower yield stress. 
pet Ag, 1 at. pct Al-Ag and 6 at. pct Al-Ag crystals; 
also included in Fig. 6 are the stress-strain dia- 
grams for these crystals at 296°K. In the easy glide 
range, (T77°% — remains substantially constant; 
it increases considerably during linear hardening. 

D) Effect of Aluminum Content on the Deformation 
Characteristics of Silver. The stress-strain dia- 
grams of 99.99 pct Ag, 1 at. pct Al, and 6 at. pct Al- 
Ag crystals of similar orientations at 296° and 4.2°K 
are given in Fig. 7. The easy glide range increases 
with increasing aluminum content and is consider- 
ably enlarged by reducing the testing temperature 
from 296° to 4.2°K. 

Sachs and Weerts® measured the overshooting in 
silver crystals tested at room temperature. In their 
experiments, they found that overshooting continued 
until the shear stress on the conjugate system (7,) 
became equal to about 1.07 times that on the primary 
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Fig. 8—Substructures after annealing 2 
days at 850°C and slowly cooling to 
200°C: (2) 99.99 pct Ag, (5) 1 at. pet Al, 
(c) 3 at. pet Al, (d) 6 at. pet Al. Etched 
in concentrated HNO; for fraction of sec- 
ond. Magnification for (a), (b), and (c) is 
X1000, and for (d) is X3000. Reduced 
approximately 26 pct for reproduction. 


system (7). For a 6 at. pct Al crystal at 296°K, ro- 
tation of the tensile axis began its reversal when 
To/ Tp = 1,18. 

Al additions also affect the nature of the slip traces 
on Ag crystals. The 99.99 pct Ag crystals have fine 
slip traces while 6 at. pct Al-Ag crystals show much 
coarser slip traces, similar to those found in a- 
brass. 

E) Substructure of Silver and Ag-Al Alloys. The 
presence of a substructure, as shown in Fig. 8, is 
easily revealed in 99.99 pct Ag and Ag base Al alloys 
by etching electropolished specimens in concentrated 
HNO, for a fraction of a second. The characteristics 
of the substructure are as follows: 

1) The average subgrain size decreases as the 
aluminum content increases from 0 to 3 at. pct Al; it 
is difficult to tell whether the subgrain size differs 
between the 3 and 6 at. pct Al-Ag crystals. 

2) The subgrains are found in as-grown crystals, 
annealed crystals furnace or air cooled, and in the 
grains of rolled and recrystallized samples. 


DISCUSSION 


Aluminum additions to silver increase both the 
CRSS and its variations with temperature; a complete 
explanation for the solid solution strengthening must 
account for both of these changes. 

The authors’ have previously pointed out that the 
major portion of the solid solution strengthening in 
Ag base Al alloys is not reasonably accounted for by 
dislocation pinning mechanisms. The data in the pres- 
ent paper further support this conclusion: 

In Fig. 9, the CRSS for 6 at. pct Al-Ag crystals and 
5 at. pct Zn-Cu crystals®’ are given as functions of 
testing temperature. In the region of room tempera- 
ture, the 6 at. pct Al-Ag crystals are considerably 
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weaker than the 5 at. pct Zn, a-brass crystals. If 
Suzuki locking were the main contribution to the CRSS 
in the temperature range from 300° to 500° K (where 
the temperature dependence of the CRSS is relatively 
small, as expected for the Suzuki strengthening me- 
chanism),® one would expect Ag base Al crystals to 
be stronger since aluminum additions must lower 
the stacking fault energy of silver more rapidly than 
zinc additions to copper (a hcp phase becomes stable 
at 25 at. pct Al in the Ag-Al system compared with 
50 at. pct Zn in the Cu-Zn system). 

Thermal fluctuations are expected to be of consid- 
erable aid in freeing dislocations locked by Cottrell 


Resolved Shear Stress in kg/mm? 
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0.2F 
100 200 300 400 #500 
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Fig. 9—The CRSS of a-brass (5 at. pct Zn) and Ag-6 at. 
pet Al as functions of the testing temperature. 
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Fig. 10—Calculated short range order strengthening and 
the observed CRSS at 4.2°K as functions of Al content. 


atmospheres, suggesting that the strong increase in 
the CRSS at low temperatures is due to this mechan- 
‘ism. However, in a-brass, Cottrell locking is ex- 
pected to be considerably stronger than in Ag base 
Al alloys since the size difference factor is much 
larger in the former. The atomic sizes of silver and 
aluminum differ by 0.6 pct; Cu and Zn differ by 13 
pct. As shown in Fig. 9, the increase in CRSS on 
cooling from room temperature to 4.2°K is 1.6 times 
larger in 6 at. pct Al crystals than in a-brass crys- 


tals containing 5 at. pct Zn. On the basis of this com- 


parison, Cottrell locking does not appear reasonable 
as an explanation for the strong temperature depen- 
dence of the CRSS found in Ag base Al crystals. As 

a matter of fact, since aluminum and silver are 
closely the same in atomic size, all hardening effects 
due to atomic mismatch seem to be ruled out. Thus, 
one does not expect the interaction of moving dislo- 
cations with the stress fields about solute atoms to 
be important in the Ag-Al case. 

Electrical interaction of aluminum atoms with dis- 
locations cannot explain the larger temperature de- 
pendence of the CRSS in the Ag base Al crystals. In 
order to do so, the electrical interaction would have 
to be much stronger (relative to the elastic interac- 
tion) than is anticipated by the theory.® In this re- 
gard, Weinig and Machlin’° have measured the rela- 
tive importance of elastic and electrical interactions 
in a series of copper base alloys; their results indi- 
cate that the relative strengths of the two interac- 
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Fig. 11—Activation volumes as functions of Al content 
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tions are about those expected from the theory. 
Since the thermodynamic” and X-ray’? data show 
that short-range order exists in the Ag-rich, fcc 
solid solution, the contribution of SRO strengthening 
to the CRSS of Ag base Al crystals must be consid- 
ered. The thermodynamic measurements yield a v = 
—0.007 eV per atom while the X-ray measurements give 
av = -0.025 eV per atom. Using the latter value for v 
and Eqs.[3] and [5] of Flinn,!’ one can estimate the 
strengthening effect expected from SRO, Fig. 10. 
Here the degree of SRO is calculated using T, = 
296°K. Since Flinn neglects the entropy increase on 
disordering during deformation, the predicted SRO 
strengthening in Fig. 10 is compared with the meas- 
ured CRSS at 4.2°K. In addition to the fact that the 
predicted SRO strengthening is an order of magni- 
tude less than the observed CRSS, the expected com- 
position dependence for SRO strengthening is much 
stronger than measured in Ag-Al; SRO effects pre- 
dict about a 36-fold increase in strength on increas- 
ing the aluminum content from 1 to 6 at. pct Al, while 
the observed CRSS increases by a factor of about 4. 
One must therefore conclude that strength contribu- 
tions from SRO effects are of minor importance. 
Several investigators'*'5 have suggested that the 
source of solid-solution strengthening may be 
due to an increase in the dislocation density of 
metal crystals with solute additions. Seeger?‘ has 
proposed that the strengthening due to barrier dislo- 
cations is determined by two additive contributions: 
1) the stress required to overcome the long-range 
stress fields of almost parallel dislocations, Tg; 
2) the stress required to intersect dislocations 
threading the glide plane, 7;. Tg is only weakly tem- 
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perature dependent through variations in the shear 
modulus; 7, increases rapidly on cooling since ther- 
mal fluctuations aid the intersection of forest dislo- 
cations by gliding dislocations. 

The activation volume, v, in Seeger’s theory is 
given by the following equation: 


Te Th 


v also equals bdl, where b is the Burgers vector of 
the gliding dislocation, J, is the distance between ob- 
stacles, and d is the width over which thermal mo- 
tions aid the applied stress in surmounting the bar- 
rier. The activation volumes can thus be determined 
from the measurements of change in flow stress vs 
strain rate. The values for v in 99.99 pct Ag and Ag 
base Al alloy crystals are given in Fig. 11 as func- 
tions of the testing temperature and composition; 
these values were computed using the data from 
strain-rate changes only in the early part of the easy 
glide range. The activation volume, v, changes with 
both testing temperature and aluminum content; v de- 
creases by about an order of magnitude over the tem- 
perature range of 296° to 4.2° K and by a factor of 
approximately 6 asthe aluminum content is increased 
from 0 to 6 at. pct Al. 

Assuming the obstacles being overcome with ther- 
mal assistance are dislocations threading the glide 
plane, the observed decrease in v with the increase 
in aluminum content then seems due to an increase 
in the dislocation density. The temperature variation 
in v may be explained as follows: when an extended 
dislocation approaches another dislocation which it 
must intersect, a constriction is presumed to form 
prior to the cutting process.'” As the temperature 
is lowered, thermal fluctuations are less able to aid 
the applied stress in making the constriction; hence, 
the width over which thermal fluctuations are effec- 
tive during intersection becomes smaller and v shows 
a decrease as the temperature is lowered. 

At temperatures above room temperature, the tem- 
perature dependence of the CRSS is small; this sug- 
gests that most of the strengthening is due to the 7, 
term in Seeger’s theory. According to Seeger, 


Tg « bG YN’ [2] 


where G is shear modulus and N’ is the dislocation 
density. Also, if 1, is the dislocation spacing, 


[3] 


From the measured v’s and assuming d at a given 
temperature to be independent of aluminum content, 
the ratios of tg predicted from Eq. [3] for crystals 
containing 1, 3, and 6 at. pct Al compared with 99.99 
pct Ag are 1.3, 3.4, and 6, respectively. These ratios 
are in fair agreement with the ratios in the CRSS; at 
470° K (we assume Tg = T¢79°), the CRSS ratios for 
crystals having 1, 3, and 6 at. pct Al with 99.99 pct 
Ag crystals are 2.3, 4, and 5.1, respectively. 

At 4,.2°K Seeger’s theory of the flow stress re- 
duces to the following: 
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(7 - Tg)4.2°K [4] 
Values of (7 - 7g)4.2°x may be obtained from Fig. 1. 
As previously noted, aluminum additions to silver 
increase (T — Tg)4.2°- For calculting u,, an uncer- 
tainty arises in assigning a value to Tg. Even though 
the temperature dependence of the CRSS is relatively 
small at the highest testing temperature (470°K), it 
is still more strongly temperature dependent than the 
shear modulus. However, the approximation Tg|,_.°, 
~ Should be reasonable since 
by far the largest portion of the CRSS’s change with 
temperature occurs between 4.2°K and room temper- 
ature. The shear modulus of silver was used. Table 
III gives the calculated u,’s: 

Using the data of Basinski* for silver, one obtains a 
Ug Of about 0.12 eV. 

According to Stroh'® the energy required to form 
a constriction in an extended dislocation is propor- 
tional to the dislocation width which increases lin- 
early with decreasing stacking fault energy. The in- 
creased frequency of annealing twins with aluminum 
additions to silver,?® and the stabilization of the hex- 
agonal phase in the Ag-Al system at 25 at. pct Al 
both give qualitative indication that the stacking fault 
energy of silver is reduced by aluminum additions. 
More recently, Howie and Swann” have measured the 
variation in stacking fault energy of silver as a func- 
tion of aluminum content and obtained a decrease of 
about a factor of 3 on adding 6 at. pct Al to silver. 
Our data in Table III indicate an increase in u, by 
a factor of 2 or 3. It is thus attractive to propose 
that the increase in the thermal variation of the CRSS 
and the increase in u, with aluminum are due to an 
increase in dislocation width. 

An experimental result which is predicted by a 
dislocation density theory of solid solution hardening 
is that the CRSS for crystals of a given composition 
will be influenced by the growth rate since the dislo- 
cation density is a function of growth rate. It was ob- 
served, Fig. 1, that approximately doubling the growth 
rate for 6 at. pct Al-Ag crystals increased the CRSS 
by about 20 pct. The increased growth rate did not 
change the temperature dependence of the CRSS, 7.e., 
T4.2°x/ ANd Temained roughly un- 
changed. Also, the flow stress increases from iden- 
tical increases in strain rate, Fig. 3, were larger in 
the faster grown crystals by a factor of about 20 pct; 

V4.2 is then 20 pct smaller due toa decrease of 20 pct 
in 1,. Itthen follows from Eq. [4] that u, is un- 
changed by growth rate variations but is controlled 
by the aluminum content of the crystal. 

The substructure observed in Ag and Ag base Al 
crystals lends support to the view that solid solution 
strengthening is determined by solute effects on dis- 


Table III. u,asa Function of the Al Content 
At. pet Al v in cm® (= )4.2°K in Kg/mm? Ug in ev 
1 10 to 14 x 107” 0.24 0.15 to 0.21 
3 4.5 to 6 x 10-7" 0.62 0.18 to 0.24 
6 3to.4x10-* 1.32 0.25 to 0.33 
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location density and width. Ball™ has reported that 
the flow stress in polycrystalline aluminum increases 
with decreasing subgrain size. We have observed 
that aluminum additions result in a decreased sub- 
grain size as well as an increased strength. Another 
observation concerns the small pits along subboun- 
daries which are fairly well defined for the 1 at. pct 
Al crystal. If one assumes that these pits are disloca- 
tion sites, the dislocation spacing is about 5 x 1075 
cm. The activation volume measured from the change 
in strain-rate tests at 4.2° to 77°K is between 10 and 
15 x 1072 cm’. At these low temperatures, we can 
expect an activation distance of about 1 interatomic 
spacing, and thus one estimates that /, is of the 

order of 1075 cm. While it has not been proved that 
the pits along the subboundaries are dislocation sites, 
the distance between the pits is consistent with the 
value for the dislocation spacing as estimated from 
measured values of v. 

Our picture of solid-solution strengthening explains 
the relative CRSS for a-brass and Ag base Al crys- 
tals with the same atomic concentration of solute, 
Fig. 9. At room temperature, a-brass is stronger 
because the larger size factor in the a-brass case 
yields a greater dislocation density.” At low tem- 
peratures, where dislocation intersection is impor- 
tant, the Ag base Al crystals are stronger because, 
as previously noted, aluminum additions should de- 
crease the stacking fault energy of silver faster than 
zinc additions lower the stacking fault energy of cop- 
per. 


Thus, our results support the following mechanism 
of solid solution hardening for Ag base Al crystals: 

1) At high temperatures, the increased CRSS of sil- 
ver through aluminum additions is effected mainly 
through an increased number of dislocations. Solid- 


974—VOLUME 221, OCTOBER 1961 


solution strengthening results from increased long- 
range interactions of gliding dislocations with the 
stress fields from a larger number of dislocations. 

2) At low temperatures, dislocation intersections 
make important contributions to the CRSS; the low- 
temperature CRSS increases with aluminum content 
because aluminum additions result in wider disloca- 
tions which are more difficult to cut. 
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Determination of Number of Particles Per Unit Volume 


From Measurements Made on Random Plane Sections: 


The General Cylinder and the Ellipsoid 


R. T. DeHoff and F. N. Rhines 


The problem of determining the number of parti- 
cles of a phase distributed randomly in unit volume of 
an opaque matrix from measurements made on ran- 
dom plane sections is closely investigated. A for- 
malized derivation for the general case is presented. 
Applications of this formal result are made to spe- 
cific types of aggregates dispersed in a matrix; 
circles, particles with flat circular ends, cylinders, 
and constant shape aggregates of ellipsoids of revo- 
lution. Quantitative measurements of the average 
geometric properties of these aggregates are de- 
veloped. 


In 1953 R. L. Fullman? developed a technique for 
determining, from measurements made on random 
plane sections, the number per unit volume, Ny, of 
particles imbedded in an opaque matrix. Using meas- 
urements previously developed for volume fraction, 
Vy,” and surface area per unit volume, Sy,° he was 
able to determine average volume, average surface 
area, and average dimensions of particles, indepen- 
dent of size distribution, for spheres and circular 
disks,’ as well as for uniformly sized cylinders of 
any axial ratio.* The technique is mathematically 
rigorous for the cases studied. 

Recent studies of this problem have yielded rig- 
orous solutions for the general case of cylinders, 
permitting evaluation of Ny independent of size dis- 
tribution and with all axial ratios intermixed. Gen- 
eralization to shapes having flat, circular ends has 
been deduced. A solution has also been obtained for 
the ellipsoid of revolution, independent of size dis- 
tribution, but requiring a constant axial ratio in the 
generating ellipses. 

In the following derivations, as in Fullman’s work, 
it is assumed that the problem is purely a combina- 
tion of geometry and probability theory, that is, either 
the particles to be measured are imbedded randomly 
in the matrix, or a sufficient number of random 
plane sections are taken to make the sample repre- 
sentative. 

A relationship exists between the number of par- 
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ticles of a given size and shape that may be situ- 
ated in unit volume (Ny) and the number of inter- 
sections a random plane can be expected to make 
with these particles (N,4). It is the purpose of the 
following section to derive this relationship. 

The Probability of Intersecting Convex Bodies. 
Consider a convex, closed surface, that is, one for 
which no two surface normals point in the same di- 
rection, situated at some arbitrary position and 
orientation in a cube of material that is one unit 
long at each edge. 

It is not necessary to assume that this surface is 
symmetrical, Let planes be constructed in the cube 
parallel to the top face and at random distances 
from it. Those planes which lie between the two 
planes which are just tangent to the top and bottom 
of the surface will intersect it. The probability that 
a plane will intersect the body may be defined as 
the limit of the fraction of planes that lie between 
the two tangent planes as the total number of planes 
constructed becomes infinite. This fraction, in the 
limit, is equal to the distance between the two tan- 
gent planes, Dy, divided by the total length over 
which planes are constructed, which has been taken 
as unity. If the body is now rotated to a new orien- 
tation, applying the same argument, the probability 
of intersection is again numerically equal to the 
distance between tangent planes. 

Let Dy (¢, 0) be defined as the distance between 
tangent planes of a convex body as a function of 
orientation, Fig. 1. The probability, Pv, of inter- 
secting the body with a randomly oriented and ran- 
domly positioned plane, is then equal to the average 
value of Dy (9, ¢) over all possible orientations. It 
may be easily shown that for a system of spherical 
coordinates the probability of finding an orientation 
between and 6 + and ¢+d¢is (1/47) sin ¢ 
dé dd, so that 


sin ¢d6d¢ 
4n 


Pr=Dy = (1] 


This relationship may be applied to each body in 
an aggregate of convex bodies. In particular, if the 
bodies in an aggregate are classified according to 
size and shape, and the ithsuch class is considered, 
Eq. {1] may be applied to this entire class, the prob- 
ability of intersecting any body in this class being 


Pr; = Dyi= Jf Dy(0,6) [2) 
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Fig. 1—The probability of intersecting a convex body in a 
specific orientation is equal to the distance between tangent 
planes for that orientation, Dy (9, >) . 


If there are Ny; bodies belonging to the ith classifica- 
tion in unit volume of sample, then the number of in- 
tersections a random plane can be expected to make 

with particles in this class is 


Nai= Ny; = Ny; Dy; [3] 


The number of intersections with all the particles in 
all classes is 


Na = 2Nai = Dy; = NyDy [4] 


In this equation Dy is the average probability of in- 
tersecting a particle in an aggregate of convex par- 
ticles, and is found to be equal to the mean value of 
the distance between tangent planes averaged over 
all orientations of all particles. _ 

It should be mentioned that, while Dy has been 
derived here for convex bodies, an exactly analogous 
course of reasoning leads to an interpretation of Dy 
for closed surfaces which are not everywhere convex. 
In this class of shapes there exist orientations for 
which more than two planes are tangent to the body. 
If the distances between these planes are measured 
in chainwise fashion around the particle outline, and 
Dy; (9, ¢) is the sum of these measurements, then 
the average value of Dy;(@, ¢) over all possible ori- 
entations gives the probability of intersecting the 
closed surface with a single closed loop. This treat- 
ment thus accounts for those planes which form more 
than one intersection with the particle, and Eq. [4] 
with this interpretation of Dy may be considered to 
be perfectly general, and valid independent of the 
geometry of aggregates. 

The Probability of Intersecting Surfaces of Revo- 
lution, There exists a general class of surfaces 
which are generated by revolving some fixed curve 
about an axis. If such a surface is so oriented ina 
spherical coordinate system that the z axis is paral- 
lel to the axis of rotation, then the distance between 
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parallel tangent planes, Dy, is independent of 8. 
Dy (9, %), Eq. [1], may be replaced by the function 
Dy(¢), which is the distance between parallel tan- 
gent lines on the generating curve. Eq. [1] then 
simplifies to 


f f D Dy(¢)sin¢dd [5] 


since 6 can be ‘‘integrated out.’’ The complexity of 
the calculation of Dy for surfaces of revolution is 
considerably less than that for surfaces not possess- 
ing this symmetry. 

Evaluation of Ny from Planar Measurements. 
Inspection of Eq. [4| shows that Ny for an aggregate 
can be determined from measurements on random 
plane sections if and only if Dy can be determined. 
The following method of attack suggests itself. Sup- 
pose Z is a planar measurement which will yield the 
required result. The average or expected value of 


where Zi is the average value of Z for all possible 
sections through particles in the it* class. Substitu- 
tion for N4; from Eq. [3] gives 


[6] 
The quantity being tested will yield the correct value 
of Ny if and only if it is so chosen that 

= C [7] 


where C is the same constant for all classes of par- 
ticles in the aggregate. Then 


[8] 


The above result imposes several requirements 
upon the type of measurement that Z must be. Its 
units must be (length)”’; it must be sensitive to par- 
ticle size; it must be sensitive to particle shape. In 
its simplest form, therefore, it will be the recipro- 
cal of some characteristic dimension of the outline 
formed by the intersection of a particle with a ran- 
dom plane. In the general case it may involve the 
reciprocal of some dimension of particle outline 
combined with other parameters that are unitless. 

Ny for Specific Shapes. Measurements of Ny have 
been developed for the specific shapes mentioned in 
the introduction. It is the purpose of the present 
section to extend and to broaden the list of shapes 
which may be analyzed and, at the same time, to 
present an example of the application of the general 
Eqs. [4] and [8] to a specific problem. 

Circles, Let the subscript c denote geometric 
properties pertaining to an aggregate of planar cir- 
cles of arbitrary size distribution dispersed in ran- 
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Fig. 2—Some examples of surfaces having 7 flat circular 
ends, showing ” = 1, 2, and 6, respectively. 


dom orientations and positions in an opaque matrix. 
Smith and Guttman have shown that the probability of 
intersecting any curve randomly oriented in space 


with a test plane is equal to one-half of its perimeter. 


Since each intersection with a circle in a given size 
class produces two intersections with its perimeter, 
the probability of intersecting a circle expressed in 
terms of the number of chords which may be ex- 
pected to be formed is equal to one-fourth the peri- 
meter of that circle: 


Dy ic “7 Yic [9] 
where 7;, is the radius of circles in the i** size 
class. 

The only dimension available for the measurement 
of Z, Eq. [6], is the length of intersection of the test 
plane with the circle. This line segment will be a 
chord of the circle, a random plane section through 
the aggregate being a collection of straight line 
segments. In any given size class the distribution of 
chords of the circle will be the same as that of the 
diameters of circular sections through a sphere 
which has the same radius as the circle. The aver- 
age of the reciprocals of these chord lengths, which 
must be Z in this case, is therefore the same as 
that derived by Fullman’ for diameters of circular 
sections through a sphere, 

Z,.=— 

tc 
Substitution of expressions [9] and [10] into the 
general Eq. [6] gives Z for all size classes taken 
together ; 


[10] 


us 
Vic _ 1? Nve [11] 
8 Nac 
Thus Ny, = [12] 


NAc is the number of straight line segments per unit 
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Fig. 3—The three types of intersections that may result 
when a random plane intersects a cylinder. 


area of test plane, and a is the average of the re- 


ciprocals of their lengths. 
The average radius of circles may be obtained 


from Eq. [11]. 


from which 7, = —= [13] 


4Z. 


Shapes with n Flat Circular Ends. The analysis of 
Ny for an aggregate of circles finds useful applica- 
tion to surfaces of bodies which have flat, circular 
ends, such as those shown in Fig. 2. Plane sections 
through an aggregate of bodies of this type will have 
arbitrary shape except for certain segments of par- 
ticle outline which will be straight lines. Using these 
line segments to measure Z,, the number of circular 
ends of particles per unit volume, Ny,, is obtained by 
Eq. [12]. If the analysis is restricted to aggregates 
of particles which are random in size and shape ex- 
cept that each particle has a constant number, , of 
flat circular ends, then 


[14] 


Cylinders, The preceding derivation for the spe- 
cific class of shapes described is independent of the 
shape of the surface lying between the two flat ends. 
This fact is emphasized in Fig.2. The right circular 
cylinder is a special case of this type of shape that 
deserves specific investigation. 

When a random plane intersects a cylinder it may 
cut one end, both ends, or neither end, Fig. 3. Those 
cuts that intersect at least one end of the cylinder 
will have straight line segments in the particle out- 
line which are chords of the circles that form the 
ends of the cylinder. If the lengths of each of these 
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SZ 


(i) (ii) 


segments were measured (some outlines will have 


two), and the average of their reciprocals taken, then 


the quantity Z, defined in the previous section is 
obtained. Eq. [14] may then be applied to the case of 


an aggregate of cylinders, with n = 2. Thus, for right 


circular cylinders 
_ Ze 


N 


[15] 
where Ny, is not the total number of intersections 
per unit area, but is equal to the total number of 
straight line segments of particle outline in unit 
area. 

The radius of each cylinder is equal to the radius 
of each of its circular ends. The average radius of 
cylinders in the aggregate may be determined by 
Eq. [13]; 


[16] 


The probability of intersecting a cylinder with a 
random plane (Dy, Eq. [1 ]) is a function of its shape 


Fig. 4—The prolate ellipsoid is formed by 
rotating an ellipse (i) about its major axis 
(ii). A typical planar intersection is also 

shown (iii). 


and size, and has been previously derived;* 


— 1 
DY = 5 5 Li [17] 


The number of intersections a random plane may be 
expected to make with cylinders in the i‘4 class is 
1 

Nai = E 
The total number of intersections it makes with all 
classes is 

1 


NA 


Substituting from Eqs. [15] and [16], and solving for 
L: 


[18] 


2 
[19] 
4Z. LNaAc 


The preceding results [15], [16], and [19], in com- 


Fig. 5—The oblate ellipsoid is obtained by 
rotating the ellipse (i) about its minor 
axis (ii). A typical planar section is also 
shown (iii). 
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bination with the well-known expressions for volume 
fraction and surface area per unit volume permit 
rigorous determination of all the average three- 
dimensional geometric properties of a completely 
arbitrary aggregate of cylindrical particles from 
measurements made on random plane sections 
through the aggregate. These properties include the 
average volume, average surface area, average di- 
mensions, and average shape of the particles. 

It must be realized that the results derived above 
are sensitive to the shape. Specifically they require 
measurements to be made on the flat end of the 
cylinder. It is thus impossible to use this method as 
an approximation to elongated or flattened bodies 
which do not have flat ends. 

Ellipsoids of Revolution. Many of the particle 
shapes encountered in metallurgical structures may 
be well approximated by the ellipsoid of revolution. 
By varying the axial ratio of the generating ellipse 
and interchanging the axis of rotation, shapes rang- 
ing from rods through spheres to plates may be 
formed. 

Since the ellipsoid of revolution is a figure of ro- 
tation, the probability of intersecting such a body 
with a random plane when the axis of rotation is in- 
clined at an angle ¢ to the intersecting plane is equal 
to the distance between tangent lines on the gener- 
ating ellipse for that orientation. If the major axis, 
a, is the axis of rotation, the ellipsoid formed is a 
prolate ellipsoid, see Fig. 4; if the minor axis, 0, 
is the axis of rotation, an oblate ellipsoid, Fig. 5, 
is obtained. Since the mathematics of these two 
cases are different, they will be presented sepa- 
rately. 

Prolate Ellipsoids. Let the subscript p denote 
prolate ellipsoids. The distance between tangent 
lines on the generating figure may be shown to be® 


Dyp cos’ +” sin’ ¢ 
The probability of intersecting this ellipsoid may 


be obtained by substituting this expression into 
Eq. [1] and intergrating: 


1+V/ 
In 
_bjia a 
a 


It may be seen that Dy, is the product of a size fac- 
tor and a complex function of the axial ratio, or 
shape of the ellipsoid. If the application is restricted 
to aggregates of particles all having the same shape, 
but arbitrary size distribution, then the complex 
function of the shape is simply a constant for the 
aggregate, and Eq. [20] may be rewritten for par- 
ticles in the i‘ size: 


Dy; = 5; (9) [21] 
Here q is defined as the axial ratio of the generating 
ellipse, and k»(q) may be found by substituting q for 
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Fig. 6—The shape factor is plotted as a function of the 
axial ratio of the generating ellipse for a) prolate ellipsoids 
(Rp (q)) and b) oblate ellipsoids (ky (q)). 


b/a in Eq. [20]. This constant is plotted as a function 
of the axial ratio in Fig. 6(a). 

The shape q of the generating ellipse may be es- 
timated with a fair degree of accuracy by searching 
out those particle outlines on a two-dimensional sec- 
tion that have the greatest deviation from an equi- 
axed shape, and measuring their axial ratios. These 
particle outlines were formed by sectioning a par- 
ticle parallel to its axis of rotation, and are there- 
fore geometrically similar to the generating ellipse, 
z.e., they have the same axial ratio, g. If a more 
quantitative estimate of qg is desired, it may be ob- 
tained from the following development. 

Planar cuts through ellipsoids are ellipses. A 
typical cut through a prolate ellipsoid is shown in 
Fig. 4(c). The dimensions of any particular inter- 
section of an ellipsoid of revolution may in general 
be calculated as a function of the size (b), the shape 
(q), the angle between the normal to the plane and the 
axis of rotation (¢), and the distance of the intersect- 
ing plane from the center of the ellipsoid (p). It can 
be shown® that the minor axis, a’y, of cuts is 


‘= b 2 2 


where p, (¢) is the distance from the center to the 
tangent plane for any value of ¢: 


P,(¢) = cos’ ¢ + sin’ ¢’ 


The minor axis 


[22] 


, b 2 
PACD) (¢) [23] 
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[27] 


and is thus a measure of the size of the ellipsoid. 

q These measurements apply to a particular ellip- 

07 7 soid of revolution. That is, in an aggregate of el- 
lipsoids having constant shape, Fy and Zp are 

4 4 measures of the shape and size d Rinaatte ina 

particular size class. The total number of par- 

os ticles per unit volume may be determined by sub- 

Fo. ™ stituting the specific expressions for Dyi and ay 

for prolate ellipsoids of revolution into Eq. [6]: 


0.4 Tk»(q) Ny [28] 
Na 


[29] 


The average size of ellipsoids in the aggregate may 


“as 7 be obtained by expanding the denominator of Eq. [27]: 
00 Ny;b;k 
00 0.8 04 0.6 08 0D 95; 
Fig. 7—The mean value of the ratio of minor to major axis ra 
of cuts through prolate (Fp) and oblate (Fy) ellipsoids is = 2Z, [30] 
plotted as a function of the axial ratio of the generating Pp 
ellipse. 
[31] 
Let Fy be defined as the ratio of the minor axis of q %4Z,y 
cuts to the major The axial ratio, q, has been determined from Fy in 
bb _ 20,(¢) 
tae = [24] Oblate Ellipsoids. Rotation of an ellipse about its 
~- minor axis produces an oblate ellipsoid of revolution, 
Note that Fy is a shape factor; it has no units. The Fig. 5. The derivation in this case is exactly analo- 


average value of F, for all possible intersections of gous to that for prolate ellipsoids, with different con- 
a plane with the ellipsoid is stants resulting. The following results are obtained: 


[32] 


[33] 


= 


Thus, the average value of F, is independent of the The shape factor, g, is again taken as the ratio of 


size of the ellipsoid, and is a function only of its the minor to the major axis of the generating ellipse; 
shape, g. The shape of an ellipsoid of revolution k,(q) is plotted as a function of q in Fig. 6. If Fy 
may therefore be determined from measurements is defined as in the prolate case; 
of Fy on random plane sections. F, is plotted as py 
a function of g in Fig. 7, and k»(q) may then be ob- K = E = q (ko (q) -@) [34] 
tained from Fig. 6(a). nag 

Define another measurable quantity: let Z, be the Similarly, 
reciprocal of the minor axis of elliptical intersec- tqko(q) 

1 
Zp = by [26] from which 


Z, is therefore a size factor, having units of length™ . . 
p ’ ng its ng 36 
Its average value for all possible intersections is a mqky (q) im 
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Fig. 8—The error in Ny, incurred by the assumption that 
ellipsoidal particles may be approximated by spherical 
particles, is plotted as a function of the axial ratio of the 
generating ellipse, using the minor axis of elliptical cuts 
to measure Z. The upper curve gives this error for ob- 
late particles (EZ), the lower one for prolate (Ep) . 


[37] 


[38] 


The shape, qg, is again determined from F, and Eq. 
[33]. 


DISCUSSION 


The formal development presented for the deter- 
mination of the number of particles per unit volume 
from planar measurements can theoretically be ap- 
plied to any aggregate of surfaces whose geometry 
can be explicitly described mathematically. The 
theory requires, at the very least, the measurement 
of the mean value of the reciprocal of some char- 
acteristic dimension of the particle outline in two 
dimensions. This is unfortunate from a statistical 
point of view because the largest errors are intro- 
duced in the measurement of small particle out- 
lines, and these are the most difficult to measure. 

The particular solutions for the specific cases of 
circles, particles with flat circular ends, and cylin- 
ders, are independent of size and shape distributions. 
However, it must be emphasized that the determina- 
tion of Ny in these cases is based upon measure- 
ments made upon the particle ends which must be 
flat and circular. Whether metal grains or biologi- 
cal cells deviate appreciably from these require- 
ments remains to be investigated. 

No such restriction need be applied to the solu- 
tion for constant shape aggregates of ellipsoids of 
revolution. This result may be applied to any ag- 
gregate of non-equiaxed particles with a greater 
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Fig. 9—The error in Ny, incurred by the assumption that 
ellipsoidal particles may be approximated by spherical 
particles, is plotted as a function of the axial ratio of the 
generating ellipse, using the major axis of elliptical cuts 
to measure Z. The upper curve gives this error for ob- 
late particles (£)), the lower one for prolate (Ep). 


degree of certainty than was previously possible. 
Since the resulting equations are different for ob- 
late and prolate ellipsoids, and both types of parti- 
cles produce ellipses on random plane sections, it 
is necessary to develop some means of distinguishing 
between them. The following comparison will re- 
solve this situation. For a prolate ellipsoid, the 
largest equiaxed section would be the same size as 
the minor axis of the largest of the most unsym- 
metrical sections. For an oblate ellipsoid, the 
largest equiaxed section is expected to be the same 
size as the major axis of the largest of the most un- 
symmetrical sections. Once the type of ellipsoid has 
been determined, g can be estimated or measured as 
outlined previously, and the appropriate equations 


used to determine Ny. 
Very large errors may result if particles that are 


elongated or flattened are treated as spheres, 7.e. 
q is assumed to be one. Let the error be defined by 


Ny Nv, 


Ny, 


where N Vo is the correct number of particles, and 
Ny, the number calculated on the assumption of 
spherical symmetry. This error has been calculated 
for both types of particles for the two conditions 
where the minimum and maximum dimensions of 
particle outline are used to measure Z. The results 
are plotted in Figs. 8 and 9; note that a very large 
overestimate of the true Ny may be incurred for 
elongated particles for which qg < 0.8. 


[39] 


CONCLUSION 


A general method of approach to the problem of the 
determination of the number of particles per unit 
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volume of an aggregate of particles suspended in an 
opaque matrix from measurements made on random 
plane sections has been outlined. Solutions have been 
obtained for the following types of aggregates: 

a) Circles, Eqs. [12], [13] 

b) Bodies with » flei, circular ends, Eq. [14] 

c) Randomly shapea and sized cylinders, Eqs. [15], 
[16], [19] 

d) Constant shape prolate ellipsoids, Eqs. [24], 
(28), (20), [30] 
e) Constant shape oblate ellipsoids, Eqs. [33], [35], 
[36], [37] 


Since perfectly general measurements of the total 
volume of particles per unit volume, and the total 
surface area of particles per unit volume are already 
available, the average particle volume and average 
surface area may be obtained by dividing these meas- 
urements by the measured number of particles in 


unit volume. Furthermore, the average particle di- 
mensions and average particle shapes have been de- 
termined for the types of aggregates outlined above. 
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The Recrystallization of Dilute Alpha 
lron-Molybdenum Solid Solutions 


W. C. Leslie, F. J. Plecity, and F. W. Aul 


During isothermal recrystallization, the rate of 
grain growth in dilute Fe-Mo alloys decreased vapid- 
ly with increasing Mo content, up to ~0.04 at pct, and 
less rapidly thereafter. Rate of growth also de- 
creased sharply with time at constant temperature. 
The observed rates of boundary migration did not 
correspond to predictions of the Liicke-Detert theory. 
It is proposed that the growth of recrystallized grains 
is inhibited by clustering of solute atoms at imper- 
fections in the unrecrystallized matrix. 


Ir is now firmly established'~® that the rate of re- 
crystallization of cold-worked metals, iz.e., the rate 
of growth of recrystallized grains into the deformed 
matrix, is greatly inhibited by the presence of alloy- 
ing elements in solid solution. The effect is greatest 
with the first very small quantity of alloying elements, 
and additional increments cause much less pro- 
nounced retardation of growth. The early papers on 
this subject were reviewed in Ref. 6. The mechanism 
of retardation of growth is not clear; only one theory, 
due to Liicke and Detert,® has been advanced. This 
assumes an elastic interaction between grain boun- 
daries and solute atoms which tends to increase the 
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concentration of the latter in the grain boundaries. 
Except at very low solute concentrations or at high 
temperatures, the mobility of the boundary is assumed 
to be controlled by the rate of diffusion of the accom- 
panying solute atoms. Abrahamson and Blakeney? 
have noted a correlation between “recrystallization 
temperature” of binary alloys of iron and the number 
of d-shell electrons in the solute atoms. 

There is need for considerably more experimental 
data on the effect of solute elements on the rate of 
migration of grain boundaries into the deformed ma- 
trix, to provide the basis for an understanding of the 
annealing process in metallic solid solutions. Only 
a start has been made in this direction.*> To avoid 
unnecessary complications, alloys in which precipi- 
tation does not occur should be used, but to produce 
the maximum effects it is desirable to select alloys 
with a large difference between the sizes of the atoms 
of the solvent and solute. For these reasons, alloys 
of iron and molybdenum (Ry,/Ry. = 1.099)? were cho- 
sen for this study. 


MATERIALS AND PROCEDURES 


A 30-lb. ingot of iron and four similar ingots of 
Fe-Mo alloys were vacuum melted in magnesia cru- 
cibles and poured into cast-iron molds. The molyb- 
denum contents were planned according to the results 
of Abrahamson and Blakeney? sothat two alloys would 
fall in the region of rapid change of recrystallization 
kinetics with change in composition (0.006 to 0.015 
and 0.030 to 0.045 at. pct Mo) and two alloys would 
fall in the region of gradual change (0.18 to 0.24 and 
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Table 1. Composition of Fe and Fe-Mo Alloys, Wt. Pct 


Fe-0.015 Fe-.039 Fe-.198 Fe-.315 
Element Fe At. Pct Mo At. Pct Mo At. Pct Mo At. Pct Mo 

Mo <0.001 0.025 0.067 0.34 0.54 

€ 0.0013 0.0010 0.0014 0.0013 0.0011 
N 0.0007 0.0007 0.0008 0.0012 0.0012 
oO 0.015 0.021 0.019 0.014 0.014 
Mn N.D. <0.005 <0.005 <0.005 <0.005 <0.005 
Si 0.008 0.008 0.008 0.004 0.004 
Cu N.D. <0.004 <0.004 <0.004 <0.004 <0.004 
Ni N.D. <0.003 <0.003 <0.003 <0.003 <0.003 
Cr N.D. <0.004 <0.004 <0.004 <0.004 <0.004 
V N.D. <0.002 <0.002 <0.002 <0.002 <0.002 
Al N.D. <0.002 <0.002 <0.002 <0.002 <0.002 
B N.D. <0.0005 <0.0005 <0.0005 <0.0005 <0.0005 
Sn N.D. <0.001 <0.001 <0.001 0.001 0.001 
Cb N.D. <0.005 <0.005 <0.005 <0.005 <0.005 
Pb N.D. <0.0006 <0.0006 <0.0006 <0.0006 <0.0006 
Mg N.D. <0.01 <0.01 <0.01 <0.01 <0.01 
Zr N.D. <0.005 <0.005 <0.005 <0.005 <0.005 
Co N.D. <0.005 <0.005 <0.005 <0.005 <0.005 


0.3 to 0.35 at. pct Mo). The chemical analyses of the 
alloys are shown in Table I. The residual elements 
present in highest concentration were silicon and 
oxygen, and these were probably combined, at least 

in part. The ingots were machined to remove the sur- 
face, then heated to 1150°C and hot-rolled to 1 in. 
plate. Sections 5 by 2 1/2 in. were cut from the 
plates, reheated to 1150°C, then hot-rolled to 0.5 in. 
These pieces were sand blasted, then cold-rolled to 


0.180 in. and annealed at 955°C for 90 min in dry 
hydrogen, followed by furnace cooling in the same 
atmosphere. As shown in Fig. 1, the grain size after 
this treatment was ASTM 1-2. 

As in a previous investigation of the recrystalliza- 
tion of iron and Fe-Mn alloys,° the cold reduction 
prior to annealing was held constant at 60 pct, (0.180 
to 0.072 in.) performed in 9 equal reductions between 
5-in.-diameter rolls. Specimens 1/2 by 1/2 in. were 


Fig. 1—Structure of vacuum-melted Fe- 
Mo alloys prior to 60 pct cold reduction. 
X100. Nital Etch. Reduced approximate- 
ly 13 pet for reproduction. 
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Fig. 2—Isothermal recrystallization of Fe-0.015 pct Mo 
alloy. 


carefully cut from the cold-rolled strips and annealed 
isothermally in lead baths for various periods in the 
temperature range 480° to 705°C. The extent of re- 
crystallization and rate of grain growth were deter- 
mined by quantitative metallography in the manner 
previously described.’ Five diamond-pyramid hard- 
ness measurements were made on each polished and 
etched section. 


RESULTS 


I. Isothermal Kinetics. As occasionally happens,® 
the rate of isothermal recrystallization of the “high- 
purity” iron at 480°, 595°, and 650°C was anomalously 
slow, slower than for the 0.015 and 0.039 at. pct Mo 
alloy. For this reason, the kinetics of recrystalliza- 
tion of the zone-melted iron previously used® were 
adopted as a basis for comparison. The element of 
elements responsible for sluggish recrystallization 
of relatively pure iron remains unidentified; it is 
known that oxygen is not such an element.” The prob- 
lem is akin to that of temper embrittlement in that 
the effects seem to be due to traces of elements that 
are strongly adsorbed at dislocations, subboundaries, 
and grain boundaries. Some of the elements respon- 
sible for temper embrittlement, P, As, Sb, and Sn,° 
may also strongly inhibit recrystallization. 

It has been observed before’® that a small amount 
of a solute deliberately added to an impure solvent 
metal may increase the rate of recrystallization, 
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Fig. 4—Isothermal recrystallization of Fe-0.198 pct Mo 
alloy. 


10,000 


984—VOLUME 221, OCTOBER 1961 


& 8 8 


So 


PERCENT RECRYSTALLIZED 


"100 1000 
ANNEALING TIME, MINUTES 


Fig. 3—Isothermal recrystallization of Fe-0.039 pct Mo 
alloy. 


10,000 


presumably by making the impurities ineffective by 
interaction. The addition of less than 0.05 at. pct Mo 
to the “high-purity” iron used in this investigation 
appears to be such a case. However, the internal con- 
sistency of the data on all of the alloys to which 
molybdenum was added and their agreement with re- 
sults obtained elsewhere assure that a real effect of 
the molybdenum additions was measured. 

Isothermal recrystallization curves for the Fe-Mo 
alloys are shown in Figs. 2 to 5 as conventional 
fraction-recrystallized vs log-time plots. It was 
noted previously® that plotting isothermal recrystal- 
lization data on a linear time scale revealed differ - 
ences that were not obvious in the log-time plots. 
For example, the rate of recrystallization of iron, 
in the early stages, was found to decrease with time, 
whereas the rate for Fe-0.31 pct Mn and 0.61 pct Mn 
alloys increased with time. Similar plots were made 
for the Fe-Mo alloys, but all of these indicated that 
the rate of recrystallization decreased with time, at 
least in the early stages. 

II. Relation Between Hardness and Recrystalliza- 
tion. It was previously noted that the relationship 
between hardness and extent of recrystallization in 
iron and Fe-Mn alloys was not linear. This is also 
true for Fe-Mo alloys, Fig. 6. In thesé alloys, much 
of the softening is due to recovery. Recovery and 
recrystallization are not separated. Recovery is also 
inhibited by the addition of molybdenum to the same 
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Fig. 5—Isothermal recrystallization of Fe-0.315 pct Mo 
alloy. 
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Fig. 6—The effect of molybdenum on the softening of iron. 


or a greater degree than is recrystallization. 

Ill. Temperature Dependence of Recrystallization. 
The times required for 10, 20, and 40 pct recrystal- 
lization were obtained from the isothermal plots and 
log 1/¢ vs 10°/T plots were made. Since the forms 
of the resulting curves were quite similar, only those 
for 20 pct recrystallization are shown, Fig. 7. As for 
high-purity iron and Fe-Mn alloys,’ the rate of re- 
crystallization cannot be described by a relation of 
the type 


a 
Se_0.015 ATOM% Mo 
© O'E 
i= 0 = o 
= = 
€ 
= 
= 
So = 
= 
© = 
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ro) = 
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Fig. 8—Rates of grain growth in Fe-Mo alloys at 595°C- 
width dimension. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


TEMPERATURE, °C 
650 620 595 565 540 


> 


0 


= 


1/t, MINUTES~! 


TTT] 


1.25 


1.05 115 


1.20 1.30 
10°/T 

Fig. 7—Temperature dependence of recrystallization, 20 

pct. 


The curves for the Fe-Mo alloys differ from those of 
the Fe-Mn alloys in that they do not show a consis- 
tent change in form with increasing alloy content. 
There was less tendency in the Fe-Mo alloys for the 
rates of recrystallization to become similar at low 
temperatures. 

IV. Rates of Grain Growth. As shown in Fig. 8, 
rates of grain growth at a given temperature de- 
creased with time. The rate of grain growth de- 
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Fig. 9—Temperature dependence of grain growth at 5 pct 
recrystallization. 
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Fig. 10—Effect of molybdenum on rate of growth of recrys- 
tallized grains. 


creases less rapidly with time, however, than in 
high-purity iron or Fe-Mn alloys. The set of curves 
shown in Fig. 8 can be approximated by one line, re- 
presented by the equation 


InG = 3.34 - 


where G = linear rate (mm per min) of growth, and 

t = time (min) at the annealing temperature. The low- 
est molybdenum alloy (0.015 pct) falls farther off this 
line than do the other compositions. This will be dis- 
cussed in greater detail later. The same type of re- 
lationship between rate of growth and annealing time 
was also observed at 540° and 650°C. 

The temperature dependence of the rate of grain 
growth in the various alloys was determined at 5 and 
10 pct recrystallization. The sets of curves were 
very similar; therefore only those at 5 pct are shown 
in Fig. 9. As noted for Fe-Mn alloys,® the forms of 
the curves are very similar to those of the tempera- 
ture dependence of recrystallization, Fig. 7, again 
indicating that the same process or processes are in- 
volved in both growth and recrystallization. 

The plot of rate of grain growth vs molybdenum 
content, Fig. 10, shows the expected break at about 
0.04 at. pct Mo which is in quite good agreement with 
the break found at 0.07 at. pct by Abrahamson and 
Blakeney.? It can also be noted from Fig. 10 that the 
change in rate of growth increased with decreasing 
temperature. Although not shown previously, the 
same effect was noted in the recrystallization of Fe- 
Mn alloys, Fig. 11. As might be expected from the 
larger size of the molybdenum atom and the resulting 
greater degree of interaction between these atoms and 
grain boundaries or imperfections, the effects of 
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| 


Litt 


Liu 


RATE OF GRAIN GROWTH, mm/min. 


0 0.1 0.2 03 0.4 0.5 0.6 
ATOM % Mn 


Fig. 11—Effect of manganese on rate of growth of recrys- 
tallized grains. 


molybdenum additions persist toa higher temperature 
than do the effects of manganese. 


DISCUSSION 


In agreement with results previously obtained on 
iron, Fe-Mn,° and Al-Cu alloys,‘ the rate of recrys- 
tallization and the linear rate of growth of recrystal- 
lized grains in dilute Fe-Mo alloys decrease with in- 
creasing annealing time and, as before,*® this must 
be attributed to a decrease in the driving force for 
recrystallization due to concurrent recovery in the 
unrecrystallized portions of the specimens. 

Attempts have been made*"! to compare the ob- 
served linear rates of growthofrecrystallizedgrains 
into cold-worked regions of binary alloys with the 
predictions of the Lifcke-Detert theory.® According 


controlled by diffusion of solute atoms, the rate of 
growth in bcc alloys can be expressed by the equation 


_ 2 DP _ &D+V 
G Pe ( RT [1] 


a = lattice parameter of the solvent 
D, = bulk diffusion coefficient of the solute 
atoms 
k = Boltzmann’s constant 
T =temperature, degrees absolute 
P = stored energy of deformation 
C = atom fraction of solute 
Qp = activation energy for bulk diffusion of 
solute 
V = energy gained by putting a solute atom 
into a grain boundary. 
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In comparing the observed and calculated rates of 
growth,"! G, in the equation 


[2] 


was compared with the value found experimentally. 
If Eqs. 1 and 2 are considered to be identical, then 


Co = ETC [3] 
and 
Q@=Qn+V 


If the motion of the boundaries is considered to be 
impurity -controlled only at solute concentrations 
above about 0.04 at. pct Mo, Fig. 10, then the com- 
parisons can be made only for the 0.315 and 0.198 
pct Mo alloys. Following Gordon,"! the following 
assumptions were made: 


P = stored energy of deformation per cm* ~ 5x10’ 
ergs per cm® 

a = lattice parameter of Fe = 2.87 x 107? cm 

D, = the pre-exponential factor in the diffusion 

equation, =~ 6 cm?/sec for volume diffusion 
in iron. 

C = atomic fraction of Mo, taken as 2 x 107° and 
3x 107% 


i. -3 
1.15 x 1078 °K 


The resulting comparisons were: 


Alloy G, Experimental G, Theoretical 
0.3 pct Mo 7x 19” 2x 108 
0.2 pct Mo 7x 10% 3 x 10° 


Because of the lack of a unique activation energy 
for growth of recrystallized grains, Fig. 9, the expe- 
rimental values for G, can vary over a wide range, 
depending upon the temperature selected. 

It is fairly obvious that the quantitative predictions 
of the Liicke-Detert theory do not correspond to the 
experimental results obtained on the Fe-Mo alloys, 
and the agreement within two orders of magnitude 
between the theoretical predictions and the experi- 
mental results on Fe-Mn alloys’! probably occurred 
only by chance. 

It is not surprising that applications of the Liicke- 
Detert theory do not agree with experimental results 
in the recrystallization of cold-rolled dilute binary 
alloys, for this theory considers only the elastic in- 
teraction of solute atoms with the migrating high- 
angle boundary, and disregards processes occurring 
within the cold-worked alloy, in advance of the mov- 
ing boundary. It is known that concurrent recovery 
in high-purity metals and dilute alloys can cause a 
rapid decrease in rate of grain growth during recrys 
tallization. The factor P in Eq. 1, the stored energy 
of deformation, is not a constant but decreases as a 
function of annealing time. Also, in recrystallization 
of dilute binary alloys, the recovery process will 
consist not only of the annihilation and rearrange- 
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Fig. 12—Constancy of calculated energy released by solute- 
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ment of lattice defects, but also of the interaction of 
solute atoms with such imperfections. A portion of 
the stored energy of cold work will be released by 
such interactions. A quantitative measure of the 
energy released by the interaction of solute atoms 
with imperfections will be difficult to obtain, but a 
rough estimate can be made by use of Cottrell’s ex- 
pression!” 

4 


where V = interaction energy 
vy = atomic radius of iron = 1.24 x 107° cm 
G = shear modulus = 6.2 x 10"! dynes per sq 
cm 
v = Poisson’s ratio = 0.3 
N = = 0.097 
Ymo= Yadius of Mo in a-iron = 1.36 x 107° cm 


solving, 
V = 3.08 x 107'5 ergs per Mo atom. 


For a Mo content of 0.04 pct, this amounts to about 
1.0 x 107 ergs per cc, or about 1/5 of the total stored 
energy of deformation. It is obvious that this process 
cannot be continued indefinitely with increasing solute 
content, for one would very quickly exceed the total 
stored energy. It seems probable that the high-energy 
imperfection sites are occupied early by solute atoms, 
and additional solute releases very little more ener- 
gy, thus tending to produce the “critical concentra- 
tion” effects noted herein and previously.*»> This im- 
plies that for any given deformation, the energy re- 
leased per unit volume by imperfection-solute in- 
teraction will be constant for all solute elements at 
the “critical concentration”. At the critical concen- 
trations taken from Abrahamson and Blakeney,? this 
seems to be at least approximately correct, Fig. 12. 
This solute-imperfection interaction cannot init- 
self be the process which produces such great inhibi- 
tion of recrystallization; the energy release (reduc- 
tion in driving force for recrystallization) is too 
small for that. These interactions produce local seg- 
regation or clustering of solute atoms in advance of 
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the migrating grain boundary. These clusters must 
be assimilated into the nearly perfect lattice of the 
growing grain. The step which actually determines 
the rate of growth of the recrystallizing grain may 

be one of three: 

1) Removal of atoms from the clusters encountered 
by the moving boundary. 

2) Diffusion in the grain boundary of solute atoms 
from the clusters. 

3) Assimilation of individual solute atoms into the 
lattice of the growing recrystallized grain. 

Oriani!‘ has suggested that the third possibility is 
the rate-controlling process, but his proposal is in- 
adequate for the same reason as the Lticke-Detert 
theory, in that it assumes homogeneous distribution 
of solute atoms on both sides of the advancing boun- 
dary and ignores solute-imperfection interactions 
and clustering occurring during recovery. It seems 
likely that the Liicke-Detert theory can be properly 
applied only to studies of the motion of grain boun- 
daries between two nearly perfect lattices. 

From the information on hand it does not seem pos- 
sible to decide which of these three steps is the slow- 
est. 

The proposals offered here have the merit of cor- 
relating the observed solid-solution effects upon re- 
crystallization with the large effects noted in systems 
in which precipitation occurs concurrently with re- 
crystallization.45~!* Previous results’’ indicated that 
the greatest retardation of recrystallization of an Fe- 
Cu alloy occurred after specimens were held at a 
lower temperature before being heated to the recrys- 
tallization temperature, or after being heated to the 
recrystallization temperature at a controlled low 
rate. Recent electron transmission observations have 


shown that the pretreatment did not precipitate copper, 


but it can be presumed to have caused preprecipita- 
tion clustering of copper atoms. It appears that 
clusters of solute atoms, whether in a solid solution 
alloy or in one in which precipitation can occur, are 
effective barriers to boundary migration—more ef- 
fective than precipitate particles—unless the latter 
are very closely spaced. 

It has been noted® that the retarding effect of solute 
elements is smaller for lesser degrees of deforma- 
tion. This would be expected, since for a given 
amount of solute there would be fewer solute-imper - 
fection interactions and therefore, fewer clusters 
formed. 

The correlations observed between “recrystalliza- 
tion temperature” and the difference in valency be- 
tween solute and solvent!® and between number of d- 
shell electrons in the solute and the “recrystalliza- 
tion temperature”,? cannot be ignored. The simple 
concept of a purely elastic interaction between a sol- 
ute atom and an imperfection cannot be wholly cor- 
rect. Electronic effects may be important in the for- 
mation of concentrations of solutes at imperfections, 
in the rate of dissolution of such clusters at the boun- 
dary, and in the assimilation of atoms into the re- 
crystallized lattice. 
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SUMMARY AND CONCLUSIONS 


1) The addition of small amounts of molybdenum to 
iron causes pronounced retardation of growth of re- 
crystallized grains during annealing after cold work. 

2) The rate of grain growth in recrystallization de- 
creases rapidly with increasing molybdenum con- 
tent, up to about 0.04 at. pct, and much less rapidly 
thereafter. 

3) The effect of molybdenum in retarding growth 
of recrystallized grains increases with decreasing 
annealing temperature. 

4) The rate of growth of recrystallized grains in 
heavily cold-worked dilute Fe-Mo alloys decreases 
sharply with time at constant annealing temperature 
because of concurrent recovery, corresponding in 
this respect to the behavior of iron, Fe-Mn alloys, 
aluminum, and Al-Cu alloys. 

5) The rates of growth of recrystallized grains in 
dilute Fe-Mo alloys do not correspond to the quanti- 
tative predictions of the Liicke-Detert theory. 

6) It is concluded that the Ltfcke-Detert theory for 
the effect of solute elements on recrystallization is 
inadequate because it fails to consider reactions oc- 
curring in the cold-worked alloy in advance of the 
migrating grain boundary. 

7) It is suggested that the effects of solute elements 
on recrystallization of cold-worked alloys are pro- 
duced as follows: 

For a given amount of cold work, there is a max- 
imum amount of stored energy that can be released 
by solute-imperfection interactions. The solute 
concentration necessary to release this maximum 
energy will vary with the intensity of the solute 
atom-imperfection interaction; as a first approxi- 
mation, the necessary concentration will be lower 
the greater the difference in atomic size between 
solute and solvent. These interactions result in 
clustering of solute atoms, which is substantially 
complete at the solute concentration necessary for 
the maximum release of stored energy. The rate 
of growth of recrystallized grains is controlled by 
the rate at which these clusters can be dispersed 
at the grain boundary and assimilated into the lat- 
tice of the growing grain, and by the extent of re- 
covery in the deformed matrix. 
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The Effect of Surface-Active Agents on the 


Mechanical Behavior of Aluminum Single Crystals 


1. R. Kramer 


Single crystals of aluminum were pulled in tension 
in a solution of paraffin oil and stearic acid. The 
critical resolved shear stress did not change with 
the concentration of the stearic acid solution; how- 
ever, the extents and slopes of Stages I and II were 
affected greatly. The observations lend evidence that 
the weakening effect of surface-active agents is con- 
trolled by the vate of desorption of the metal soap 
formed by the reaction of the surface-active agent 
and the metal surface. 


Ir has been shown by various investigators’™ that 
surface-active agents markedly affect the mechani- 
cal properties of single crystals. (A surface-active 
agent, for the purpose of this report, is defined as a 
long-chain organic molecule which contains one or 
more polar groups, Usually, however, investigations 
have considered only molecules having one polar 
group.) In general, when single crystals are deformed 
in some solutions containing surface-active agents, 
the creep rate, Fig. 1, is increased and the yield 
strength is decreased. The fatigue strength has been 
reported to be affected also.4 

Rehbinder and his associates'~* explained the 
“weakening” effect of surface-active agents in terms 
of physical adsorption, They assumed that a large 
pressure was created in microcracks which existed 
on the surface of the crystal. Harper and Cottrell,°® 
from their study of the effects of surface conditions, 
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found that the deformation characteristics of zinc 
single crystals were not altered by a solution con- 
taining a surface-active agent unless the surface of 
the specimen had an oxidized surface, They concluded 
that the role of the polar molecule was to remove the 
strengthening effect of the oxide coating. Later, And- 
rade®*® presented additional evidence which appeared 
to agree with this conclusion, In contrast, Klinken- 
berg et al,’ reported data which confirmed the results 
of Rehbinder, Using zinc and cadmium crystals which 
had been cleaned by electrolytic polishing, a large 
increase in the creep rate was observed when the 
specimens were tested in a 1 pct oleic acid-paraffin 
oil solution, They also reported that the creep rate 
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. Propionic acid 
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Fig. 1—Absorption effect (creep acceleration) in tin single 
crystals against concentration of surface-active substance 
(octane used as solvent), Ref. 11; 1) stearic acid, 2) ca- 
prylic acid, 3) propionic acid, 4) oleic acid. 
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mens 24. 


of gold specimens (composed of a bamboo array of 
single crystals) was increased when tested in a 0.2 
pet oleic acid-paraffin oil solution. Masing’“? at- 
tributed the weakening effect to a decrease in the sur- 
face energy due to physical adsorption, 

It is the intent of this paper to show that the changes 
in mechanical behavior of single crystals when tested 
in solutions containing surface-active agents are as- 
sociated with chemical adsorption and desorption and 
not with physical adsorption. Since previous investi- 
gations were confined primarily to creep or to ten- 
sile tests in which the various deformation stages 
were not discernible, a study was made of the changes 
in the extent and slopes of Stages I and II. 


EXPERIMENTAL PROCEDURE 


Aluminum single crystals were grown in a multiple- 
cavity mold using the Bridgman technique, Twenty- 
six specimens (1/8 by 1/8 by 4 in.) having the same 
crystallographic orientation were obtained, Fig. 2. 
The aluminum used in the preparation had a purity 
content of 99.997 pct and the orientations were deter- 
mined by the back-reflection Laué technique. The 
specimens were mechanically polished in a fixture to 
prevent bending, electropolished, and then vacuum 
annealed (~10~° mm Hg) for 2 hr at 600°C. After the 
vacuum-annealing treatment, the specimens were 
again electropolished just prior to testing. 

The specimens were pulled in an Instron tensile 
machine equipped with gimbals on the attachment 
rods, The ends of the specimens were copper plated, 
then coated with a thin layer of solder, and placed in 
an aligning fixture which held Teflon-coated steel 
specimen holders, They were fixed in place by filling 
the cavity between the specimen and specimen holder 
with a low-melting lead-bismuth alloy, The exposed 
surfaces of the seal were then coated with a paraffin 
wax. The container which held the solution was con- 
structed from Teflon. Before the preparation of the 
solutions used in this investigation, the paraffin oil 
was passed through a column containing activated 
alumina and activated silica, The paraffin oil was 
tested for the presence of polar molecules by placing 
a drop of the oil on a clean surface of water adjusted 
to a pH of 2 and 11. The oil was considered free from 
polar molecules when the drop did not spread within 
15 min. High-purity stearic acid was used and spe- 
cial precautions were taken not to contaminate the 
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specimens or the test apparatus with foreign organic 
matter which might contain polar substances, 

During the course of the tensile test, the load was 
measured by a proving ring equipped with SR-4 strain 
gages and the motion of the head was measured by a 
high-frequency magnetic transducer, With this appa- 
ratus it was possible to measure elongations within 
3 X 107° in. and loads of 0.1 lb. In allcases the tests 
were conducted at room temperature and at a strain 
rate of 107 sec™!. The load and deformation curves 
were recorded automatically on an x-y plotter. 

In addition to the tensile deformation tests, speci- 
mens were compressed approximately 1 pct and 
placed in various solutions containing surface-active 
agents. The solutions were allowed to stand at room 
temperature for 16 hr and were then analyzed for the 
presence of metal soaps, 


EXPERIMENTAL RESULTS 


The data on the presence of metal soaps found in 
the solutions containing various surface-active agents, 
into which deformed specimens had been immersed, 
indicate that the solubility of the metal soaps is im- 
portant in determining the weakening effect of such 
polar molecules. In every case where a surface- 
active agent has been reported to affect the mechani- 
cal behavior of a metal, a metal soap was found in 
the solution. Contrary to a previous statement® that 
in a cetyl alcohol-paraffin oil solution only a physical 
adsorbed layer was formed on lead, an analysis of 
such a solution showed the presence of lead cetylate. 
It was also found that the presence of metallic soaps 
in a solution depends not only on the reacting mole- 
cule but also on the solvent. Soaps were not found in 
solutions when specimens were immersed in satu- 
rated solutions of the surface-active agent. 

It is also of interest to note that, when metallo- 
graphic specimens of zinc and copper were examined 
after immersion in solutions containing surface-ac- 
tive agents, there was definite evidence of chemical 
attack. In some cases well formed arrays of etch 
pits were found along the slip bands, indicating that 
the chemical reaction occurred at dislocation sites, 
In view of the selected attack, it appears that under 
proper conditions surface-active agents might be 
used as an etchant to reveal dislocations, 

The data obtained from the stress-strain curves 
of aluminum crystals deformed in paraffin oil con- 
taining varying concentrations of stearic acid are 
summarized in Figs. 3and 4. Figure 5 shows the crit- 
ical resolved shear stress obtained when the speci- 
mens were deformed in the stearic acid solutions, 
The critical resolved shear stress was defined to be 
the stress at which the stress-strain curve first be- 
came nonlinear, Also plotted in Figs, 3 and 4 are 
the results obtained from a specimen pulled in a 
paraffin oil bath containing 0.002 mol per liter of 
stearic acid and 0.00001 mol per liter of aluminum 
stearate. 

As may be seen from Fig. 5, the critical resolved 
shear stress does not change with the concentration 
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Fig. 3—Effect of concentration of stearic acid in paraffin 
oil on extent of Stages I and II of aluminum single crystals 
24. 


of stearic acid in paraffin oil; however, the extents 
and slopes of Stages I and II do change, Figs. 3 and 
4, The strain, €,, at the end of Stage I at first in- 
creases with increasing concentration and then, at a 
concentration of 0,002 mol per liter of stearic acid, 
decreases, The strain, €,, at the end of Stage II or 
the beginning of Stage III follows the same behavior 
as €,; however, the slope, @,, of Stage I and the 
slope, 6,, of Stage II decrease until a concentration 
of 0.002 mol per liter (a minimum in the curve) is 
reached and, with increasing concentration, these 
slopes increase. An analysis was made of each solu- 
tion after the tensile test in an attempt to determine 
the amount of aluminum stearate formed. Unfortu- 
nately, the method of analysis was not sensitive 
enough to obtain accurate quantitative results, how- 
ever; the solution containing 0.002 mol per liter ap- 
peared to have had the greatest amount of aluminum 
stearate in solution, 

The deformation behavior of specimens which were 
pulled in 0,002 mol per liter stearic acid solution 
containing 0.00001 mol per liter aluminum stearate 
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Critical Resolved Shear Stress (psi) 


Fig. 5—Critical resolved shear stress of aluminum single 
crystals 24 in a stearic acid-paraffin oil solution. 
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Fig. 4—Effect of concentration of stearic acid on slopes of 
Stages I and II of aluminum single crystals 24. 


showed that the presence of the aluminum stearate 
decreased the effect of the surface-active stearic 
acid, The values for €, and €, were decreased and 

6, was increased as compared to the values for speci- 
mens tested in a solution containing 0.002 mol per 
liter of stearic acid. The Stage II deformation for 
these specimens appeared only as a transition region 
for this test condition and the €, value was taken as 
the beginning of Stage III, 

Specimens were also tested in a solution containing 
0.002 mol per liter of stearic; however, prior to the 
test, the aluminum stearate content was increased by 
allowing the specimens to react in the solution for a 
period of 17 hr. The values of €,, €,, and 6, were 
about the same as those for specimens tested in the 
above solutions which contained aluminum stearate. 
In this case, also, a Stage II region did not appear. 

In several cases specimens were allowed to re- 
main in a bath of paraffin oil containing 0.002 mol 
per liter of stearic acid for 17 hr in order to allow a 
monomolecular film to be formed, When these speci- 
mens were tested in air, the €,, €,, 0,, and 6, values 
were essentially the same as those obtained from 
specimens tested in air without the monomolecular 


film. 


DISCUSSION 


The experimental data derived from tensile tests 
of aluminum single crystals in stearic acid solutions 
show that the critical resolved shear stress does not 
change with the stearic acid concentration. This im- 
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plies that surface dislocation sources are not affected 
by the surface-active agent, since a change in the 
stress necessary to activate such a dislocation 
source would be expected to change the critical re- 
solved shear stress but not the plastic flow charac- 
teristics thereafter. 

The plastic flow parameters, €,, €,, 6,,and 9, 
were, however, strongly affected by the concentration 
of the stearic acid solution. For each of these param- 
eters, the maximum effect was found to occur at 
the same concentration (0.002 mol per liter), The 
results are somewhat similar to those obtained by 
Rehbinder and his coworkers” for creep and tensile 
tests; however, from the present data, the effect of 
the surface-active agents on the changes in Stages I 
and II may be seen. Rehbinder reported his data 
from tensile tests in terms of yield strength since 
the various stages were not discernible from the 
stress-strain curves, 

When compared to the values obtained in the solu- 
tion containing 0.002 mol per liter, the decrease in 
€, and €, and the increase in 6, which occurred when 
aluminum stearate was added to the stearic acid 
solution are strong evidence that the effect of surface- 
active agents is controlled by the rate of desorption 
of aluminum stearate molecules from the surface of 
the specimen. The rate of desorption of metal soaps 
may be expected to be affected by the concentration 
of metal soap already in the solution, Smith and 
Fort”? showed that for the case of copper and nono- 
decanoic acid, the rate of desorption of copper soap 
in a cyclohexane solution saturated with copper nono- 
decanate was much less than the rate of desorption 
in pure cyclohexane. The behavior of the specimen 
pulled in a solution containing the reaction products 
formed as a result of immersing an aluminum speci- 
men in the stearic acid solution lends additional sup- 
port to the concept that the rate of desorption may 
control the effectiveness of a surface-active agent. 

In another study?! in which the surface of aluminum 
specimens was removed in an electrochemical polish- 
ing bath while the specimens were being deformed, it 
was found that the extent of Stages I and II was in- 
creased and the corresponding slopes decreased as 
the rate of removal of the metal was increased, The 
critical resolved shear stress was not affected. It 
was also possible to effect a complete recovery in 
the work-hardening state by plating off about 0.041 
in. from the transverse dimension of the specimen 
after it had been strained within the Stage I region, 
The results from the above experiments indicated 
quite strongly that the extent and slope of Stage I 
were determined primarily by surface barriers, and 
internal obstacles exert a more minor role, In Stage 
II, both surface and internal obstacles are important, 
The results obtained on the changes in Stages I and 
II as a function of the.concentration of the surface- 
active agents appear to be related to those obtained 
by electrochemical removal of the surface. However, 
microscopic examination of specimens exposed to 
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surface-active agents revealed that the chemical at- 
tack was localized and dislocation pits were formed, 
whereas the electrochemical attack was very general, 
Therefore, it is unlikely that the results of the two 
cases can be related directly to the total amount of 
metal removed since the important factor may be the 
rate of removal at dislocation sites. 

The bell-shaped curve of Figs. 1, 3, and 4 may be 
explained in terms of the rate of desorption of the 
metal soap which forms as a result of the reaction 
between the surface-active agent and the metal. At 
low concentrations, the rate at which the surface- 
active molecules reach the surface is low but the 
solution potential of the metal soap is high, The rate 
of removal of the metal, therefore, is correspondingly 
low. As the concentration is increased, the rate of 
adsorption of the surface-active molecules is in- 
creased and the number of metal soap molecules that 
pass into solution is increased. However, at a certain 
value of concentration, the rate of solution of the soap 
molecules will decrease because the solution becomes 
more saturated, This point will correspond to the 
maximum of the curve. In brief, on the rising portion 
of the curve, the effectiveness of the surface-active 
agent is limited by the rate of adsorption which will 
increase with increasing concentration, On the fall- 
ing portion of the curve, the effect is limited by the 
rate of desorption of the metal soap molecules. The 
rate of desorption will decrease with increasing con- 
centration of the polar molecule, 

For a given solvent and a given metal, in general, 
the solubility of the metal salt will decrease with the 
chain length of the organic molecule. (The solubility 
is, of course, modified by the presence of double and 
triple bonds, side-branched groups, and so forth.) 
Thus it is expected, as shown in Fig. 1, that the max- 
imum in the curve moves to lower concentrations as 
the chain length of the molecule increases. 

As pointed out earlier, some experimental results 
seem to indicate that a surface-active agent does not 
affect the mechanical behavior of “clean” crystals. 
Gold seems to be the exception, Since the rate of 
desorption of the metal soap molecules appears to 
influence the effectiveness of the surface-active 
agent, two factors become important: 1) the energy 
of the system must be high enough to allow the soap 
reaction to occur, and 2) the energy of adsorption 
must not be so high that the soap molecules do not 
dissolve in the solvent. From the work of Dubris- 
Prutton,!* and Tingle’® it is shown that metal 
soap will not form unless an oxide and/or water is 
present, This may account for the observation that 
the mechanical behavior of clean crystals of zinc is 
not affected by an oleic acid-paraffin oil solution. 
Howver, since Smith’*” *® has shown that working the 
surface of clean metals may promote the formation 
of metal soaps, it appears possible that under cer- 
tain conditions, using the proper solvent and sur- 
face-active agent, an effect on the mechanical be- 
havior of clean crystals may be observed, eg., gold. 
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CONCLUSIONS 


The critical resolved shear stress for aluminum 
single crystals does not change as a function of con- 
centration of the surface-active agent in the solution. 
Changes in the extent of strain and slopes of Stages 
I and II are, however, found to occur and there is an 
optimum concentration at which the surface-active 
agent has the largest effect. The fact that the addi- 
tion of aluminum stearate decreases the weakening 
effect of stearic acid lends strong evidence that the 
rate of desorption of the metal soap is the control- 
ling factor governing the effectiveness of the surface- 
active agent. At low concentrations of the surface- 
active agent, the rate of desorption is limited by the 
relatively small number of stearic molecules that 
are adsorbed on the surface of the specimens, At 
high concentrations, the rate of desorption is limited 
by the solubility of the metal soap in the solution, 
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Grain Refinement of Steel Ingots by 
Solidification in a Moving Electromagnetic Field 


Frederick C. Langenberg, Guenter Pestel, and C. Richard Honeycutt 


Solidification in a moving electromagnetic field was 
successful in altering the as-cast grain structure of 
steel ingots. The equipment is described and experi- 
mental results are presented for several different al- 
loys. Conditions for optimum grain refinement are 
described and an empirical design constant presented. 
The effect of the grain refinement on hot workability 
is briefly discussed. 


Tue grain structure of a steel ingot teemed into a 
metal mold can be defined by macroscopic examina- 
tion in semiquantitative terms. For example, the rel- 
ative volume of obviously differing structures can be 
estimated with the classic definitions of chill, colum- 
nar, and equiaxed zones. Experimental evidence has 
proven that the grain structure of an ingot is affected 
by changes in such factors as teeming temperature, 
rate of teeming, degree of turbulence, size of ingot, 
mold characteristics (including preheat temperature, 
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design and coating), and composition of the metal (es- 
pecially as it affects the range of solidification). 

Significant advances have been made in fundamen- 
tal solidification studies; but the principles which 
have been developed are difficult to apply tothe com- 
plex and changing phenomena that occur simultane- 
ously during ingot solidification. In particular, many 
attempts have been made to refine the as-cast struc- 
ture of ingots, with special emphasis on the columnar 
grains. The formation of large columnar grains is 
generally considered harmful to the further fabrica- 
tion of an ingot. It may also result in undesired ani- 
sotropic properties. However, columnar grains are 
not undesirable in all grades, or product applications, 
and caution must be exercised to determine in which 
grades and applications columnar grains are not de- 
sired in the ingot. 

Although the literature on the refinement of as-cast 
ingot grain structures istoo vast in general toreview 
here, it is noteworthy that such methods are additions 
of artificial nuclei, mold vibration, mechanical stir - 
ring or ultrasonic agitation of the molten metal, and 
controlled cooling and reheating during solidification 
have been tried with varying degrees of success. 
However, it is doubtful that any method of refining 
the as-cast ingot grain structure has been completely 
successful on a commercial basis. The purpose of 
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Fig. 1—Electromagnetic stirring device with 4-5/8-in. 
inside diameter Ni-Resist mold in place. 


the investigation reported here was to determine the 
effect of electromagnetic stirring upon the as-cast 
grain size and structure of laboratory-size steel in- 
gots. During solidification, the liquid metal in the 
mold was caused to rotate about a vertical (longitu- 
dinal) axis by a similarly rotating magnetic field. 


ELECTROMAGNETIC STIRRING TO REFINE 
GRAIN SIZE 


In general, electromagnetic stirring of metal is 
analogous to the operation of an induction motor. 
When a magnetic field is moved with respect to an 
electrically conducting material, currents are in- 
duced in that material. These currents, in effect, 
create a secondary magnetic field of such polarity 
that the interaction between the primary and secon- 
dary fields results in a force which tends to drag the 
conducting material along with the primary field 
(Lenz’s Law). The force exerted on the conducting 
material is directly proportional to the square of the 
intensity of the primary field, and inversely propor - 
tional to the resistivity of the material. In electro- 
magnetic stirring, the pole pieces surrounding the 
mold can be compared with the stator of an induction 
motor, while the molten metal acts like a rotor. Thus, 
viewed purely as a field phenomenon, rotation of the 
molten metal is caused by the torque resulting from 
the interaction between the magnetic fields of the 
“stator” and the “rotor”. An equivalent view would 
be to regard the torque on the molten metal as simi- 
lar to the force exerted on a current-carrying con- 
ductor in a magnetic field. 

The theoretical rotational speed of the magnetic 
field produced by an induction stator-type device can 
be calculated from 
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where R equals the rotating speed of the field in rpm, 
f is the power frequency in cps, and P is the number 
of poles formed by the magnetic field in the stator. 
In practice, the molten metal will not revolve at the 
theoretical speed, just as a practical induction motor 
rotor will not revolve at the synchronous speed of 
the stator field. In this investigation, the rotational 
speed of the molten metal was controlled by varying 
the stirring field intensity, through control of the vol- 
tage impressed on the windings. However, as shown 
by Eq. [1], this speed is also dependent on the power 
frequency and the number of poles. For large ingots, 
frequency control could possibly be more practical 
than voltage control. 

This principle has previously been applied in some- 
what different form, to refinetheas-cast grain struc- 
ture of metal ingots. In 1933, experiments with a ro- 
tary magnetic field were performed at the Urals 
Physico-Technical Institute.’ Zinc, aluminum, and 
aluminum bronze were stirred by a rotating electro- 
magnetic field during solidification in small ceramic 
or asbestos molds, 0.8 by 1.8 by 1.2 in. deep. The 
rotation of the stirring field, however, was around a 
horizontal axis, and the forces acting on the metal 
produced a tumbling motion. Further work was done 
at the same institute with a 0.6 pct C-3 pct Ni steel 
and with a 0.2 pct C-25 pct Ni steel.? 

A similar type of magnetic stirring has also been 
used in consumable electrode vacuum arc melting. 
Rotation in this case is produced in the metal pool 
by the interaction between an externally applied mag- 
netic field and the arc current flowing through the 
pool. The rotation of the molten metal is about a ver- 
tical axis, but quickly ceases when the arc current 
is interrupted. 


EQUIPMENT 


Fifty -lb. heats melted in an induction furnace were 
poured into molds located in the stirring field. The 
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Table |. Experiments on Solidification in a Moving Electromagnetic Field 


Pouring Power 
Heat Type of Temp. Test Input to 
No Steel Mold F Conditions Stator, kw 
1 410 Ceramic, 4 1/2 in. ID 2900 No field applied - 
2 410 Ni-Resist, 4 3/8 in. ID 2900 No field applied - 
3 410 Ni-Resist, 4 1/8 in. square 2900 No field applied - 
4 410 Ceramic, 4 1/2 in. ID 2900 Field applied for 6 min 10.5 
5 410 Ni-Resist, 4 3/8 in. ID 2900 Field applied for 3 min 10.5 
6 410 Ni-Resist, 4 1/8 in. square 2900 Field applied for 3 min 10.6 
7 410 Copper, 4 3/8 in. ID 2900 Field applied for 3 min 10.5 
8 410 Copper, 4 3/8 in. ID 2900 No field applied - 
9 410 Ni-Resist, 4 3/8 in. ID 2770 No field applied - ee 
11 302 Ni-Resist, 4 3/8 in. ID 2770 Field applied for 2 min 50 sec 22.1 
19 310 Ni-Resist, 4 3/8 in. ID 2810 Field applied for 2 min 6.2 
20 S-816 Ni-Resist, 4 3/8 in. ID 2860 Field applied for 1 min 30 sec 14.9 
21 310 Ni-Resist, 4 3/8 in. ID 2810 No field applied - 
22 S-816 Ni-Resist, 4 3/8 in. ID 2860 No field applied - 
30 310 Ni-Resist, 4 3/8 in. ID 2810 Field applied for 38 sec 10.8 


mold was keyed into the field device to prevent it 
from also spinning in the electromagnetic field. 

The molds used were all externally cylindrical in 
shape, 6-1/4 in. OD, and for most runs had cylindri- 
cal inside cross-sections. The mean diameter of 


each ingot is listed when macrostructures are shown. 


They were the big-end-up type and were made of Ni- 
Resist cast iron (2.40 pct C, 2.30 pct Mn, 3 pct Si, 

23 pct Ni, 0.40 pct Cu, bal. Fe) and copper. Nonfer- 
romagnetic molds are necessary to permit the rotat- 
ing electromagnetic field to penetrate into the molten 
metal. Also used were ceramic molds which consist- 
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Fig. 3— Macrostructures of Type 410 stain- 
less ingots (4-3/8-in. diam.) Poured into 
Ni-Resist molds. a) No field applied (Heat 
2) 5) Field applied (Heat 5) 


ed of an inner cylinder of 20-gage low-carbon sheet, 
an outer cylinder of austenitic stainless sheet, and in 
between, dry MgO packing. All metal and ceramic 
molds were fitted with special hot tops shaped like 
truncated cones to prevent loss of metal during stir- 
ring. The top surface of the rotating metal assumes 
a parabolic shape during stirring and must be con- 
tained by proper hot-top design or some liquid metal 
would leave the mold. 

The stirring field device was made by rewinding 
the stator of a 15-hp, 25-cycle induction motor for 
6-pole operation (theoretical rotational field speed 
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(a) (b) 


Fig. 4—Macrostructures of Type 410 stainless ingots (4- 

1/2-in. diam.) Poured into ceramic molds with 0.0375-in. 
steel liners. a) No field applied (Heat 1) 6) Field applied 

(Heat 4) 


of 1200 rpm). The inside diameter of this device was 
6-1/2 in. A copper-tubing winding (for water cooling), 
specially insulated for high-temperature operation, 
was installed in the stator. Fig. 1 shows the field 
device inside a protective transite case. 

A diagram of the electrical power control and me- 
tering equipment used in this work is shown in Fig. 2. 


PROCEDURE 


The melts were made under an argon atmosphere. 
To permit effective melt control, periodic measure- 
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Fig. 5—Macrostructures of Type 410 stainless ingots (4- 
3/8-in. diam.) Poured into copper molds. a) No field ap- 
plied (Heat 8) 5) Field applied (Heat 7) 


ments were made with immersion thermocouples and 
an indicating recorder. When the melt was at the 
proper tapping temperature, the metal was poured 
into a funnel placed on top of the hot top. The funnel 
nozzle was replaced after each heat to ensure a con- 
stant pouring rate. 

For those heats in which the ingot was cast in the ro- 
tating electromagnetic field, the desired field intensity 
was applied before tapping. It is important to empha- 
size that the magnetic field was present when the 
molten metal first entered the mold. The times listed 
in Table I are from start of pour to power off. Even 
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Fig. 6—Macrostructures of Type 410 stainless ingots (4- 
1/8-in. square) Poured into Ni-Resist molds. a) No field 
applied (Heat 3) b) Field applied (Heat 6) 


for the heats in which a magnetic field was not ap- 
plied, the molds were placed in the stirring device to 
minimize such variables as pouring rates, distance 
from crucible to hot top, and cooling rates. 


GRAIN REFINEMENT OF VARIOUS ALLOYS 


The effect of electromagnetic stirring on ingot 
structure is best illustrated by photographs of pol- 
ished and etched ingot sections. Although all of the 
grades evaulated inthis program cannot be discussed 
inthis paper, the results for afew typical grades are 
presented. The heatnumber for each macrostructure 
is indicated on the figure and reference can be made 
to Table I for the process variables. 
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Type 410 Stainless. Fig. 3 shows the longitudinal 
cross sections of two 50-lb. ingots of Type 410 stain- 
less cast into Ni-Resist molds a) with no field ap- 
plied during solidification; and b) with field applied. 
The refinement of the as-cast grain structure is ob- 
vious. The columnar grains in Fig. 3(a) are almost 
completely absent in the refined ingot, Fig. 3(b), ex- 
cept for a zone at the bottom of the ingot where rapid 
solidification occurred. In addition, the equiaxed 
grains in the refined ingot are much smaller, and are 
uniform from top to bottom of the ingot. In subsequent 
comparisons, macrostructures of transverse sections 
from the middle of ingots are presented. 

In Fig. 4 cross sections are shown of ingots of 410 
stainless cast into ceramic molds with and without 
the electromagnetic field. The as-cast ingot struc- 
ture without the field, Fig. 4(a@), shows a smaller 
columnar zone than is present in ingots cast into all 
metal molds. However, the application of the electro- 
magnetic field during solidification still resulted in 
marked refinement of the grains, Fig. 4(d). 

Fig. 5 shows macrostructures of Type 410 stain- 
less ingots cast into copper molds. These molds have 
a greater chilling effect than the Ni-Resist or cera- a 
mic molds, and as expected, the columnar zone in the 4 
ingot cast without the electromagnetic field is quite : 
large, Fig. 5(a). Although the ingot solidified in the 
electromagnetic field still shows columnar crystals, 
Fig. 5(b), these columnar crystals are shorter and 
bent in the direction of stirring. 

Fig. 6 illustrates the macrostructures of refined 
and nonrefined ingots of Type 410 stainless cast into 
square Ni-Resist molds. Fig. 6(a) is a classical ex- 
ample of ingot structure showing the chill, columnar, 
and equiaxed zones. As shown in Fig. 6(b), electro- 
magnetic stirring results in considerable refinement 
of the grain structure. The refinement, however, is 
not as pronounced as with round ingots. This differ - 
ence is probably due toturbulence in the corners of 
the square molds. However, it should be possible to 
design a stator that could overcome this difficulty. 

Type 302 Stainless. Fig. 7 showstransverse cross 
sections of two 50-lb. ingots of Type 302 stainless 
cast into Ni-Resist molds. The ingot cast without 
the electromagnetic field, Fig. 7(a) is almost entire- 
ly columnar, a characteristic typical of austenitic 
stainless steels. On the other hand, the comparison 
ingot cast into the electromagnetic field, Fig. 7(d), 
shows outstanding grain refinement. The hexagonal 
pattern in the refined ingot is probably related to the 
design of the 6-pole stirring device, although the me- 
chanism for such an unusual structure has not been 
determined. 

Type 310 Stainless. Fig. 8 compares the as-cast 
and electromagnetically stirred structures of Type 
310 stainless ingots. As with Type 302 stainless, the 
grain size of this somewhat difficult -to-hot-work 
grade is refined by electromagnetic stirring. 

S-816. Fig. 9 shows the macrostructures of two 
50-lb ingots of S-816 (43 Co, 20 Ni, 20 Cr, 4 Mo, 

4 W, 4 Nb, 1.5 Mn, 0.7 Si, 0.38 C, balance Fe) cast 
into Ni-Resist molds. The ingot cast without the field 
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Fig. 7—Macrostructures of Type 302 stainless ingots (4- 
3/8-in. diam.) Poured into Ni-Resist molds. a) No field ap- 


plied (Heat 9) b) Field applied (Heat 11) 


shows the characteristic structure with large colum- 
nar grains, Fig. 9(a). The electromagnetically stirred 
ingot shows exceptional grain refinement, Fig. 9(d). 


CONDITIONS FOR OPTIMUM GRAIN REFINEMENT 


During the experimental program, the field inten- 
sity in the mold was found to be quite important. Ex- 
cessively high field intensities result in too rapid ro- 
tation of the liquid metal, which can cause the metal 
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Fig. 8—Macrostructures of Type 310 stainless ingots (4- 
3/8-in. diam.) Poured into Ni-Resist molds. a) No field 
applied (Heat 21) b) Field applied (Heat 19) 


to overflow the mold or cause center porosity in the 
ingot. If the field intensity is too low, grain refine- 
ment will not occur. 

In order todetermine the variation of field strength 
in the molds as a function of phase current or line- 
line voltage, a series of experiments was performed. 
The magnitudes and directions of the magnetic field 
within each mold at various radii were determined 
with a magnetic probe and oscilloscope. 

Utilizing the field intensity measurements and the 
results of a series of casting experiments at various 
flux densities, an empirical design constant was de- 
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Fig. 9—Macrostructures of S-816 ingots (4-3/8-in. diam.) 
Poured into Ni-Resist molds. a) No field applied (Heat 22) 
b) Field applied (Heat 20) 


veloped and its range for optimum grain refinement 
was established. This design constant is proportional 
to wH*a?/r where w = the rate of rotation of the mag- 
netization vector within an element of metal near the 
liquid-solid surface in radians per sec; @ = radius 
from the mold center to the point at which columnar 
grain growth begins during solidification in the ab- 
sence of a field (cm); H = the magnetic field intensity 
in oersteds at the location defined by a; and ry = the 
electrical resistivity of the molten metal. If 7 is as- 
sumed relatively constant for molten iron-base al- 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Fig. 10—Macrostructure of a Type 310 stainless ingot (4- 
3/8-in. diam.) Poured into Ni-Resist mold with field re- 
moved after 38 sec (Heat 30). 


loys, the design constant for these alloys is 
wH*a? = K‘ = design constant for iron-base alloys. 


Experiments showed that optimum grain refinement 
for iron-base alloys occurred when K* was in the 
range to 10!° [ (oersteds)?(cm)?/sec]. Further in- 
formation on the design constant is presented in U. S. 
Patent No. 2,963,758, Production of Fine Grained 
Metal Castings, issued to the authors of this paper. 

In defining the conditions for optimum grain re- 
finement it is necessary for some grades of steel to 
separate the ingot solidification into an early stage 
where columnar grains normally appear and a later 
stage as solidification approaches the center of the 
ingot. In the latter stage center porosity may occur 
above a critical value of field intensity. As a rule of 
thumb for those grades where center porosity is a 
problem, we found that the power input for optimum 
refinement of columnar grains should be reduced by 
one-half after the ingot is half solidified. 

The basic solidification pattern of the steel is also 


Fig. 11—Forged disks of Type 310 stainless after a 3 to 1 
reduction in thickness. (The top disk was from an ingot 
cast without electromagnetic stirring, while the bottom 
three disks were from grain refined ingots cast with elec- 
tromagnetic stirring.) 


VOLUME 221, OCTOBER 1961-999 


Fig. 12—Macrostructures of Type 310 stainless disks after 
upset forging from 3 to 1 1/8 in. a) Ingot cast without elec- 
tromagnetic stirring (Heat 21) 6) Ingot cast with electro- 
magnetic stirring (Heat 19) 


quite important in determining the correct power in- 
put during final solidification. For example, Type 
410 stainless normally solidifies with equiaxed grains 
in the center, Figs. 3(a), 4(a), 5(a), and 6(a); thus, 
even when the field was entirely removed after the 
ingot was half solidified, the center portion of the in- 
got was still equiaxed. On the other hand, Types 302 
and 310 stainless normally solidify with grains al- 
most entirely columnar from surface to center, Figs. 
7(a) and 8(a). For such steels, if the field were re- 
moved after solidification was half complete, the 
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columnar grains would reappear. This was confirmed 
by experiment as shown in Fig. 10. It is obvious that 
the columnar grains became reestablished after the 
field was cut off. Center porosity can be offset in 
this type of steel by maintaining the field at reduced 
(one-half) intensity in the final stages of solidifica- 
tion to prevent center porosity and yet continue to 
break up the coarse columnar grains. 

It appears from the above experiment that when 
the stirring stops the system rapidly adjusts to the 
normal mass transfer and heat transfer conditions 
which are almost entirely dictated by the thermal 
characteristics of the solidified metal and the mold. 
Thus the solidifying steel returns to the typical mode 
of freezing which would occur without stirring. 

No experiments were conducted for the specific 
purpose of determining the mechanism of grain re- 
finement during electromagnetic stirring. It was pos- 
tulated that grain refinement was due to shear forces 
in the liquid metal. The actual mechanism of grain 
refinement may be due to a change in solute distribu- 
tion and an increase in constitutional supercooling, 
or an agglomeration of subcritical nuclei, or other 
mechanisms. However, the degree of refinement from 
any of these mechanisms is related to the magnitude 
of stirring, or shear forces, in the liquid metal. 

When liquid metal enters a mold which is inside the 
electromagnetic field, the metal at the mold interface 
solidifies almost immediately. The rest of the liquid 
metal begins to revolve about the mold axis, and at 
increasing distances from the liquid-solid interface 
the liquid metal rotates with greater angular veloci- 
ties. The velocity gradient causes shear throughout 
the liquid and at the liquid-solid interface. The form 
of the previously mentioned design constant was de- 
veloped from this shear model. However, the fact 
that the constant seems to define critical limits for 
grain refinement does not necessarily confirm this 
speculation. It is hoped that more work can be done 
in this area. 


EFFECT OF GRAIN REFINEMENT ON HOT 
WORKABILITY 


All the ingots made in this investigation were eval- 
uated for hot workability by forging on a 2,000 lb. 
hammer 3-in.-thick disks cut from the ingots. In no 
instance was the hot workability of grain-refined in- 
gots inferior to that of normally cast ingots. For sev- 
eral grades, the hot workability of the grain-refined 
ingots was superior. However, one should not assume 
that grain refinement is a cure-all for hot workabil- 
ity problems. It does not necessarily follow that an 
ingot with a fine as-cast grain size will always have 
better hot workability than an ingot with a coarse as- 
cast grain size. 

Fig. 11 shows four disks of Type 310 stainless 
which were reduced in thickness from 8 to 1 in. by 
upset forging. The top disk was from an ingot that 
solidified without a field applied; the bottom three 
disks were from ingots that solidified in the moving 
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electromagnetic field. There were surface cracks 
in the disk from the normally cast ingot, but no 
cracks were present in the three disks from the re- 
fined ingots. 

Fig. 12 shows macroetched sections of two of the 
Type 310 stainless forged disks after the 3 to 1 re- 
duction in thickness. Fig. 12(@) shows the disk from 
the conventionally -cast ingot, top disk in Fig. 11; the 
structure in this figure should also be compared with 
the as-cast structure of the nonrefined 310 ingot 
shown in Fig. 8(a). The as-cast columnar grains still 
exist after forging. Fig. 12(b) illustrates a disk from 
a grain-refined ingot; the macrostructures show no 
large grains and should be compared with the refined 
as-cast structure shown in Fig. 8(b). Note particu- 
larly that the thin and bent columnar grains in the 
as-cast stirred ingot are almost completely broken 
up by the forging. 


SCALE UP 


The electromagnetic stirring process has been 
scaled up to 13-1/2 in. diameter ingots weighing 
1300 lb. Many grades were evaluated and in most 
cases grain refinement was accomplished. However, 
problems typical to the scale-up of solidification 
processes have arisen and further work is necessary 
to define the conditions for optimum grain refinement 
and product quality. 
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An Analysis of Powder Compaction Phenomena 


R. W. Heckel 


The compaction of metal powders is analyzed 
through density-pressure curves as a three-stage 
process — die filling, individual particle motion, and 
gross compact deformation. The densification oc- 
curring during each of these stages is evaluated 
quantitatively. The amount of densification in the 
first and second stages is primarily a function of 
particle geometry. The densification taking place 
in the third stage is dependent mainly upon the ma- 
terial. 


Ar the present time the densification of powders 
during compaction is usually described by terms 
such as “compactibility,” “compressibility,” and 
“compression ratio.” Schwarzkopf has proposed that 
compactibility be defined as the minimum pressure 
needed to produce a given green strength, while com- 
pressibility be used to indicate the extent towhichthe 
density of a powder is increased by a given pressure. 
Compression ratio is generally defined as the ratio 
of the compact density obtained at a given pressure 
to the apparent density of the loose powder. 

Balshin? found that the pressure imposed on a com- 
pact affects the relative volume of the compact ac- 
cording to the following relation: 


[1] 
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where: 


P is the applied pressure, 
V is the relative volume* of the compact, 


*Ratio of the specific volume of the compact to that of the material 
without porosity. 
L is a constant described as the modulus of press- 
ing and is determined by the slope of a plot of ln 
P vs V, and 
C is a constant which is determined by the inter - 
cept of a plot of nP vs V. 


Several drawbacks of the Balshin analysis may be 
noted from Fig. 1, which is a plot of pressure (loga- 


2.50 
> 
> 
10° 10* 10° 


PRESSURE, p.s.i. 


Fig. 1—Volume-pressure relationship of Balshin for —200 
+250 mesh iron (A) powder. 
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Fig. 2—Density-pressure relationship of Smith for —250 

+250 mesh iron (A) (electrolytic) . 


rithmic scale) vs relative volume for data obtained 
in the present investigation on an electrolytic iron 
powder. First, the curve is not linear and “straight 
line” approximations and extrapolations will lead to 
serious errors. The description of Z as a modulus 
has been questioned previously® and the present data 
cast doubt on its usefulness. Secondly, the analysis 
is relatively insensitive to variations in pressure 
values at high ranges of pressure. 

Smith‘ has proposed the use of the following em- 
pirical density -pressure relationship 


Cr= 
f pis 
where: 


Cr is a constant calledthe “compressibility factor,” 
p is the density of the compact, g per cc, 
fp is the apparent density of the powder, g per cc, 
and 
P is the applied pressure. 


[2] 


Fig. 2 shows a plot of relative density* vs the cube 


*Ratio of the specific density of the compact to that of the material 
without porosity. 


root of the applied pressure for the same data on elec- 
trolytic iron powder that were shown in Fig. 1. A lin- 
ear region appears at intermediate pressures, indi- 
cating the validity of Eq. [2] in this range. However, 
marked departures from linearity may be observed 
at both high and low pressures. Smith admitted that 
his density data at high pressures were lower than 
values calculated on the basis of low-pressure data 
and speculated that quite possibly the density of com- 
pacts approaches the maximum density asymptoti- 
cally. 

Murray, Livey, and Williams® have applied the 
Mackenzie-Shuttleworth analysis of sintering® to the 
hot-pressing of powders. They have altered the Mac- 
kenzie-Shuttleworth treatment by mathematically 
imposing an applied pressure on the process. Their 
relationship for the end-point relative density, Dr, 
of a hot-pressed compact as a function of applied 
pressure is given by Eq. [3]. 
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Dr 
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where: 


y is the surface tension of the material, 
n is the number of pores per unit volume, 
g, is the yield stress of the material at the press- 
ing temperature, and 
P is the applied pressure. 


Eq. [3] may be written in the form: 
In +k a P 


where k is a constant. Although Eq. [3] has been 
found to describe hot-pressing phenomena, the pro- 
portionality given by Eq. [4] was not found to be valid 
for the room-temperature compaction data of the 
present investigation. 

Konopicky’ has proposed that the proportionality 
given in Eq. [5] exists between the relative density 
of a metal powder compact, D, and the applied pres- 
sure, P. 


n (745) [5] 


Ballhausen® has offered the relationship given in Eq. 
[6]. 


(25 a P 


[4] 


[6] 


Duffield and Grootenhuis® have applied both of these 
analyses, as well as those of Balshin? and Smith,‘ to 
their density-pressure data on the compaction of air- 
atomized copper powders. They concluded that Kon- 
opicky’s analysis described their data more accurate- 
ly than that of Ballhausen. In addition, they found 

that the Balshin? and Smith‘ analyses provided poorer 
description than either Eqs. [5] or [6]. 

The data of the present investigatfon, which were 
used in Figs. 1 and 2, were also applied to Eqs. [5] 
and [6] to test their validity. Both equations were 
found to be valid at elevated pressures, since they 
both approach the same mathematical form as D ap- 
proaches unity. However, Eq. [5] was found to be 
valid as low as about 20,000 psi, whereas Eq. [6] was 
valid only above about 50,000 psi. 

There is considerable amount of additional informa- 
tion!°~!2 showing that Eq. [5] is applicable to density - 
pressure data of both metallic and non-metallic pow- 
ders. Athy’s data’® show that the density of the earth’s 
sedimentary rock crust is a function of depth. Assum- 
ing that pressure is proportional to depth, Athy’s re- 
sults may be described by Eq. [5]. 

Spencer, Gilmore, and Wiley’! have shown that the 
densification of polystyrene under pressure behaves 
in the manner indicated by Eq. [5]. They found that 
their value of the proportionality constant was 1.1 x 
107* psi~, which was quite close to 1.25 x 10-4 psi™ 
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which was calculated from Athy’s data.’° They con- 
cluded from this that the proportionality constant did 


not vary with the material being compacted. This con- 


clusion, however, has recently been invalidated.'? 

The density-pressure curves for an electrolytic 
iron powder, a chemically precipitated copper pow- 
der, a nickel powder, and a tungsten powder have been 
reported by the author previously.” These data were 
analyzed by plotting In (1/1 - D) vs P as shown in 
Fig. 3. The proportionality indicated by Eq. [5] was 
found for pressures above 15,000 to 25,000 psi. Eq. 
[5] was justified by considering the rate of change 
of density with pressure to be proportional to the 
void fraction. 


a? «(1 - D) [7] 
or 
d 
= KdP [8] 
Upon integrating Eq. [8] 
D P 
Je [9] 
Dy 0 
it is found that 
= KP [10] 


where D, is the relative apparent density of the pow- 
der. Since the curves in Fig. 3 exhibit some curva- 
ture at low pressures, Eq. [10] does not describe 

the process quantitatively. The replacement of the 
term In (1/1 - D,) with a constant, A, gives an expres- 
sion, Eq. [11], which is quantitatively valid except at 
the lowest pressures. 


in =KP+A [11] 


The constants A and K are determined analytically 
from the intercept and slope, respectively, of the ex- 
trapolated linear region of a plot of In(1/1 - D) vs P. 
The present paper will discuss the use of Eq. [11] 

as a tool in representing density-pressure relation- 
Ships. In addition, it will be shown that an analysis 
based upon Eq. [11] permits the extent of the various 
mechanistic processes which comprise compaction 
to be evaluated quantitatively. 


14x104 


PRESSURE, psi. 


Fig. 3—In 1/1-D vs pressure for —200 +250 mesh iron (A) 
(electrolytic ), —140 +200 mesh copper (A) (chemically 
precipitated), —250 mesh nickel (A), and ~15y tungsten 
powders. 


EXPERIMENTAL RESULTS 


In order to obtain a better understanding of the 
constants A and K in Eq. [11], a detailed investiga- 
tion of the compaction behavior of many different 
powders was undertaken. Density-pressure curves 
were obtained in a manner which has been described 
previously 

Standard pressing conditions were arbitrarily 
adopted at the outset of the investigation. A tensile 
bar die of 1.00 sq in. cross-sectional area with cavity 
dimensions meeting standards accepted by the Metal 
Powder Association?* and having the die body sup- 
ported by springs so that the die behaved in a double- 
action manner was used. Die lubrication was carried 
out by painting the body and punches with a 3 pct so- 
lution of stearic acid in carbon tetrachloride. The 
die was cleaned after each compaction operation. 
One-half cubic in. (0.50 in. depth) apparent volume 
of the powder was used for the compacts. The load- 
ing was carried out at a rate of 6000 psi per min. 
Data for each density-pressure curve were taken con- 
tinuously over the range of pressures from 0 to 
100,000 psi. 

Table I lists the powders used in the present inves- 
tigation. In addition, Fig. 4 shows the differences in 
shape and surface texture among some of these pow- 
ders. All powders photographed were sieved to a par- 


Table I. Description of Powders Used in the Investigation 


Powder Designation Type 


Source 


Charles Hardy Co. 


Iron (A) 


Electrolytic (Star Grade) 


Iron (C) Electrolytic (Sintrex) 
Iron (E) Hydrogen Reduced Oxide 
Nickel (A) Hydrogen Annealed 
Nickel (B) Spheroidized 

® Copper (A) Chemically Precipitated 
Copper (B) Spheroidized 
Tungsten 
Steel (SAE 4630) Atomized 


George Cohen, England 
Charles Hardy Co. 


Charles Hardy Co. 
Linde Co. 


Charles Hardy Co. 
Linde Co. 


Charles Hardy Co. 
Vanadium Alloy Steel Co. 
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Table Il. 


Compaction Parameters for Powders Studied in Present Investigation 


Lower Limit 


Powder Kipsi A of Linearity, psi 
Iron (A) -40 + 80 mesh 1.86 x 1075 0.67 25,000 
Iron (A) -80 +140 mesh 1:91 x 10-° 0.73 25,000 
Iron (A) -140 +200 mesh 1.99 x 107° 0.68 25,000 
Iron (A) -200 +250 mesh 1:91:« 10-* 0.73 25,000 
Iron (A) -250 mesh 1.81 x 1075 0.77 25,000 
Iron (C) -140 +200 mesh 1.90 x 10~° 0.70 10,000 
Iron (E) -140 +200 mesh 1.53 x 107° 0.61 25,000 
Steel (SAE 4630) - 80 mesh 1.08 x 1075 0.68 30,000 
Nickel (A) -250 mesh 1.48 x 10-° 0.87 25,000 
Nickel (B) -140 +200 mesh 1.38 x 1075 0.92 10,000 
Nickel (B) -250 mesh 10° 0.98 5,000 
Copper (A) -140 +200 mesh 1.88 x 107° 0.63 30,000 
Copper (A) -250 mesh 1.93 x 10 0.60 30,000 
Copper (B) ~140 +200 mesh 3.81 x 107° 0:72 5,000 
Copper (B) -250 mesh 3.00 x 107° 0.90 0 
Tungsten ~15u 0.62 15,000 


ticle size of -140 +200 mesh except the nickel (A) DISCUSSION 

and the tungsten, which were both finer than 250 mesh 

in the as-received condition. Zero-pressure* relative | Seelig and Wulff'* have suggested that the process 
of pressing metal powders in a die (disregarding the 


powder -filling and compact-ejection operations) may 


*Zero-pressure relative density is differentiated from at-pressure 
density. The former refers to the density of the compact when removed 


from the die; the latter to the density of the compact in the die while be divided into a) packing, 06) elastic and plastic de- 
formation, and c) cold-working with or without frag- 
density vs pressure data for the powders were plot- mentation. It has been shown?” that the curved region 


ted as ln (1/1 - D) vs Pas done previously.’ These of a plot of In(1/1 - D) vs P results from particle 

plots were analyzed in terms of Eq. [11]. The values movement and rearrangement processes before in- 
of K and A along with the lower limit of linearity of terparticle bonding becomes appreciable. This cor- 
plots are given in Table II. responds to the packing process discussed by Seelig 


4 3 


4 Fig. 4— Photomicrographs of various 
o ~¢ powders used in the present investiga- 
a tion (2) iron (A), iron (C), (c) iron 
©), @nickel (A), () nickel (B), (f) cop- 
ot per (A), copper (B), (4) tungsten, 
(i) steel (SAE 4630). X30. Reduced ap- 
proximately 25 pct for reproduction. 
(Powder designations given in Table I). 
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Fig. 5—Schematic representation of equations describing 
compaction behavior. 


and Wulff.'* The linear region of a plot of In (1/1 - D) 
vs P represents the region where the densification 

is proportional to the void fraction as given by Eq. 
[8]. This corresponds to both plastic deformation 
and cold-working and, therefore, combines the second 
and third steps discussed by Seeling and Wulff.'* 
Since consideration is being given to zero-pressure 
densities of deformable metal powders, elastic de- 
formation and fragmentation effects may be consid- 
ered negligible in the present analysis. 

It should be noted that A in Eq. [11] combines the 
effects of densification by individual particle motion 
and the densification brought about by filling the die. 
Thus, Eq. [11] represents a three-stage process: 

I) Densification by filling the die, 

II) Densification by individual particle movement 
and rearrangement processes, 

III) Densification by particle deformation after in- 
terparticle bonding has become appreciable. 

The three stages in the compaction process are de- 
fined in Fig. 5. A typical set of data are shown sche- 
matically as the solid curve; Eqs. [10] and [11] are 
shown as dashed lines. The constant A may be con- 
sidered as the sum of two terms related to the ap- 
parent density of the powder, In (1/1 - D,), and the 
densification which takes place by individual particle 
motion at low pressures before appreciable interpar- 
ticle bonding takes place, B. 


+2 [12] 


The actual densification which may be attributed to 
the factors represented in Eq. [12] may be calcu- 
lated. The relative-density expression resulting from 


Eq. [12] is given as Eq. [13]. 
Da = D, + DB [13] 


As shown in Fig. 5, D4 may be calculated from Eq. 
[14]. ~ 


1 
(; - Da 
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Table Ill. Values of D,, Dg, and Do for Powders Studied 


in Present Investigation 


Powder Particle Size Dy D, Dz 
Iron (A) -40 +80 mesh 0.29 0.49 0.20 
Iron (A) -80 +140 mesh 0.29 0.52 0.23 
Iron (A) -140 +200 mesh 0.32 0.49 0.17 
Iron (A) -200 +250 mesh 0.36 0.52 0.16 
Iron (A) -250 mesh 0.41 0.54 0.13 
Iron (C) -140 +200 mesh 0.42 0.50 0.08 
Iron (E) -140 +200 mesh 0.33 0.46 0.13 
Steel (SAE 4630) -80 mesh 0.39 0.49 0.10 
Nickel (A) -250 mesh 0.41 0.58 0.17 
Nickel (B) -140 +200 mesh 0.57 0.60 0.03 
Nickel (B) -250 mesh 0.60 0.62 0.02 
Copper (A) -140 +200 mesh 0.31 0.47 0.16 
Copper (A) -250 mesh 0.32 0.45 0.13 
Copper (B) -140 +200 mesh 0.55 0.59 0.04 
Copper (B) -250 mesh 0.59 0.59 0 
Tungsten ~15u 0.22 0.46 0.24 

or 
Da =1 - [14] 


Thus, Dg, the density contribution from individual 
particle movement and rearrangement, may be cal- 
culated from Eq. [13] since D, may be determined 
experimentally. 

Table III gives the values of D, and Dg which were 
calculated from the A values in Table II and experi- 
mentally obtained values of D,. The table shows the 
effect of particle size, particle shape, and material 
on D,, Da, and Dg. In general, there is no recogni- 
zable effect of material on these parameters. The 
variations may be seen to be primarily a function of 
geometry; i.e., particle size and shape. 

In all instances Table III demonstrates the fact 
that the apparent density of a powder, D,, increases 
as the particle size decreases. On the other hand, 
Dp may be seen to decrease as the particle size de- 
creases. This is due to the increased number of in- 
terparticle contacts with decreasing size bringing 
about a more rigid structure and, therefore, a de- 
creased amount of interparticle motion. The effect 
of particle shape may be seen by comparing the Dg 
values in Table III with the photomicrographs of the 
powders in Fig. 4. The powders can generally be di- 
vided into spherical, copper (B) and nickel (B), and 
non-spherical classifications. The Dg values for the 
spherical powders all are quite close to zero. This 
adds further support to the hypothesis that Dg is the 
densification which occurs by individual particle 
movement, since spherical powders form a dense, 
rigid packing upon being poured into the die and, 
therefore, undergo very little shifting as the pressure 
is applied. 

The uniform packing of spherical copper particles 
may be seen in Fig. 6. This is quite different from 
the “as-compacted” structure of an irregularly 
shaped powder, iron (A), shown in Fig. 7. 

Dg is also sensitive to differences in shape among 
the non-spherical powders. Iron (C) has a more 
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Fig. 6—‘‘As compacted’’ structure of a spherical powder, 
copper (B) —140 +200 mesh, formed by pressing at 100,000 
psi etchant — 1:1:1, NHgOH (sp. gr. 0.88): 3 pet H,O,: H,O. 
X250. Reduced approximately 10 pct for reproduction. 


rounded shape than either of the other iron powders 
and, therefore, has the lowest Dg value. The ex- 
tremely irregular shape of the tungsten powder par- 
ticles leads to a quite high Dg value, in spite of the 
small particle size. Thus, Dg decreases as the par- 
ticle shape becomes more nearly spherical. 

Table II shows that K varies widely depending upon 
the metal being compacted. The values shown range 
from 0.76 x 1075 psi™ for tungsten to 3.81 x 1075 
psi for -140 +200 mesh copper (B). In general, K 
appears to be a material constant. Soft, ductile pow- 
ders, such as copper, nickel, and iron, have higher K 


values than hard powders, such as steel and tungsten. 


The only exceptions to this seem to be iron (E) and 
copper (A), which contained a considerable amount of 
unreduced oxide. The presence of the oxide was de- 
tected by the hydrogen weight-loss technique.'* The 
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Fig. 8—Correlation between K values and the yield 
strength, do. 
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Fig. 7—‘‘As compacted”’ structure of a nonspherical pow- 
der, iron (A)-200 +250 mesh, formed by pressing at 
100,000 psi. Etchant —1 pct Nital. X150. Reduced approxi- 
mately 10 pet for reproduction. 


weight losses for the iron (E) and copper (A) powders 
were 1.59 and 0.63 pct, respectively. The oxide par- 

ticles present in these powders increased the resis- 

tance to deformation of the powders and, thereby, re- 
duced the K values. 

Since K is a material constant and is postulated to 
be a measure of the ability of the compact to deform, 
a correlation was made between K and yield strength 
of the metals investigated. Fig. 8 shows a plot of ex- 
perimentally determined K values as a function of the 
reciprocal of the nominal yield strength. The K val- 
ues include all of those listed in Table II except those 
for copper (A) and iron (E), which were influenced by 
oxide contamination. The yield strength values were 
obtained from published data.'®~!* The least squares 
fitting of a line to the data in Fig. 8 gave the relation- 


K = 2.08 x 1078 + 0,320—- 


[15] 


where g, is the yield strength in psi. 

The correlation between K and yield strength is not 
surprising. Although Eq. [4] did not provide an accu- 
rate description of the data in the present investiga- 
tion, it is nevertheless similar in form to Eqs. [5] 
and [11]. Since the proportionality constant for Eq. 
[4] is 1/(¥2q,), it would seem likely that K would be 
proportional to 1/g,. 

It should be emphasized that the compaction para- 
meters in Tables II and III are a function of the con- 
ditions under which the compaction is carried out. 

In the present investigation a standard compaction 
test was adopted arbitrarily and all data were taken 
under the same conditions. However, increases in K 
may be obtained by altering the compaction conditions 
to bring about a more efficient loading of the powder 
or to reduce die wall frictional losses. In addition, al- 
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though Dg has been shown to be primarily a function 
of the powder-particle geometry, it has also been 
found to vary slightly with the surface treatment giv- 
en to the powder prior to compaction. Therefore, in 
comparing the values of K, A, and Dg which are ob- 
tained in compaction studies, care must be taken to 
maintain the same compaction conditions for all ex- 
periments. 

The relationship between D, P, A, and K, as des- 
cribed by Eq. [11], is given in the form of a nomo- 
graph in Fig. 9. In addition, the corresponding val- 
ues of A and Dg, along with the relationship among 


Da, Dp, and D,, described by Eq. [13], are presented. 


The nomograph given in Fig. 9 was developed for 
two basic purposes: 
a) It may be used to find the curve of relative den- 


Fig. 9—Nomograph of In 1/1-D=KP 
+A and the relationship between 
D,,Dz, and Do 


RELATIVE DENSITY, D 
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sity vs pressure for any compact where A and K are 
known. 

b) It may be used to find A and K from the densities 
resulting from compacting at any two pressures. 
Furthermore, froma knowledge of the relative ap- 
parent density of the powder, D,, the amount of densi-. 
fication taking place by individual particle motion, 

Dg, may be found. Thus, all of the mathematical pa- 
rameters describing the analysis given in this paper 
may be derived, or the density-pressure curves found, 
from Fig. 9. 

For example, parameters A and K may be deter- 
mined from Fig. 9 from a minimum of two density- 
pressure points (D,, P,) and (D,, P,). The corre- 
sponding values are connected as shown and the in- 
tersection, 0, is located. Point 0 may then be des- 


or 
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cribed by K (by projecting 0 upward to the K-scale) 
and A (by projecting 0 down and to the left to the A- 
scale). In the example shown: 


D, = 0.890 
D, = 0.955 


A = 0.90 
K = 2.2.x 1078 psi7 


In addition, by using the A-D,, Dg, and D, scales 
shown in the lower right corner of Fig. 9, Dg may be 
found from A and D,. The intersection of the line 
a-b-c-d connecting the values of A(a) and D,(d) with 
the Dg scale (c) gives the appropriate value. Actually, 
this operation is merely a graphical addition; the sum 
of Dp (c) and D, (d) is equal to Dy, (b). Using the pre- 
vious value for A and 0.50 for D,, the line a-b-c-d 
gives values of 0.60 and 0.10 for D, and Dg, respec- 
tively. 

The procedure described above may be used in re- 
verse to obtain the corresponding values of density 
and pressure where A and K are known. Thus, Fig. 9 
will facilitate the use of A and K to describe the com- 
paction behavior of a powder, since it provides a 
readily accessible translation of A and K into rela- 
tive density at any pressure. 

It should be remembered that information taken 
from Fig. 9 is only valid above the lower limit of lin- 
earity of plots of In(1/1 - D) vs P. The lower limit 
for the nonspherical powders in the present investi- 
gation ranged from about 15,000 to 30,000 psi; the 
spherical powders ranged from 0 to 10,000 psi. 
Therefore, the lower pressure regions of Fig. 9 
should be used with a degree of caution if the exact 
value of the lower limit is unknown. In most instances, 
though, the pressure region of interest is considera- 
bly above this lower limit. 


P, = 
P, 


60,000 psi 
100,000 psi 


SUMMARY AND CONCLUSIONS 


The compaction of powders has been analyzed as a 
three-stage process in terms of the expression: 
xP +n 
in (5 —D = KP+In +B 
The first stage is the filling of the die; the amount of 
densification is indicated as D,, the relative apparent 
density of the powder. D, is primarily a function of 
the geometry of the powder particles. The second 
stage is characterized by individual particle move- 
ment and rearrangement at low pressures before in- 
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terparticle bonding becomes appreciable. In the above 
expression, the effect of the second stage is indicated 
by B. The actual densification taking place during the 
second stage, Dg, may be calculated from experimen- 
tal density-pressure curves. Dg is primarily a func- 
tion of powder-particle geometry, decreasing as the 
particle size decreases or as the particle shape be- 
comes more nearly spherical. The third stage is 
characterized by the proportionality of the rate of 
change of density with pressure and the void fraction 
of the compact. The proportionality constant, K, is 

a material constant, increasing as the powder be- 
comes softer and more ductile. The value of K may 
be approximated by 1/30,, where a, is the yield 
strength of the material. Oxides within the powder 
particles and in the form of surface films decrease 


The mathematical parameters used in the analysis 
to describe the compaction process have been related 
in the form of a nomograph. The nomograph may be 
used to obtain density-pressure curves from known 
values of A and K or to obtain the parameters from 
actual density -pressure data. 
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The Constitution Diagram Niobium(Columbium)-Rhenium 
Bill C. Giessen, Rolf Nordheim, and Nicholas J. Grant 


The system Cb-Re was examined in detail utilizing 
pure metals, careful melting techniques, and heat 
treatments. Metallographic and X-ray methods were 
utilized for phase identification. In addition to soli- 
dus determinations, the composition limits and mode 
of formation of the intermetallic compounds © and x 
were determined, 


Tue binary constitution diagram Cb-Re has been 
the subject of a number of investigations.-? Two in- 
termetallic phases have been described and tentative 
diagrams have been proposed. It was the aim of this 
investigation to obtain a complete and more accurate 
diagram through the use of purer alloys and improved 
techniques. The diagram worked out by Knapton’ was 
published after our experiments were concluded. 


EXPERIMENTAL METHODS 


The starting materials were Re powder of 99.95 pct 
purity, supplied by the Chase Brass and Copper Co., 
and Cb rondelles of 99.6 pct purity, supplied by the 
Electro Metallurgical Co. Typical analyses are given 
in Table I. The alloys were prepared from compacted 
Re powder and Cb rondelles; for critical compositions 
master alloys were used. 

The melts varied from 5 to 50 g and were melted 
nonconsumably in an Heraeus arc furnace, under ti- 
tanium-gettered laboratory grade argon. It was nec- 
essary to invert the buttons and remelt, followed by 


Table |. Typical Analyses of Metals Used 


Cb Re 

Nominal Purity, Wt pct 99.6 99.95 
Impurities, Wt pct 

Ta 0.15 

0.1 

0.05 

H 0.04 

0.01 

Fe 0.01 <0.002 

Al, Si 0.0006 

B 0.0001 <0.0001 

Mg, Mn, Sn, Zr 0.0001 

Ti 0.01 0.0001 

Na, K <0.001 

Cu 0.001 

Mo, Ca <0.0001 


BILL C. GIESSEN, Junior Member AIME, and NICHOLAS 
J. GRANT, Member AIME, are DSR Research Staff Member 
and Professor, Department of Metallurgy, respectively, at 
Massachusetts Institute of Technology, Cambridge, Mass. 
ROLF NORDHEIM, Junior Member AIME, formerly at Massa- 
chusetts Institute of Technology is at Bremanger Smelteverk, 


Svelgen, Norway. 
Manuscript submitted April 3, 1961. IMD 


crushing and further remeltings, the number of which 
depended on the nature of the fracture of the alloy. 

The weight of each alloy was carefully checked 
after each melting operation. It was found that signi- 
ficant weight losses occurred only when loose Re pow- 
der was used. These losses amounted to a maximum 
of 3 wt pct in such instances, but did not occur after 
the charge was once molten, regardless of the com- 
position. Typical loss of weight after 4 remelts, in- 
cluding crushing, amounted to 0.2 wt pct. 

Oxygen pickup during successive melting cycles 
did not appear to be significant, since the weight gain 
values never exceeded 0.01 wt pct. Control of the 
composition of the alloys was not too difficult; how- 
ever, the problem of homogenization was a far great- 
er one. Optimum alloying conditions were finally 
achieved by a combination of master alloy production 
and repeated crushing and remelting cycles. 

The compositions of the alloys utilized to deter - 
mine the constitution diagram are listed in Table II. 
The weight balance method was used ultimately as 
the sole analytical method, since repeated checks in- 
dicated that it was accurate to 0.2 pct, if the weight 
losses were small. The results were double-checked 
by a metallographic study of the homogeneity of the 
samples, since this was presumed to be the more 
serious factor. 

Heat treatments at 1200°C or lower were accom- 
plished by sealing the specimens in Vycor tubes, 
heating in a Globar furnace, followed by air cooling. 
This was considered to be an adequate quench because 
of the very low temperatures involved. 

For temperatures of 1200° to 1900°C, alloys were 
homogenized and heat treated in a tungsten-filament 
resistance vacuum furnace. From 1900° to 2750°C a 
tantalum-tube resistance furnace was utilized, oper- 
ating under a vacuum of 1075 mm Hg. The tempera- 
ture measurements up to 1200°C were made by means 
of platinum-platinum 10 pct Rh thermocouples, with 
an accuracy of +5°C. For temperature measurements 
greater than 1200°C, optical pyrometers were used. 
They were calibrated against a standardized instru- 


Table Il. Compositions of Cb-Re Alloys 


At. pct Re At. pct Re At. pct Re 
19.1 +0.4 $1.2 20.2 84.5 +0.2 
£05 52.5 +0.2 87 +0.5 
32.6 +0.6 55 +0.2 $7.5 +65 
40.0 +0.2 57.5 +0.4 88.5 +0.2 
43.9 +0.2 60 +0.4 90 +0.2 
44.5 +0.2 62 +0.2 94.8 +0.4 
46 +0.2 65.2 +0.2 97 +0.2 
47.8 +0.3 97.8 +0.2 
49.4 +0.2 fa 2} 98.5 +0.2 
49.7 +0.2 80 +0.5 99.2 +0.1 
50 +0.2 99.6 +0.1 
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Fig. 1—Constitution diagram Cb-Re. 
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ment under black-body conditions. Sight glass cor- 
rections were applied and the accuracy is estimated 
to be +15°C up to 2400°C and 20°C up to 2750°C. 

All one-phase specimens were homogeneous after 
24 hr at 2120°C, while samples annealed at 1500°C 
for 17 hr still showed coring. Because macroscopic 
inhomogeneities, as between button top and bottom, 
did not disappear under these conditions, only previ- 
ously examined homogeneous buttons were used in 
the diagram determination. 

Annealing times and temperatures varied from as 
much as 35 days at 1045°C, 20 hr at 2000°C, to 1 hr 
at 2600°C. 

To measure the solidus, incipient melting points 
were observed. In part the method described by Bro- 
phy and Schwarzkopf® was employed; other points 
were obtained by sighting on a specimen inthe tanta- 
lum-tube furnace against a darker background and 
observing the rounding of edges. 

The results by the two methods matched within the 
limits of the experimental error and are felt to be 
accurate within +25°C. The melting point of Cb (99.6 
pct) was used as a check point and was found to be 
2453° 410°C; a recent literature value is given as 
2468°C.5 

The solid solution specimens were held at a tem- 
perature below the melting point (~2300°) for 1/2 hr, 
in addition to the normal homogenization treatment. 
Specimens in the concentration range of the eutectoid 
decomposition of o were annealed longer, 1 to 2 hr, 
at 2400°C after which treatment the structure was of 


Table Ill. Lattice Parameters of «-Cb and y-Phase 


Phase Atom pct Re a,(A) 
a-Cb 20 3.248 
40 3.203 

x 65 9.756 
75 9.689 

85 9.624 
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two phases and in equilibrium, see Fig. 1. No efforts 
to determine liquidus points were made. The temper - 
atures of the invariant reactions were determined by 
solidus measurements for the two eutectic reactions 
and the peritectic reaction, and by annealing tech- 
niques for the eutectoid reaction. They were found 

to be 2435° + 10°C for the eutectic L = a - Cb+a, 
and 2715° +15°C for the eutectic L = x + a -— Re and 
2565° +15°C for the peritectic L + x = o. The compo- 
sitions of the phases participating in the eutectic reac- 
tions were determined metallographically; the pres- 
ence of a one-phase structure and extrapolation of the 
amount of second phase in two-phase alloys deter- 
mined the limits of the terminal solid solutions, 
whereas the eutectic composition was determined 
from the appearance of a eutectic structure, which in 
both instances tended to degenerate. The composition 
of the liquid phase of the reaction L + y = o was found 
by examining as-cast structures for coring due to 

an incomplete peritectic reaction. 

The temperature of the eutectoid reaction 0 = a - 
Cb + x was determined by annealing specimens of 
50 pct Re at temperatures bracketing the transforma- 
tion temperature and checking the phases present by 
X-rays after cooling. The transformation tempera- 
ture could be determined very accurately since the 
appearance of the X-ray pattern and the microstruc- 
ture changed very markedly over the critical inter- 
val. The equilibrium temperature was found to be 
2162° +10°C. The composition of the o phase was de- 
termined by plotting the area of o in annealed speci- 
mens against concentration and extrapolating to 100 
pct; this showed the range of homogeneity to be very 
narrow, about 0.5 pct. 

The phase boundaries were found by metallographic 
observation and by means of the X-ray parametric 
method. The first method included estimating the 
amounts of the phases present. The accuracy of the 
@, values fora and x was considered to be within 
about +0.003A. Typical a, values are given in Table 
III. The Re solid solubility was determined only me- 
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Fig. 2—47.8 at. pct Re,ascast. a-Cb + X(+0). X200. Re- 
duced approximately 15 pct for reproduction. 


tallographically, as were the phase boundaries in the 
o region. 

For metallographic investigation, the alloys were 
dip etched with 1 to 2 pct HF (49 pct), balance HNO, 
(70 pct) for 2 to 3 sec. This etchant first stains x, 
later o, and after longer times a-Cb for phase iden- 
tification; short etchant periods made sharp grain- 
boundary determination possible without discoloring 
the second phase. 


RESULTS 


The phase diagram given in Fig. 1 is marked by a 
large area of solid solution of Re in the Cb lattice, 
and the appearance of two intermetallic compounds 
o and x, of which the former has only a limited and 
narrow range of stability at elevated temperatures, 
while the latter is stable from room temperature 
to the melting point and extends over a homogeneity 
range of about 25 pct. The o phase is isomorphous 
with o (Fe, Cr) and x is isomorphous with a-Mn. o 
forms peritectically out of x plus melt at 2565°C, and 
decomposes at 2162°C into a-Cb and x. a-Cb forms 
a eutectic with o at 2435°C, while x melts with a max- 
imum and forms a eutectic with Re solid solution at 
2715°C. 


Fig. 4—55 at. pct Re, ascast, X+0+a—Cb. X500. Re- 
duced approximately 15 pct for reproduction. 
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Fig. 3-50 at. pet Re, as cast, slow cooled. a-—Cb+X 
X1000. Reduced approximately 15 pct for reproduction. 


In an effort to determine the formation of a super- 
structure at 25 at. pct Re specimens were annealed 
at 600°C for 14 days. No additional X-ray diffraction 
lines were found after cooling. 

Fig. 2 shows the eutectic; the dark phase is the un- 
resolved, partly decomposed, original o, now consist- 
ing of a and x, as revealed in Fig. 3. Here the de- 
composition of o into a plus x is clearly visible. The 
eutectic composition must be very close to 47.8 pct, 
Fig. 2, but is difficult to pin-point accurately because 
of the tendency of the eutectic to degenerate if o is 
primary, and to form o dendrites in a-Cb instead of 
the eutectic structure. Fig. 4 illustrates an as-cast 
structure of a 55 pct Re alloy, quickly cooled, where 
o phase, etched grey, surrounds the darker etched x, 
with a-Cb in between. After annealing at 1500° for 
17 hr, o decomposes into a plus x, as shown in Fig. 
5, while the original x remains unchanged. Annealing 
above the o-eutectoid decomposition temperature of 
2162°C brings the peritectic reaction to completion; 
Fig. 6 demonstrates a two-phase structure of y (dark) 
and o (white) in the same alloy as is shown in Figs. 

4 and 5. The findings are corroborated by X-ray re- 
sults to identify the phases present. 


Fig. 5—55 at. pet Re, 17 hr at 1500°C and quenched. 
X +a—Cb. X1000. Reduced approximately 15 pct for re- 
production. 
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Fig. 6—55 at. pct Re, 1 hr at 2415°C and quenched. X +9. 
X500. Reduced approximately 15 pct for reproduction. 


Figs. 6 to 9 illustrate alloys of concentrations from 
43.9 to 62 pct Re after annealing at 2415°C for 1 hr. 
Fig. 7 shows a-Cb solid solution; Fig. 8 shows an in- 
creasing amount of the dark phase o; Fig. 6, etched 
for a shorter time, shows o as the white phase, with 
X appearing dark; and Fig. 9 shows the x phase. The 
areas of o in these and other microsections indicated 
the composition of o to be 54 +0.5 pct Re. Figs. 10 
and 11 illustrate the eutectic xy + a@ - Re. This eutec- 
tic also has a high tendency to decompose. When 
primary Re solid solution forms, Re solid solution 
crystallizes in the shape of dendrites and is later 
surrounded by y. When the concentration is exactly 
that of the eutectic, a fine eutectic forms, as shown 
in Fig. 11, whereas Fig. 10 shows the transition from 
the degenerated eutectic to the regular one at an ac- 
cidental minor inhomogeneity of an as-cast structure 
(small bead-like Re solid solution particles appear 
dark in Figs. 10 and 11). Fig. 12 illustrates single- 
phase Re solid solution of a 97 pct Re melt, annealed 
at 2660°C for 1 hr; in Fig. 13 the same alloy has been 
heat treated at 2415°C for 1 hr and quenched. There 
is segregation of y on the grain boundaries and in 

the grains. 


e, 1 hr at 2415°C and quenched. 


a—Cb +0. X200. Reduced approximately 15 pct for repro- 
duction. 
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Fig. 7—43.9 at. pct Re, 1 hr at 2415°C and quenched. 
a—Cb. X200. Reduced approximately 15 pct for reproduc- 
tion. 


DISCUSSION 


It will be noted that the binary system Ta-Re® shows 
a strong similarity to the system Cb-Re in that x 
phase has a large homogeneity range, while o is sta- 
ble only over a limited composition range at high 
temperatures. This contrasts with the behavior of 
Mo-Re and W-Re,’*! where o has a large solubility 
range and is stable up to high temperatures, while x 
decomposes peritectically and has only a narrow 
homogeneity range. 

The solidus line between 0 and 30 pct Re shows no 
decline, and may even go through a small maximum; 
however, efforts to find a super-structure at 25 pct 
Re failed. The structures of the x and o phases were 
confirmed. 

The system Cb-Re has been the subject of several 
investigations, several of which only ascertained the 
phases others*®” gave a complete dia- 
gram. The diagram given here differs from that of 
Ref. 4 and 6, mainly in the stability range for the o 
phase, the eutectic melting of y, and some of the sol- 
ubility limits. It agrees with Knapton’ in most of the 
details. The work of Greenfield and Beck,! essen- 


Fig. 9—62 at. pct Re, 1 hr at 2415°C and quenched. x. 
X200. Reduced approximately 15 pct for reproduction. 
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Fig. 8—52.5 at. pct 


Fig. 10—87.5 at. pct Re,ascast. x +a—Re. X200. Re- 
duced approximately 15 pct for reproduction. 
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Fig. 12—97 at. pct Re, 1 hr at 2660°C and quenched. a—Re. 
X500. Reduced approximately 15 pct for reproduction. 


tially confirmed by Levesque e¢ al.,* claimsthat gis 
stable only ina temperature range below 1075°C. This 
is based on observations that the o phase present in 
arc-melted samples disappears on annealing at tem- 
peratures higher than 1075°C. This observation was al- 
so foundto betrue inthis work. It was noted, however, 
that the decomposition rate of odecreased rapidly, with 
temperature between 1100° and 1200°C, sothat it is 
practically zero at about 1100°C, while it is notable 
at 1150°C. This could explain why o was still found 
after low temperature anneals.'»* Furthermore, no 
formation of o at any of these temperatures could be 
observed, even after heat treating for 35 days at 
1045°C or 28 days at 933°C; although both o-free al- 
loys and others, in which o had been partly decom- 
posed at higher temperatures to provide nuclei, were 
used. In these cases, the formation of o was checked 
by X-ray intensity measurements. From these facts, 
it was concluded that o is not stable at low tempera- 
tures, the more so since a stability range at high 
temperatures has definitely been established. 

A second discrepancy exists in the melting mode of 
x. Previous reports indicated a peritectic reaction.*® 
This was based on melting point observations. The 
measured points of Levesque et al.,* however, do not 
exclude the maximum, suggested in this work, which 
is shown to exist by the eutectic structure of some 
high-rhenium alloys. 
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Fig. 11—87.5 at. pct Re,as cast. xX +a—Re. X500. Reduced 
approximately 15 pct for reproduction 


‘ 


Fi 
X+a—Re. X500. Reduced approximately 15 pet for repro- 
duction. 


The agreement with the data published so far by 
Knapton’ seems to be good; there are only slight dif- 
ferences in the position of o (57 pct Re compared to 
54 pct by these authors) and the decomposition tem- 
perature of o, which he gives as being above 2300°C. 
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M. V. Nevitt and J. W. Downey 


The phase boundaries for the 950°C isothermal 
sections in the ternary systems Zr-Co-O and 
Zr-Ni-O have been determined for the composi- 
tion range from 50 to 100 at. pct Zr. The two sys- 
tems show very similar phase relations, having 

no extensive solid solution phase fields, Each con- 
tains a ternary phase. These phases are apparently 
isostructural, but their structure has not been de- 
termined. Some aspects of the phase relations are 
discussed in terms of the alloying behavior of 
transition metals. 


Tue work described in this paper is the outgrowth 
of a recent study of the occurrence of phases having 
the Ti,Ni-type structure (structure-type E9,) in cer- 
tain ternary systems involving Ti, Zr, or Hf with 
another transition metal and O.'"* In the Zr-Co-O 
and Zr-Ni-O systems no Ti,Ni-type phases were 
found to occur. However, there are several interest- 
ing aspects of the phase relations in the two systems 
which have significance from the point of view of the 
alloying behavior of transition metals. The results 
of this investigation may also have some importance 
in studies of the oxidation of Zr-Co and Zr-Ni alloys. 
In both the Zr-Co-O and Zr-Ni-O systems only the 
950°C isothermal sections were investigated and, as 
a further restriction, the study was limited to the 
composition range from 50 to 100 at. pct Zr. 

A tentative Zr-Co binary diagram has been pub- 
lished by Larsen, Williams, and Pechin.* In the com- 
position range pertinent to the present work they re- 
port a eutectic at 980°C and 75.9 at. pct Zr, the prod- 
ucts of which are the terminal solid solution based 
on § Zr and the compound Zr,Co, and a eutectic at 
1080°C and 64.8 at. pct Zr whose products are Zr,Co 
and ZrCo. The solid solution based on £ Zr is shown 
to decompose eutectoidally at 826°C into a Zr and 
Zr,Co. The limits of solubility of Co in a and f Zr 
have not been established. The structure of Zr,Co is 
not identified in the publication just cited. Dwight 
has reported that ZrCo has the CsCl-type structure.® 
The Zr-rich portion of the Zr-Ni diagram has been 
determined by Hayes, Roberson, and Paasche.® The 
phase relations are very similar to those of the Zr- 
Co system. A eutectic reaction whose products are 

B Zr containing 2.9 at. pct Ni and Zr,Ni occurs at 
961°C, and a eutectic between Zr,Ni and ZrNi is 
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found at 985°C. The solid solution based on f Zr de- 
composes eutectoidally at 808°C. The solubility of 
Ni in a Zr is not known accurately but is believed to 
be very small. 

Smith, Kirkpatrick, Bailey, and Williams’ have 
found that Zr, Ni has a tetragonal structure of the 
Al,Cu-type and that ZrNi is orthorhombic. 

Domagala and McPherson? have published a con- 
stitution diagram for the system Zr-ZrO,. At 950°C 
their diagram indicates that the solid solution of O 
in B Zr is stable from 0 to 0.5 at. pct while the phase 
field of O in a Zr extends from 6 to 29 at. pct. These 
solubility limits were adopted in the present study 
and no binary Zr-O alloys were made. 

No previous data on the phase diagrams of the ter- 
nary systems are known to exist. 


EXPERIMENTAL PROCEDURE 


The experimental details involved in the prepara- 
tion of alloys in this laboratory by arc melting have 
been described in several previous papers’ and 
they will not be repeated here. Information concern- 
ing the purity of the metals used is given in Table I. 
Oxygen was added in the form of reagent grade ZrQ,. 
Ali of the cast specimens in both alloy systems were 
annealed in air-atmosphere tube furnaces at 950 +3°C 
for 72 hr and water quenched. The specimens were 
protected from oxidation by wrapping them in Mo foil 
and sealing them in quartz tubes that had been evacu- 
ated at room temperature to a pressure of 1 x 1076 
mm of Hg. The phase boundaries were determined by 
metallography, and identification of the phases was 
accomplished primarily by X-ray diffraction methods 
which employed a powder camera having a diameter 
of 114.6 mm. The diffraction techniques which are in 
use in this laboratory have been previously des- 
cribed.*»? An etchant that proved satisfactory for 
most of the alloys consisted of 5 pct by vol of AgNO,, 


Table |. Raw Materials 


Metal Typical Lot Analysis 

Crystal Bar Impurities in ppm: Al 27-37; C 100; Ca 50; 

Zirconium Cr 10-18; Cu 5; Fe 100; H 20; Hf 100-150; 
Mg 10; Mn 5; Mo 10; N 10-25; Ni 25-40; 
Pb 25; O 200; Si 20-70; Sn 10; Ti 20-30; 
W 100. 

Electrolytic Wt pct impurities: Fe 0.14; C 0.028; 

Cobalt Si 0.002; Cu 0.004; Mn nil; Ni tr; Al 0.008; 
S 0.004. 

Electrolytic Wt pct impurities: Co 0.1; Cu 0.01-0.03; 

Nickel Fe 0.01-0.04; C tr; S tr. 
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Fig. 1—The Zr-rich corner of the Zr-Co-O system at 
950°C. 


2 pct by vol of HF, and the balance distilled water. 
This solution, which was sometimes further diluted 
with distilled H,O, was applied by swabbing. A 10 pct 
solution of NaCN in distilled water, used electrolyti- 
cally, was also employed for producing contrast be- 
tween the ternary y phase and the binary compounds. 
Powder specimens were prepared by grinding, and, 
since none of the phases in either system was char- 
acterized by great brittleness, it was often necessary 
to reanneal the powders for two hours at 950°C in 
evacuated tubes in order to obtain patterns with sharp 
lines. The powder capsules were water quenched 
from the annealing treatment. Oxidative surface con- 
tamination of Zr-rich powder specimens can occa- 
sionally occur when they are annealed in static vacu- 
um capsules and can result in a localized alteration 
of the phases. However, infrequently occurring ar- 
tifacts of this kind could be recognized in the present 
work and it is believed that misinterpretations of the 
powder patterns were entirely avoided. 

The precision lattice parameters of the compounds 
Zr,Co and Zr, Ni were determined from the back re- 
flection lines of patterns made with Cr radiation 
(CrKa,A = 2.28962A; CrKa,A = 2.29351A) by a least- 
Squares program established for the IBM 704 compu- 

The compositions shown on the isothermal sections 
are those of the charges prepared for arc melting. 
Chemical analyses made on 16 alloys distributed 
about evenly between the two systems, indicated that 
the concentration of any component in the cast alloys 
deviated by less than 0.5 at. pct from the intended con- 
centration. Single-phase alloys are shown as open 
circles, two-phase alloys as half-filled circles, and 
three-phase alloys as filled circles. 


RESULTS 


Zr-Co-O System. The 950°C isothermal section in 
this system, shown in Fig. 1, has as its significant 
features the absence of extensive solid solution phase 
fields and the occurrence of one ternary phase. O 
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Fig. 2—Microstructure of Zr-Co-O alloy having the com- 
position 64 at. pct Zr, 31 at. pct Co, 5 at. pct O. Elec- 
trolytic etchant NaCN in H,O. X500. Enlarged approxima- 
tely 4 pet for reproduction. 


does not appear to have appreciable solubility in 
ZrCo or Zr,Co and there is no conspicuous mutual 
enhancement of the solubilities of Co and O in either 
@ or B Zr. The actual ternary solubility limits in the 
a and f phases were not determined in this study. 
The ternary phase, y, occurs in an elongated phase 
field whose long axis coincides quite closely with 
Zr,Co stoichiometry, while O concentration varies 
between about 4 and 18 at. pct. Fig. 2 shows the mi- 
crostructure of the three-phase alloy having the com- 
position 64 at. pct Zr, 31 at. pct Co, 5 at. pct O. The 
phases present are: y (light gray, speckled), ZrCo 
(white), and Zr,Co (dark). The crystal structure of 
the y phase has not been identified. X-ray data for 
the single-phase alloy designated by the triangular 
data point are given in Table II. The constant stoichi- 
ometry of the metal components suggests that O atoms 
may occupy interstitial positions. The binary com- 
pound Zr,Co was identified from powder patterns as 
an Al,Cu-type (C16) structure. It is therefore iso- 
structural with Zr,Ni’ and Hf, Ni.’*"’* The lattice 
parameters of Zr,Co are a, = 6.3666A +0.0001A and 
Co = 5.5131A +0.0004A when the probable error is 
expressed in terms of 95 pct confidence limits. 
Zr-Ni-O System. The phase relations at 950°C in 
this system, Fig. 3, are very similar to those in the 
Zr-Co-O system and the same comments apply. The 
ternary phase, y, coincides with Zr, Ni metal compo- 
nent stoichiometry and has an O content ranging from 
about 6 to 19 at. pct. Its Debye-Scherrer pattern is 
essentially identical with that of the ternary phase in 
the Zr-Co-O system. X-ray data for the y phase in 
the alloy designated by the triangular data point are 
given in Table II. Fig. 4 shows the microstructure 
of the alloy having the composition 70 at. pct Zr, 20 
at. pct Ni, 10 at. pct O. The major phase is the ter- 
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Fig. 3—The Zr-rich corner of the Zr-Ni-O system at 
950°C. 


nary y phase and the minor phase is the solid solu- 
tion of Oin a Zr. 

The lattice parameters of Zr, Ni, with probable 
errors expressed in terms of 95 pct confidence lim- 
+0.00054 and c, = 5.2700A 


its, are a, = 6.4897A 
+0.0007A. 


DISCUSSION 


A,B compounds having the Ti, Ni-type structure 
are often found in binary systems having Zr as the 
A-element and having a B-element from the Fe, Co, 
or Ni group. Moreover, additional Ti, Ni-type phases 
occur in ternary systems in which O is the third com- 
ponent. The electronic and atomic size relations gov- 
erning the occurrence of Ti, Ni-type phases with and 
without O have been discussed in several previous 
papers.'-$ It is now of interest to inquire why the 
phases Zr,Co and Zr, Ni are of the Al,Cu-type rather 


Fig. 4—Microstructure of Zr-Ni-O alloy having the com- 
position 70 at. pct Zr, 20 at. pct Ni, 10 at. pct O. Etchant 
AgNO, and HF in H,O. X250. Enlarged approximately 4 
pet for reproduction. 
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Table Il. Powder Pattern Data for Ternary Gamma Phases 
in Zr-Co-O and Zr-Ni-O Systems. 


CrKa(unresolved) Radiation: A = 2.2909A 


Composition of Phase, at. pct 


7A Ze, 67 Zt,.22 Ni, 


dotah 


2.73 
2.608 
2.589 MS 
2.566 MS 
2.442 M 
2.355 S 
2.324 MS 
2.207 W 
2.153 MS 
2.139 M 
2.006 VW 
1.884 Vw 
1.811 vw 
1.790 vw 
1.687 MS 
1.654 
1.554 
1.552 
1.487 
1.475 
1.436** 
1,415** 
1.3967 * 
1.348** 
1:325** 
1.309** 
1:266** 
1.234** 
1.214** 
151938 ** 1.1935** 
1.1798** 1.1815** 

- 1.1765"* 


° 
dopsA 


2.73 vw 
2.612 vw 
2.590 M 
2.561 MS 
2.439 
2.350 
2.328 
2.214 
2.152 
2137 


lops* 


VW 
Vw 


lops* 


1.880 
1.813 
1.789 
1.688 
1.652 
1.553 
1.545 
1.480 
1.470 
1.437** 
1.414 
1.392 
1.346 
1.323 
1.311 


1.274** 
1.266 
1.237 
1.212 


* Letter designations have the following meaning: 


VS = Very Strong S=Strong MS = Medium Strong 
M = Medium W = Weak VW = Very Weak 


** Converted to Ka (unresolved) from Ka, 


than of the Ti, Ni-type and why phases of the latter 
type are likewise absent in the ternary systems with 
O. The answer appears to lie in an atomic size corre- 
lation which is illustrated in Fig. 5, and which shows 


Ti,Ni - TYPE 
Ai,cu-TyPe 


sf 
Zr,Co and Zr, Ni 


FREQUENCY OF OCCURRENCE 


Fig. 5— Frequency of occurrence of Al,Cu-type and Ti,Ni- 
type phases as a function of Ra/PRp. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


= 
Zr, Ni+ Bry e \ atBtry 
RS Or 
sogce \ The? Ne 50 
ZrNi+ 
Ra 


the frequency of occurrence of Al,Cu-type and Ti, Ni- 
type compounds as a function of the ratio of the C. N. 
12 atomic radius of the A-element to that of the B- 
element, (R,/Rz). Values of the ratio fall between 
1.07 and 1.50 for Al,Cu-type phases, but are re- 
stricted to the narrower range 1.05 to 1.27 for Ti, Ni- 
type phases. The ratios for Zr,Co and Zr,Ni (1.280 
and 1.286 respectively) * lie just outside the favorable 


*Radius ratio values are those given by Teatum, Gschneidner, and 
Weber in their recent compilation. 
range for the Ti, Ni-type but well within the range 
favorable for the Al,Cu-type. Therefore the latter 
structure is found in both compounds. Since the ten- 
dency of O to enhance the stability of Ti, Ni-type 
phases is well known from previous work, the occur - 
rence of Ti, Ni-type phases in the ternary systems 
with O would not have been entirely unexpected. Their 
absence can be taken to mean that the radius ratio 
1.27 is a critical value which cannot be exceeded if 
a Ti, Ni-type is to occur. Significantly, the compound 
Hf, Ni has a radius ratio equal to 1.268 and it shows 
the behavior that might be predicted for a compound 
with Ry /Rp, just at the critical value. Hf, Ni is a Al,Cu- 
type phase, but in the ternary system with O this 
structure is not stable and instead a Ti, Ni-type phase 
occurs at the composition Hf, Ni,O.' 

Some importance now attaches to determining the 
structure of the new isostructural ternary phases 
and to establishing whether, in analogy to the occur- 
rence of Ti, Ni-type compounds, they are O-stabilized 


members of another family of compounds involving 
transition elements. 
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The Density of Liquid Plutonium Metal 


C. Z. Serpan, Jr. and L. J. Wittenberg 


The density of liquid plutonium was determined, by 
a pycnometric technique, from 664 to 788°C and ex- 
hibited a temperature dependence, which could be ex- 
pressed as: P= [17.63 - 1.52 X 10°*t]+0.04 g per cc 
where t = °C. These density values compare favor- 
ably with the values previously obtained by a tech- 
nique utilizing Archimedes’ principle. The apparatus 
and method were evaluated when the densities of 
molten tin and bismuth were measured and found to 
be in agreement with accepted literature values. 


Piurontum or an alloy of plutonium in the liquid 
state has been proposed as a fuel for a fast-breeder 
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type nuclear power plant.’ Since knowledge of the 
liquid density of plutonium is required for the proper 
design of such a system, this study was undertaken. 

In addition, the density and volume expansion coef- 
ficient of liquid plutonium are of interest for compar - 
ison with these same properties of the six allotropic 
modifications of the solid metal. 

Comstock and Gibney? were first to report a value 
for the density of liquid plutonium. The value for 
only one temperature, 665°C, was calculated from 
data obtained by the radiography of the meniscus, 
Fig. 3. Recently, the density at a series of tempera- 
tures has been reported by Knight,* who obtained his 
values by using a differential volumeter, and by Ol- 
sen, Sandenaw, and Herrick,* who obtained their 
values from measurements of the loss in weight of a 
tungsten bob immersed in the liquid. 

The density of liquid plutonium reported here was 
determined by a vacuum pycnometer method. In an 
evacuated system, the tips of calibrated tantalum 
pycnometers were lowered beneath the liquid sur- 
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60° 


Fig. 1 — Density pycnometer. 


face, and the introduction of helium into the system 
then caused the pycnometers to become filled with 
liquid plutonium. The density of the liquid varied 
from 16.61 g per cc at 664°C to 16.40 g per cc at 
788°C. 

The reliability of the apparatus and the method 
was demonstrated when the densities of liquid tin and 
bismuth were determined and found to agree with 
literature values over a wider temperature range 
than that used in the plutonium determination. 
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APPARATUS 


The pycnometer, Fig. 1, is fabricated from 0.250 
in. tantalum rod in two parts, the cap and the body, 
which are joined by inert gas arc welding. 

For ease of manipulation in the apparatus the pyc- 
nometer is attached to the end of a stainless steel 
rod as shown in Fig. 2. To secure the pycnometer 
(1) to the rod (2) the following provision is made: 
the shaft of the pycnometer cap fits into a hole 
drilled vertically into the lower end of the rod. 
Another hole in the rod at right angles to the first 
one is made so as to align with the diametral hole in 
the pycnometer cap rod. Finally, a fastener (3) is 
provided that can be inserted so as to attach the pyc- 
nometer firmly to the rod. A nickel cup (4), in which 
is imbedded a chromel-alumel thermocouple (5), is 
suspended in a tube-type, resistance- wound electric 
furnace (6). This cup supports the magnesia crucible 
(7) which holds the liquid metal (8). A guide tube (9) 
directs the pycnometer to the crucible. The liquid 
metal is enclosed in a vacuum tight system formed 
by a three inch glass pipe (10) anda 1 3/4 in. steel 
tube (11) in the furnace area. The upper part of the 
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stainless steel rod attached to the pycnometer passes 


through an “O”-ring seal in a metal bellows (12). The 


bellows seals a hole in the center of a brass cover 
plate at the top of the apparatus and permits the rod 
to swing freely within the apparatus. The thermocou- 
ple wires enter the apparatus through glass to metal 
seals (13) brazed into the cover. The high-vacuum 
system and the high-purity helium supply are con- 
nected to the apparatus at the lower end of the steel 
furnace tube. The helium is passed through a drying 
system consisting of a tower of “Molecular Sieves” 
desiccant and a liquid nitrogen cold trap. All de- 
mountable parts of the apparatus are assembled with 
Neoprene “O”-rings, which are protected by water- 
cooled plates in the furnace area. With these seals, 
a pressure of less than 5 x 1075 mm of Hg is main- 
tained within the apparatus so that the oxidation of 
the molten metal is greatly reduced and the pycno- 
meters are properly evacuated. 

Since the thermocouple does not directly measure 
the temperature in the liquid metal, this thermocouple 
was compared at a series of temperatures against a 
second thermocouple which was placed in liquid tin 
in the magnesia crucible. From this comparison, a 
graph was constructed from which the true liquid 
plutonium temperature could be read. Variations be- 
tween the two readings were in the order of one de- 
gree centigrade. 

The temperature control of the furnace is achieved 
through a potentiometer controller whose sensing 
thermocouple is placed in the furnace windings. A 
variable transformer with differential control regu- 


lates the voltage to the 1000 w electric furnace. When 


the contact arm of the variable transformer is posi- 
tioned so that the heating and cooling cycles are of 
equal length, the temperature variations in the ap- 
paratus are less than one degree centigrade. 

The entire apparatus is placed in a stainless-steel 
glovebox intended for use in handling a-active mate- 
rials. It is 6 ft long, 6 ft high, and 2 ft deep and con- 
tains two full-height clear plastic windows. Dry air 
(10 ppm water vapor) circulates through the box. The 
box operates at a pressure of 1 in. of water below 
atmospheric. 


EXPERIMENTAL 


The volume of each pycnometer was determined 
by vacuum fill calibration at constant temperature 
with triply distilled mercury. 

Corrections were made for thermal expansion of 


© PYCNOMETER (SERPAN & WITTENBERG) 
© RADIOGRAPHY OF MENISCUS (COMSTOCK & GIBNEY)* 
4 NaK VOLUMETER (KNIGHT )3 


- --- TUNGSTEN BOB (OLSEN, SANDENAW & HERRICK)* 
mo 
> 164+ 
2 
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70 
TEMPERATURE °C 
Fig. 3 — Density of plutonium vs temperature for several 
techniques of measurement. 


The test procedure is as follows: 

1) Load about 5 cc of plutonium metal into a 
magnesia crucible (which has been recently out- 
gassed in a vacuum induction furnace to remove en- 
trapped gases and moisture.) 

2) Properly position a calibrated pycnometer. 

3) Seal and evacuate the density apparatus. 

4) Equilibrate plutonium and pycnometer at the se- 
lected temperature for 1 1/2 hr. 

5) Lower the pycnometer tip 3/8 in. below the liq- 
uid surface. 

6) Introduce dry helium gas until the system re- 
turns to glove-box pressure so that the pycnometer 
fills. 

7) Withdraw the pycnometer from the furnace and 
cool system. 

8) Leach excess plutonium from outside the pyc- 
nometer tip with 1 N HCl. 

9) Weigh the filled pycnometer and calculate the 
density. 


RESULTS AND DISCUSSION 


The density values of plutonium over the tempera- 
ture range of 664° to 788°C are presented in Table I 
and Fig. 3. Spectrochemical analysis of the plutoni- 
um metal is given in Table II. Figs. 4 and 5 show 
the close agreement of results obtained by use of the 
pycnometer method, as applied to tin and bismuth, 
with the results obtained by others.®” The points re- 
present Mound Laboratory pycnometer measurements 
(Sn 99.97 pct-Bi 99.996 pct) while the lines are plots 
of the reference data. 

The design of the pycnometer affected greatly the 
accuracy of the determination. The original pycno- 


Table Il. Spectrographic Analysis of Plutonium 


the pycnometer at test temperatures. PPM PPM 
* 
Table |. Density of Plutonium 
Temperature Experimental Density Density from Curve Pct Be <0.2 Mg 25 
oc g per cm* g per cm* Deviation € 95 Na <10 
664 16.617 16.624 0.04 Ca 5 Ni 100 
691 16.602 16.584 0.11 Cr 50 0, <500 
728 16.522 16.527 0.03 Cu 10 Pb. 2 
746 16.439 16.498 0.36 F <2 si 80 
752 16.499 16.488 0.07 Fe 340 
771 16.533 16.460 0.44 *Chemical Analysis 
788 16.402 16.433 0.19 **Spectrophotometric Analysis 
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Fig. 4 — Density of liquid tin. The points o are Mound 


Laboratory pycnometer data. The line is a plot of data by 
Smithells.® 
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meter design had a 0.044 in. wall thickness and an in- 
side tip angle of 20 deg from the vertical. While this 
style of pycnometer could be filled successfully, the 
plutonium in this pycnometer extruded through the 

tip during cooling to form a 0.07 g, 1/2 in. long wire. 

Since plutonium normally expands on cooling from 
the € phase to the 6' phase, the forces causing the 
extrusion are thought to be those arising from the 
reaction of expansive forces against the walls of the 
pycnometer. When suitable components of these 
forces exceed the resistive forces, extrusion through 
the orifice will occur. This difficulty was eliminated 
when the tip diameter was reduced and the inside 
tip angle was increased from 20 to 60 deg from the 
vertical. These two modifications forced the expan- 
sion toward the sidewall which was reduced to 0.016 
in. Side-wall distortion was extensive, but posed no 
problem. Since plutonium metal on the outside of 
the pycnometers must be removed by the hydrochlo- 
ric acid leach solution, the necessity for elimination 
of extrusions which would also be dissolved can be 
appreciated. 

The helium used to pressurize the system con- 
tained sufficient impurities to produce a thin oxide 
film on top of the melt. Due to its lower density, 
this oxide, entering the pycnometer during a fill, 
caused low results in some preliminary determina- 
tions. The difficulty was eliminated when the pluto- 
nium metal was removed from the magnesia cruci- 
ble and cleaned of surface oxides after each deter- 
mination. This operation provided an oxide-free 
surface through which the pycnometer tip was low- 
ered in the subsequent experiment. 
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Fig. 5—Density of liquid bismuth. The points o are Mound 
Laboratory pycnometer data. The line is a plot of data by 
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The curve shown in Fig. 3 is a least-squares-fit 
to the data listed in Table I. The equation of the 
curve is: 


[ 17.63, - 1.52, x 10-5 #] + 0.03, g/cc where 


t= 


p 


The volume expansion coefficient is: 
93 x 107° cc per cc per °C 


Included in Fig. 3 for comparison are the density 
values obtained by the radiographic method,? the dif- 
ferential volumeter method,° and the tungsten bob 


method.* 
The density of the liquidat the melting point, 640°C, 


is calculated to be 16.66 g per cc while an extrapola- 
tion of two different measurements* of the solid 
phase give 16.24 (calculated from X-ray data) and 
16.26 g per cc as the density of the € phase at 640°C. 
Since the liquid is, therefore, of 2.4 pct greater den- 
sity than the solid at the melting point, plutonium 
metal joins that group of anomalous materials in 


which the solid floats on the liquid. 
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Thermodynamics of Silicon Monoxide 
H. F. Ramstad and F. D. Richardson, with an Appendix by P. J. Bowles 


The equilibria (a) SiOz +H, =SiO +H,0 and (b) 
Si + SiO, = 2SiO have been studied at temperatures 
of 1425° to 1600°C and 1310° to 1485°C respectively. 
The standard free energy changes for the two reac- 
tions are given by the equations 


(@) 127:100-45.07T * 1000 cal 
= 162,930-77.25T + 1500 cal 
= 151,300-70.07T + 1500 cal 


Combination of the results for both equilibria 
leads to 


AG? 595°-1800°K = ~222,800 + 47.62T + 2000 cal 


for the reaction Si(l) + O.= SiO,. Use of this equa- 
tion removes certain anomalies in existing high- 
temperature data for equilibria involving silica and 
silicon in iron. 


In many metallurgical processes and in many lab- 
oratory investigations silicon monoxide undoubtedly 
plays an important role. It is unfortunate therefore 
that wide differences exist between the results ob- 
tained by different investigators’~" in their studies 
of such equilibria as 


SiOz. + He = + SiO [1] 
SiOz + Si = 2SiO [2] 
2SiO2 = 2SiO + O2 [3] 


In an attempt to put our knowledge of SiO on a 
surer basis, an exhaustive study has been made of 
equilibria [1] and [2] at temperatures ranging from 
1300° to 1600°C. 

Reaction [1] was studied by measuring the amounts 
of silica which could be condensed from streams of 
Hz or Hz + H20 which had previously been brought 
into equilibrium with silica at temperatures ranging 
from 1425° to 1600°C. Reaction [2] was studied by 
measuring the material that could be condensed from 
streams of H2 or argon which had been brought into 
equilibrium with mixtures of silicon and silica at 
temperatures ranging from 1310° to 1485°C. 


EXPERIMENTAL 


Materials. The silicon was ‘‘superpure’’ grade 
and contained less than 0.1 pct impurities. The 
silica was prepared from pure mineral quartz; this 
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was crushed and treated with concentrated hydro- 
chloric acid to remove particles of iron, washed with 
water, and finally dried at 120°C. For the hydrogen 
+ silica reaction, the silica was sized to —20+100 
mesh. For the silicon + silica reaction, the two ma- 
terials were ground to a fine powder in an agate 
mortar. The hydrogen and argon were commercial 
oxygen-free gases. 

The gas streams were controlled with capillary 
flowmeters and the volumes were measured by wet 
gas meters. After passing through the meters, the 
gases were partially dried by silica gel. The hydro- 
gen for the Hz + SiOz reaction was then passed 
through palladised asbestos at 300°C and dried with 
magnesium perchlorate. The efficiency of oxygen re- 
moval was checked throughout the experiments by 
passing the gas over an electrically heated strip of 
nichrome, used as an indicator as described by 
Rathman and de Witt.* When mixtures of Hz + H2O 
were required, the partial pressures of water vapor 
(1.8 to 22 mm) were obtained by passing the hydro- 
gen through oxalic acid dihydrate” *° held at various 
controlled temperatures, +0.1°C, by means of a 
water bath. 

The hydrogen for the Si + SiOz reaction was puri- 
fied by passing it over a mixture of 3 parts of magne- 
sium to 5 of lime heated to 600°C.” “ The argon for 
this reaction was passed through titanium powder 
(— 3/16 in. + 100 mesh) heated to 900°C. The nitro- 
gen used to prevent the reaction products escaping 
from the condenser (see later), was deoxidized by 
copper or iron at 600°C. All these gases were fi- 
nally dried with magnesium perchlorate. 

Furnace, Temperature Control, and Measurement 
A molybdenum resistance furnace was used for both 
sets of experiments. The reactions were conducted 
inside a high-grade alumina tube, 36 in. long and 1 
in. in diam as indicated in Fig. 1. With this arrange- 
ment an even temperature zone (+2°C) 4 cm long was 
satisfactorily obtained. The temperatures were kept 
constant by means of a proportional controller ac- 
tuated by a Pt-Pt 13 pct Rh thermocouple. This was 
placed between the two alumina tubes, so that the 
temperature at the junction was 1400° to 1450°C. 

Up to 1485°C, the temperatures were measured 
with Pt-Pt 13 pct Rh thermocouples. For higher 
temperatures an optical pyrometer was used, this 
being sighted (through the glass window 1 in Fig. 1) 
on the end of the alumina tube, that held the SiOz or 
Si + SiOz mixture, 10 in Fig. 1. The optical pyro- 
meter was recalibrated whenever a change was made 
in any part of the apparatus situated in the hot zone. 
Successive readings with the optical pyrometer were 
reproducible to within +1°C. 

Equilibrium Apparatus and Procedure. Hydrogen 
and Silica Reaction. The apparatus is shown in Fig. 
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Fig. 1—Apparatus for the hydrogen-silica 
reaction. 1—Flat glass window; 2—rubber 
stopper greased with silicone for move- 
ment of tube 3; 3—pyrex glass tube ending 
in B10 cone; 4—B45 socket; 5—cool half 
of condenser; 6—alumina gutter; 7—hot 
half of condenser; 8—alumina furnace 


1. All the tubes were made of high-grade alumina. 
The Hz or Hz + H2O streams entered at A and passed 
through the silica in tube 10. The gas left this tube 

through a narrow 1-in. length of double bore thermo- 


couple-insulator which was fixed with alumina cement 


into the end of 10. This narrow exit led into the con- 
denser tube which was divided into two parts, 7 and 
5, which fitted together as shown. By having the con- 
denser in two parts, it was easier to weigh and the 
completeness of condensation could be judged by 
comparing the gains in weight of each part. The tube 
10 cracked very readily, if it was packed tightly 
with silica; the entire cross-section was therefore 
filled only for the last two cm: the remainder of the 
tube was partly filled, both to assist the attainment 
of equilibrium between solid and gas and to keep the 
dead space inside the apparatus to a minimum. 

Purified nitrogen entered at B, passed into the hot 
end of the condenser, and finally left the apparatus 
via 5. This arrangement prevented any back diffu- 
sion of SiO out of the condenser after leaving tube 
10. 

Because the alumina refractories became porous 
after 3 to 8 weeks of continuous use, nitrogen was 
passed through the annular space between the fur- 
nace tube and the reaction tube. If this was not done, 
oxygen from the air diffused into the reaction tube 
and reoxidized the SiO at the end of the capillary 
through which it escaped into the condenser. The 
deposited silica then ultimately blocked the capillary. 

The procedure during an experiment was as fol- 
lows: With the furnace at the correct temperature 
and the tubes 10, 7, and 5 in position, the tubes 9 and 
10 were flushed out with purified nitrogen which en- 
tered through A and B at 400 ml min™’. During this 
period the B10 cone was not joined to the cold end of 
the condenser, so that any air remaining in tube 4 
was swept readily away. After 15 to 20 min, the ex- 
periment was commenced by pushing tube 3 into the 
open end of the condenser and admitting hydrogen in- 
stead of nitrogen at A. At the end of an experiment 
the hydrogen flow was stopped, nitrogen was again 
admitted through A and the condenser tube slowly 
removed via 4. A more complicated starting pro- 
cedure was used in a few experiments, to confirm 
that no errors were being caused by a slow removal 
of nitrogen from the silica in tube 10. After flushing 
out with nitrogen through A and B, hydrogen was ad- 
mitted through B and allowed to flow back through 
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tube; 9—alumina reaction tube; 10— 
alumina tube containing silica charge; 
11—sealing compound with tube for No; 
12—araldite joint; 13—water cooling; 
14—rubber stopper; 15—araldite joint; 
16—control thermocouple. 


the charge and out via A for 10 min. The experiment 
was then started by passing hydrogen in via A at the 
same time as nitrogen was admitted via B. The re- 
sults were identical with those obtained by the 
simpler starting procedure. 

The increase in weight of the condenser was 
measured after cooling in air for 30 min. For the 
first part of the condenser the increase ranged from 
20 to 280 mg depending on conditions, the weight of 
the tube itself being about 110 g. The change (loss 
or gain) in weight of the second part of the condenser 
was 0.1 to 0.5 mg,* and this occurred even in dummy 


*Similar changes in weight were obtained when the cold end of the 
condenser was plugged with glass wool during an experiment. 


runs as a result of normal handling. In experiments 
conducted in the absence of silica, it was found that 
the alumina condenser tubes did not lose or gain 
weight (within +0.5 mg) by reaction with the hydro- 
gen or by transfer of alumina or impurity oxides 
from the hotter to the cooler parts of the furnace. 
Silicon + Silica Reaction. The apparatus is shown 
in Fig. 2(a). The arrangements for the condenser 
and the exit of the flowing gases were the same as 
in Fig. 1. This reaction cannot be stopped as easily 
as that between silica and hydrogen, so arrangements 
had to be made to withdraw the mixture of silicon 
and silica to the cold end of tube 4 at the conclusion 
of each run. The mixture was therefore held in an 
alumina boat, shown in more detail in Fig. 2(b); this 
was made from a tube 15 cm long, 15 mm OD with 
a closed end, out of which a slice was cut as shown 
at 6 in Fig. 2(b). A thermocouple sheath 4, Fig. 2(d), 
was cemented to the alumina boat: this sheath con- 
tained a thermocouple and enabled the boat to be 
withdrawn when it was pulled through the stopper 7, 
Fig. 2(a). 

When the furnace was at the correct temperature, 
the silicon + silica mixture was pushed halfway 
down the reaction tube. The condenser tubes were 
inserted and the air flushed out with argon, which 
entered through B, Fig. 2(a) and left via A and the 
exit tube at the other end of tube 4. The mixture 
was now pushed slowly into the center of the fur- 
nace while the argon was still flowing out through 
A. After thermal equilibrium had been attained, the 
run was started by admitting the carrier gas (argon 
or hydrogen) through A, while maintaining the flow 
of argon through B at 400 ml min™*. At the end of an 
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Fig. 2—Apparatus for the silicon-silica 
reaction. (a) general arrangement, see 
also Fig. 1. 1—condenser tube; 2—reac- 
tion boat; 3—thermocouple sheath; 4— 
alumina reaction tube; 5—araldite joint 
between alumina and pyrex; 6,7—rubber (6) 
stoppers, hole lubricated with silicone 
grease for movement of tube 3; (b) detail 
1—thermocouple insulator serving as gas 
outlet tube; 2—alumina tube; 3—boat con- 
taining Si + SiO, mixture; 4—thermocouple 
sheath; 5—alumina cement; 6—section 

at X-X. 


experiment the flow of carrier gas was stopped, and 
the mixture of silicon and silica withdrawn. The 
condenser tubes were then withdrawn slowly under 
a protective stream of argon until quite cold, and 
afterwards weighed. As in the hydrogen + silicon 
reactions, the deposits were again confined to the 
first part of the condenser. They ranged from 10 to 
130 mg depending on the conditions and duration of 
the experiments. 


RESULTS 


The Hydrogen + Silica Reaction. The condensate 
was.a white substance which did not increase in 
weight on heating in air at 1000°C. It was assumed 
therefore that the silicon monoxide and water vapor 
recombined quantitatively in the condenser to give 
silica and hydrogen. This assumption was supported 
by the fact that no measurable amounts of water 
could be collected from the gases leaving the con- 
denser when they were passed through magnesium 
perchlorate. 

In preliminary experiments at 1525°C, it was es- 
tablished that the nitrogen entering at A had to total 
not less than 200 ml min™ in order to give repro- 
ducible results and ensure the complete transfer of 
SiO to the condenser. Some unsatisfactory results 
were obtained with nitrogen flowing at rates of less 
than 100 ml min™’ at 1525°C and these are repre- 
sented by the open circles in Fig. 3.* A flow of 500 

*The lower values with low rates of nitrogen flow are presumably 
caused by the SiO diffusing backwards out of the condenser. The high 
values obtained in all cases where the hydrogen flow rate was very 
small, are presumably caused by SiO diffusing thermally into the cooler 
condenser as well as being carried by the fiowing hydrogen. Similar 


effects were observed by Alcock and Hooper” in their volatilization 
studies of the volatile oxides of the Pt metals. 


ml min™’ was therefore maintained in all later ex- 
periments. The reaction pressures were measured 
over a wide range of hydrogen flowrates at all three 
temperatures; they are seen to be independent of the 
rates in the range 100 to 200 ml min™’. Errors 
caused by gas diffusion or by lack of equilibrium be- 
tween the silica and the gases were therefore negli- 
gible. 

The reaction pressures of silicon monoxide ob- 
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tained in the experiments at 1405° and 1550°C, in 
which water vapor was added to the hydrogen, are 
given in Figs. 4(a) and (b). In both cases the hydro- 
gen flow was maintained at 100 ml min~’. 
The Silicon + Silica Reaction. The deposits pre- 
sumably consist of an intimate mixture of silicon 
and silica in equimolar proportions.” In the pre- 
liminary experiments the condenser tubes were 
heated in air after each run in an attempt to oxidize 
the deposits completely to silica. Surprisingly it 
was found that the condensate oxidized very slowly 
indeed: constant weight could not be attained after 
heating in air for 72 hr at 1000°C.* The trouble 
*Heating the condensate for 3 weeks at 1000°C gave 29 pct increase 


in weight compared with the 36.5 pct required for the mixture of SiO, 
+ Si, but the weight was still increasing slowly. 


must presumably have been caused by a protective 
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Fig. 3—Results obtained for the reaction SiO, + H, = SiO + 
H,O at 1425°, 1525°, and 1600°C. Filled circles with nitro- 
gen flow greater than 400 ml min“; open circles nitrogen 
less than 100 ml min“!. 
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Fig. 4—The influence of added water on the pressures of 
Silicon monoxide developed over silica and hydrogen at 1 
atm at (a) 1555°C and (b) 1405°C. Points experimental: 
lines calculated theoretically from p,,. developed in the 
absence of added water. 


layer of silica retarding oxidation of the codeposited 
silicon. As it was impracticable to heat the conden- 
ser tubes for very long periods after each experi- 
ment, they were removed slowly from the furnace in 
a stream of argon and cooled in argon: the weight in- 
crease was at first attributed to a condensate of the 
net composition SiO, z.e., Si + SiOz. It was later 
found that when the condensates from a number of 
runs were scraped from the condenser and analyzed 
they were found to contain 57.4 pct Si, 0.29 pct Fe, 
and 0.3 pct Al. By difference the oxygen was 42 pct. 
If the aluminum is assumed to have been present as 
alumina, scraped from the walls of the condenser, 
the oxygen present corresponds to the formula 
SiO;,27. It thus looks as though the deposits took up 
some oxygen immediately on exposure to the air and 
that this caused the amounts of SiO estimated from 
the weighings to be about 10 pct too great. A correc- 
tion for this oxidation has not been applied to the re- 
sults which are shown in Fig. 5, as it is comparable 
with the scatter of the points, but an allowance has 
been made for it in the free-energy equations sub- 
sequently derived from them. The calculated SiO 
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Fig. 5—Results obtained for the reaction Si + SiO, = 2SiO. 
Filled circles, argon as carrier gas; open circles, hydrogen. 


pressures were found to be independent of gas flow- 
rate in the range of flowrates used and they were 

the same whether argon or hydrogen was used as 
carrier gas. It can thus be concluded that errors 
arising from lack of equilibrium between gases and 
condensed phases, or from diffusion in the gas phase, 
are negligible. 


DISCUSSION 
Hydrogen-Silica Reaction. Errors. 


Temperature + 3°C, equivalent to 3 pct on p,,, 
Gas volumes + 3 pct 

Wt of deposit + 0.4 mg, z.e., + 2 pct on 20 mg; 
+ 0.2 pct on 200. 


The net effect of these errors is to cause an error 
of about +5 pct on the derived values of p,,,. The 
observed reproducibility is about equal to this, ex- 
cept in the experiments where water vapor was 
added to the ingoing hydrogen. 

Free Energy Data. The standard free energy val- 
ues calculated for the reaction, 


Hz + SiOz = SiO + H20, 


on the assumption that SiO is the only volatile gas- 
eous species containing silicon, are shown in Fig. 6. 
The result at 1500°C was obtained by measuring the 
losses in weight of the silica charge by a method 
similar to that described in the Appendix. 

The experiments in which water vapor was intro- 
duced into the ingoing hydrogen were made at 1405° 
and 1555°C. The equilibrium constants at these tem- 
peratures were therefore calculated by interpolation 
or short extrapolation of the results in Fig. 6. From 
these values the expected pressures of SiO were cal- 
culated on the assumption that SiO is the only im- 
portant volatile species containing silicon, and that 
each mole of SiO produced, introduces a further mole 
of water vapor into the gas phase. The close agree- 
ment, shown in Figs. 4(a) and (b), between the ob- 
served and calculated values indicates that the re- 
action proceeds substantially as written. 
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Fig. 6—Standard free-energy changes derived for the reac- 
tion SiO, + H, = SiO + H,O. Open circles, condensation 
method; filled circle, weight-loss method. Broken line, 
AG* curve with thermal value of AS°. 


The best straight line through the four points in 
Fig. 6 gives the equation 


AG° 1400° -1600°C = 132,500 48.1T. 


The experiments in which water vapor was added 
to the hydrogen substantiate the line at 1405° and 
1555°C. In order to get the best values for the two 
separate terms, it is probably wisest to calculate 
AS° for the middle of the temperature range, 
1500°C, from the available thermal data.**’ *° The 
recommended equation—represented by the broken 
line in Fig. 6—then becomes 


1400° 1600°C = 127,130 — 45.07T. 


The difference between the two temperature de- 
pendent terms suggests that there may be some un- 
suspected consistent errors in the measurements 
and that the accuracy of the equations is about 
+1000 cal. 

Silicon + Silica Reaction. Errors. 


Temperature +3°C 
Gas volumes +3 pct 
Wt of deposit +2 pct 


The net effect of these errors is to cause an error 
of +5 pct on the derived values of p,,.. The observed 
reproducibility is again of this order. 

Free Energy Data. Calculations based on the 
available data*® on Al,O and AlO show that, at the 
SiO pressures developed in these experiments, 
alumina could not have been volatilized in signifi- 
cant amounts by such reactions as 


2Si + Al,Os = 2SiO + Al,O. 


On the assumption that SiO is the only important 
volatile species containing silicon, free-energy 
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Fig. 7—Standard free-energy changes derived for the reac- 
tion Si + SiO, = 2SiO. Filled circles, argon as carrier gas; 
open circle, hydrogen. Lines, AG° curves with thermal 
values for AS° above and below mp of silicon. 


changes have been calculated from the results for 
the reaction, 

Si + SiOz = 2SiO. 

These are shown in Fig. 7. There should be a break 
at 1412°C, the melting point of silicon,’” correspond- 
ing to a change in slope of 7.18 cal deg™*.*® In order 
to get the best values for the separate terms in the 
free-energy equations, it is again advisable to calcu- 
late AS° from thermal data.” ** The values above 
and below 1412°C are 70.07 and 77.25 cal deg™* re- 
spectively and the lines in Fig. 7 represent the best 
lines with these slopes. 

The errors listed immediately above amount to 
+300 cal on the free-energy values. As indicated 
earlier, however, there is probably a systematic 
error in the results caused by partial oxidation of 
the condensate after removal from the apparatus: 
this could amount to — 500 cal in the free-energy 
values. If allowance is made for this, the free-en- 
ergy equations based on the thermal values of AS 
become, 


AG° = 151,300 — 70.077 
AG° 1200°=1412% = 163,400 — 77.25T 


The existence of some unsuspected systematic er- 
rors is suggested by the lack of concordance be- 
tween the temperature dependent terms derived 
from the experiments and from thermal data. It thus 
seems reasonable to assign an accuracy of +1500 
cal to the recommended free energy equations. 
General. The results for the two reactions studied 
may be combined to give the free energy of forma- 
tion of silica (tridymite) from liquid silicon and oxy- 
gen over the temperature range 1412° to 1485°C. 
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2SiOz + 2H2 = 2SiO + 2H20 AG® = 254,260 — 90.147 
2H20 = 2H2 + Oz 
2SiO = + SiO, 
SiOz = Si(z) + Oz 


AG° = 119,810 — 27.55T 

AG° = —151,300 + 70.07T 

AG° = 222,800 — 47.62T 
+ 2000 cal 


From the available heat-capacity data’ ** and the 
heat of formation of tridymite,*® the free-energy 
change for this last reaction may be calculated to 
give the equation 


AG° 1412°~1488°C = — 219,030 + 47.62 + 2000 cal 


The agreement is just adequate when the likely er- 
ror limits are taken into account. 

A free-energy equation for the formation of silica 
at these temperatures may also be derived from the 
measurements made by Kay and Taylor” between 
1430° and 1560°C of the equilibrium 


SiOz + 3C =SiC + 2CO. 


When the thermal data for SiC*”  *® are taken into 
account, one obtains the equation 


AG° 1412°-1600°C = — 227,590 + 49.757 


for the formation of silica. Inserting the thermal 
value for AS° one obtains 


AG° 1412°~1600°c = — 223,900 + 47.627 + 2000 cal 


This is within a kcal of the value derived from the 
measurements reported here: it is a little beyond 
the apparent error limits of the equation derived 
entirely from thermal data, so it may be that the 
heat of formation of silica is some 3 to 5 kcal more 
negative than the heat of formation at 298°K sug- 
gests. 

Confirmation that this is so, can be obtained from 
another source. In experiments to be described in 
a later paper, beads of iron were brought into 
equilibrium with the gas mixture, Hz + SiO + H2O, 
which emerges when pure hydrogen is passed through 
silica at 1560°C. The beads picked up 10.0 wt pct 
Si, equivalent to a mole fraction of 0.18. The reac- 
tion is 


SiO + He = [Si] + H2O 


For the corresponding pure phase reaction, one can 
calculate from the free-energy equations for the 
He + SiOz and Si + SiOz reactions that, 


AG° 1412°-1600% = — 24,170 + 25.00T 


The equilibrium constant at 1560°C is then equal to 
2.63 x 107°. When P,,, is 1 atm and ps. and Py.o 
are equal, the silicon ‘activity is 2.63 x 107%, so the 
activity coefficient of silicon in the equilibrium beads 
is 1.46x10°?. This agrees closely with the value of 
1.4 (£0.08) x 10-2, which can be derived for these 
same conditions, from the work of Chipman et al.?4 
on the distribution of silicon between iron and silver. 
To obtain values of y,, at ldw concentrations of 
silicon in iron, Chipman et al. made use of the 
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equilibrium data available for the reaction, 
SiO, = [Si] + 2[0], 


and the free energy of formation of silica, derived 
from the heat of formation and heat-capacity data 
referred to above. The values of logy,, so derived, 
do not fit in well with those for higher concentra- 
tions (obtained for the silver distribution experiments) 
when they are plotted as a function of composition, 
At 1420°C, for example, logy,, at low concentra- 
tions appears to be too positive by 0.4 to 0.5, vide 
Fig. 5 of Chipman et al. This disagreement is re- 
moved, if the value for the free energy of silica, is 
taken from the equation derived from the work re- 
ported in this paper. Logy,, at low concentrations 
then becomes 0.43 more negative than the value cal- 
culated by Chipman, and y,;; is correspondingly less 
by a factor of 2.7. 

It is interesting to compare these new data on SiO 
with those obtained by Yang and McCabe’ for the dis- 
sociation of silica at 1547° to 1687°C according to 
the reaction 


2SiO2 = 2SiO + Oz 


Their results may be represented by the free-energy 
equation 


° = 385,700 — 120.87 


If the temperature dependent term is adjusted so 
as to be equal to AS° for 1900°K, the middle of their 
temperature range, the equation becomes, 


AG° = 377,800 — 116.67. 


Combination of the equation derived here for the hy- 
drogen + silica reaction with the free energy of for- 
mation of water vapor, gives for Yang and McCabe’s 
reaction, 


AG° = 372,050 — 116.67. 


The agreement is fair in the light of the probable 
errors. 

The results obtained by previous workers on the 
hydrogen + silica and silicon + silica equilibria are 
compared in Fig. 8. Although there is much dis- 
agreement between the different sets of results, there 
appears to be significant concurrence between the 
results of Grube and Speidel® and the present authors 
on the SiOz + Hz reaction and between Tombs and 
Welch,’ Schafer and Hornle,* and the present authors 
on the Si + SiOz reaction. The results of Tombs and 
Welch,’ on the SiOz + He reaction show a temperature 
dependence that is greatly in error. Their results, 
which depended on arresting the back reaction 


SiO + H2O = SiOz + He, 


condensing the SiO, and measuring the water left in 
the gas stream cannot be considered reliable. The 
back reaction is difficult to stop and it looks very 
much as though the water they recorded came from 
the infiltration of air through their refractories. 
There is little accord between the results obtained 
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Fig. 8—Comparisons with earlier work. Full lines results 


for SiO, + H, = SiO + H,O; broken lines for Si + SiO, = 2SiO. 


A and B results from this paper. 


on the Si + SiOz reaction with the effusion technique, 
by Geld and Kochnev,” Schafer and Hornle,* Porter 
et al.,° and Gunther.° There seem to be substantial 
sources of error which cannot at present be ex- 
plained. 
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APPENDIX 


Previous to the work described in the preceding 
paper, a series of measurements were made on the 
reaction between hydrogen and silica by a weight- 
loss method. At temperatures between 1430° and 
1625°C, hydrogen was metered through a small tube 


K 
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containing silica in much the same way as described 
in the preceding paper. Instead of collecting the SiO 
produced, the loss in weight of the silica was meas- 
ured, 

The apparatus is shown in Fig. Al. To conduct 
an experiment the alumina assembly CDE was intro- 
duced slowly into the reaction tube at a rate of about 
1 cm per min. After it had reached the center of the 
furnace, dry purified nitrogen was passed both 
through C, and into the main tube at N, to remove 
all air within the apparatus. After 10 min the run 
was commenced and hydrogen was introduced through 
both C and N. The flow through N was necessary to 
prevent any SiO diffusing back after leaving D and 
subsequently condensing on the cooler end of D. At 
the conclusion of an experiment the hydrogen flow 
was stopped and the apparatus flushed out with ni- 
trogen. The alumina assembly was slowly with- 
drawn: the part D was disconnected and put inside 
a small closed silica tube for weighing. Without this 
precaution, water was absorbed from the atmosphere 
by the silica charge. The losses in weight typically 
obtained were about 20 mg. By means of separate 
tests it was shown that the alumina assembly did not 
lose weight when held for the duration of a typical 
experiment in flowing hydrogen: it was also shown 
that when charged, the tube D did not lose weight in 
flowing nitrogen. Thus there were no losses caused 
by entrainment of fine particles of silica in the gas 
stream. 

The results obtained at 1500°C with hydrogen at 
1 atm are shown in Fig. A2. They are not as re- 
producible as those obtained by the condensation 
method. In Figure A3 the results obtained over 


the whole temperature range from 1430° to 1625°C 7 


are compared with those reported for the conden- 
sation method. The spread of the results at each 
temperature is indicated by a vertical line. When 
this is taken into account, the agreement is satis- 
factory. 

Some experiments were made at 1555°C with mix- 


tures of hydrogen and water, and hydrogen, nitrogen, % 


and water. The results are shown in Fig. A4. For the 


H, + H,O mixtures the agreement between the values = 


of Ps; Calculated from the equilibrium constant ob- 
tained with hydrogen alone, is satisfactory. There 
is thus no doubt that the only important volatile 
species containing silicon under these conditions is 


Fig. Al—Apparatus for weight loss ex- 
periments. All refractories are high- 
grade alumina; A—molybdenum resis- 
tance furnace; B—alumina reaction tube; 


thermocouple insulators; D—alumina 

charge tube with cone fit into D; E— 
wa alumina thermocouple insulator to pre- 
vent back diffusion of SiO; F—granular 
silica charge; G—rubber stopper; H,I— 
cones and sockets; J—cooling coils; 
K—asbestos wool packing; L—alumina 
thermocouple sheath; M—Pt-Rh 13 pct 
Pt thermocouple; N—inlet for flushing 
gas; P—araldite joints. 


A L 
M 
C—alumina gas inlet tube, end filled with 
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Fig. A2—Results of weight-loss measurements in pure hy- 
drogen at 1500°C. 
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Temperature °C 


Fig. A3—Means of results of weight-loss experiments 
(open circles) compared with those obtained by the con- 
densation method (Ramstad). Vertical lines indicate spread 
of individual weight-loss measurements. AG° is for 
reaction (1). 


SiO. Accuracy of the results does not, however, pre- 
clude the possibility of small amounts of other 
specimens such as volatile hydroxides also occur- 
ring. Indeed, the measure of disagreement between 
apparent SiO pressures and the calculated curve 
when the hydrogen pressure drops to 0.48 atm is 
suggestive of the existence of species whose partial 
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Fig. A4—Results obtained at 1555°C. Filled circles, ingoing 
gas H, plus H,O as indicated; opén circles, ingoing gas Hz + 
N, in the ratio 0.92:1, plus H,O as indicated. Broken lines 
values of psio calculated from the result obtained with pure 
hydrogen at 1 atm. Vertical lines at this point represent 
scatter of values. 


pressures are proportional to a power of pH2 greater 
than the 0.5 required for SiO alone, e.g. SiOH, 
Si(OH)z. On the other hand, it is conceivable that 

the presence of nitrogen slows up diffusion processes 
occurring in the charge tube, so that the gas fails to 
become saturated with SiO in transit through the 
charge. 
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Horizontal Induction Zone Melting of Refractory 
Metals and Semiconductor Materials 


A. Berghezan and E. Bull Simonsen 


A simple and general method is described for 
melting and zone refining refractory metals by in- 
duction heating on a specially shaped water-cooled 
copper crucible. The crucible is the essential part of 
the apparatus and is placed horizontally. It consists 
of either a copper plate, or a flattened tube, or of 
several parallel small diameter tubes all water 
cooled. The charge lies on the crucible, or when- 
ever possible, is suspended above it. This assem- 
bly goes into a transparent quartz tube and the 
whole is passed through the coil of a radio frequency 
generator. Various atmospheres can be used. No 
contamination is detected from the copper crucible. 
Purification is obtained both by selective evapora- 
tion of impurities and by zone refining. 


Meruops of melting and refining relatively large 
ingots of all reactive and refractory metals as well 
as some semiconductor materials have been devel- 
oped in this laboratory during the past several years 
using induction heating and cold crucibles. These 
methods are simple and permit the use of a variety 
of starting materials in preparing ingots of suitable 
shapes. 

Among these methods, two are of particular in- 
terest. One deals only with the problem of melting 
without contamination. In this method the induction 
coil has a specially designed shape and acts simul- 
taneously as heating element and crucible. The sec- 
ond goes one step further, being designed for both 
melting and further purification of the refractory 
metals. The aim of this paper is to describe the 
second method which is of more general interest and 
of greater applicability to metallurgical problems. 


A) THE PRINCIPLE OF THE MELTING AND PURI- 
FICATION METHOD 


As originally proposed by one of us’ the method 
consists of heating a charge of any refractory metal 
or semiconductor material to the melting point on a 
water-cooled copper crucible by passing both the 
charge and the crucible through the induction coil of 
a radiofrequency generator. Although both are sub- 
jected to the same induction field, one achieves the 
melting of a refractory metal on a copper crucible 
even when the refractory metal has a melting point 
of more than 2000°C above that of the crucible. This 
seemingly “odd” method works effectively for the 
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following reasons. Because of its high electrical and 
thermal conductivity as compared with the material 
being melted, copper can be used as the crucible and 
kept at a low temperature while the material is 
heated by induction to its melting point.* With water 


*Silver and other highly conducting materials can also be used. If a 
nonconducting material is contemplated, e.g. SiO,, or a high polymer, a 
very thin wall should provide efficient cooling. 
cooling through ducts in the crucible its temperature 
can be kept between 40° to 70°C; thus its electrical 
resistivity is kept low, while the resistivity of the 
charge increases rapidly as its temperature is in- 
creased. 


B) APPARATUS 


The crucible is the essential part of the apparatus. 
It has been designed in various shapes depending on 
the atmosphere used, whether vacuum or an inert 
gas or hydrogen. In all crucible designs an effort 
was made to reduce its volume to ‘nothing but the 
cooling water” in order to avoid shielding the ingot 
from the induction field. In practice it is either a 


section AB 
B 
a 
section AB 
= 
a 
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section AB As | 
B 
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Fig. 1—Different crucible shapes. (a) Crucible for melting 

“odd” shape materials in an inert gas atmosphere. (5) Cru- 
cible for melting under vacuum. (c) More efficiently cooled 
crucible made of a flattened copper tube. (d) Crucible made 
of an assembly of parallel copper tubes which provides mi- 
nimum shielding of the charge. 
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Fig. 2—Detail of carriage with copper 
plate and quartz tube mounted for melting 
under vacuum. 


copper plate in which water flows or only a copper 
tube bent in a hair pin shape. Combination of two or 
more such “hair pins” gives crucibles consisting of 
four, six, or more parallel tubes. Fig. 1 shows sev- 
eral crucible shapes which have been used. The cru- 
cible bearing the charge is introduced into a trans- 
parent silica tube and the latter is then placed in the 
induction coil of a high frequency generator. The 
Silica tube or vessel may be connected to a high vac- 
uum pump or to a purification system of any gas 
atmosphere. Fig. 2 shows suchanapparatus designed 
for melting under vacuum. Here one branch of the 
hair-pin-shaped copper tube is bent 180 deg and 
passed back above instead of below the ingot as is 
usual when working in a gas atmosphere. In this way 
the deposit evaporated onto the silica tube is splitted 
by the shadow of the copper tube above the ingot; this 
reduces coupling of the induction field with the evap- 
orated layer which otherwise is heated more than the 
ingot, melts on the silica tube, and destroys it. Fig. 
2 represents a section through the silica tube, the 
ingot, and the copper crucible. 

As this apparatus was designed for both melting 
and purification by zone melting, the whole system 
rests on a mobile chariot, so that the ingot can be 
displaced from one end to the other inside the induc- 
tion coil. Fig. 3 also shows another installation de- 
signed mainly for purification by zone melting ina 
purified gas atmosphere. A clamp is provided at one 
end of the crucible so that the ingot may be suspended 
above the crucible during the zone passage. In this 
case, the ingot sags on the crucible only as melting 
proceeds. A small separate charge is shown in Fig. 


Plate crucible Getter ingot Coil 
| 


displacement direction of the tube 


Fig. 3—Section of a set-up for zone refining. 
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3; this is melted before the ingot and acts as a “get- 
ter” to purify further the atmosphere in the silica 
tube. 


C) DISCUSSION OF RESULTS 


a) Although the molten zone comes in contact with 
the cooled copper crucible, it has been found that 
there is no contamination of the molten zone as 
shown by subsequent analysis. Using the apparatus 
and method here described any material diffusion of 
impurities from the crucible into the melt is pre- 
vented, * as the molten metal does not wet the cru- 


*A further indication that there is no contamination of the ingot from 
the copper crucible was obtained by small copper additions to an initial 
iron ingot. After zone refining, a large part of the added copper had been 
lost by evaporation, whereas the rest moved toward the impure end. Simi- 
larly and on different occasions, copper is undetectable after refining, 
even when present initially. 


cible. (A black fine powder deposit is nearly always 
found on the crucible after melting; on analysis it 
appears to be an evaporated deposit from the ingot 
melted. It is thought that this deposit also prevents 
the adherence of the molten metal to the crucible.) 

b) Any kind of charge can be melted: ingots, 
flakes, bulk metals, sponge, compressed powder 
pellets, sheet, or may consist of odd-shaped scrap. 

c) The method is both simple and extremely gen- 
eral. All elements tried so far have been success- 
fully melted without contamination from the crucible. 
These are the following: Si, Fe, Ni, Co, Cr, Ti, Zr, 
Nb, Mo, Ta, W. Some low-melting metals such as 
tin and aluminum were melted without any difficulty. 

d) Alloys of different refractory metals are also 
easily prepared and the method can be applied to the 
well-known levelling of added elements. This appli- 
cation should be extremely valuable for making cer- 
tain types of semiconductor materials. 

e) When working under vacuum, the method is 
especially suitable for making evaporated deposits 
(protective deposits) because of the high evaporation 
rate which can be reached by overheating the charge. 
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f) Fine powders of some metals may be prepared 
by suitable adjustment of the pressure in the vessel. 
This works particularly well with chromium because 
of its high vapor pressure. 

g) Aremarkable zone purification effect is ob- 
tained. The exact degree of purification and the lim- 
itation of the method will be discussed in the follow- 
ing section. 


D) ZONE REFINING 


Apart from melting, the method described above 
is also suitable for zone refining and it is for this 
ultimate purpose that the crucibles have been de- 
signed. Although the primary emphasis was initially 
on melting of refractory metal without contamina- 
tion, it was felt desirable to show that further puri- 
fication could be done with the method if this is 
needed. 

A first qualitative indication of the purification 
effect is given bythe appearance of the ingots. Nearly 
the full length becomes very shiny, while the impure 
end stays dull and wrinkled, with a clear concentra- 
tion of impurities in the last zone to solidify. The 
impure end oxidizes more easily and remains hard 
and brittle. A second indication is obtained by metal- 
lography on ingots of electrolytic iron zone melted 
at 10 and 20 cm per hr. Polished longitudinal sec- 
tions show clearly the transport of oxygen (oxide 
inclusions) towards the impure end. At these high 
zone speeds one can only expect a transport of 
impurity elements with favorable distribution coef- 
ficients (k-values) such as O, C, S, and P in iron. 

Quantitative medsurements of the purification ef- 
fect have also been made by emission spectrography, 
radioactive analysis, and comparative low-tempera- 
ture resistivity measurements along the refined in- 
gots. All methods show an appreciable transport of 
impurities in good agreement with their respective 
distribution coefficients. 

For monitoring the conditions of refining and in 
order to measure quantitatively the amount of trans- 
port after each zone passage, specific radioactive 
elements were added to the ingots. For example, 
radioactive phosphorus was added to an iron ingot 
which, after a homogenization passage at high speed, 
was refined by several zone passages at 3.8 cm per 
hr in a hydrogen atmosphere. After each zone pas- 
sage the transport oi the phosphorus towards the 
end was followed by monitoring the ingot’s surface 
with a Geiger-Miiller counter. 

In addition, radiochemical analyses were done 
after the sixth and twelfth passage on samplesdrilled 
from the ingot. Fig. 4 shows the result of one such 
radiochemical analysis. The impure end (the last 
5 cm of the total 30 cm length of the ingot) was cut 
after the sixth zone pass and replaced by a similar 
piece of ingot without radioactive phosphorus and 
six additional zone passes were made. The results 
show that an appreciable purification effect is ob- 
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Fig. 4—Quantitative transport of radioactive phosphorus 
toward the end of the ingot during zone refining. 


tained. The initial mean concentration of the phos- 
phorus along the ingot (10 ppm) dropped after the 
twelfth passage to 0.1 ppm in the first 5 cm of the 
ingot and to 0.016 ppm in the purest part. In the next 
portion (15 cm) of the ingot the concentration is 
under 2 ppm. The curves show that after 6 passes 
50 pct of the phosphorus was displaced into the last 
5.5 cm of the ingot, and after six additional passes 
70 pct of the remaining phosphorus was displaced 

to the impure end; this represents 89 pct of the total 
phosphorus content. The peaks in the curves are 
due to an uneven advance of the solidification front 
which comes from an intermittent sagging down of 
the molten metal onto the crucible, causing local 
freezing-in of impurities. It is also evident that this 
irregular advance slows down the purification effect. 
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Carbon which is present as insoluble carbides in 
austenitic stainless steels can be measured quanti- 
tatively by dissolving the steel in iodine-methanol 
and analyzing the residue for carbon. Severe sen- 
sitization was observed in Type 302 due to precipi- 
tation of only 0.003 pct carbon. Both cold work and 
the presence of delta ferrite caused a marked ac- 
celeration in rate of carbide precipitation. Carbide 
precipitation rates in 17-7 PH were studied for the 
austenite conditioning and also the aging heat treat- 
ment. 


Carson and its compounds exercise a major in- 
fluence on the properties of stainless steels and 
their response to thermal treatment. Sensitization 
in 18-8 type stainless steels has been the subject 
of numerous investigations throughout the years. 
Bain, Aborn, and Rutherford,” and Binder, Brown, 
Franks’ all studied the effects of heating austenitic 
stainless steels in the temperature range of 1000° to 
1500°F. The primary purpose of most of these 
studies was the investigation of susceptibility to in- 
tergranular attack in acids due to these sensitizing 
heat treatments. Intergranular precipitation of car- 
bides was always associated with intergranular at- 
tack but it was recognized’ that severe attack could 
occur with but minute quantities of precipitated 
carbide. Mahla and Nielsen‘ utilized the electron 
microscope to make a significant contribution in il- 
lustrating the appearance and method of growth of 
chromium carbides during sensitizing heat treat- 
ments. However, as they stated, their studies of 
residues could not be used to obtain a quantitative 
measurement of the amount of carbon which was 
actually precipitated. 

The aim of the present investigation was to devise 
a relatively fast, simple method for the quantitative 
measurement of carbides in stainless steel. 


EXPERIMENTAL WORK 


The initial investigations were made to determine 
the best means of separating carbides from the ma- 
trix. A number of dissolving media were tried using 
both chemical and electrolytic attack. Qualitative 
examination of the extracted residues by X-ray dif- 
fraction indicated that solution in iodine- methanol 
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would furnish a good means of separation. Conse- 
quently, further work was pursued along this line. 

The method is quite simple. The sample in the 
form of millings or nibblings is dissolved in iodine- 
methanol solution at room temperature (6-g iodine, 
25-ml methanol per g of sample). The insoluble 
residue containing the carbides is separated by suc- 
tion filtration through an ultra-fine glass filter disc. 
This is a very fine filter medium that will retain 
particles as small as 0.1 to 0.2 u in diameter. After 
washing with methanol and drying, the filter disc 
and residue are placed in a conventional combustion 
carbon-tube furnace and the carbon determined 
gravimetrically. 

Using this technique it was found that reproducible 
insoluble carbon values were obtained. However, 
since such small amounts of insoluble carbon were 
obtained on Type 302 after sensitization at 1250°F 
and 1500°F, the values were confirmed by a second 
method. 

In the second method the sample was dissolved 
with copper potassium chloride and filtered through 
a millipore paper. This treatment dissolves the 
matrix but leaves undissolved practically all of the 
carbon irrespective of how it is present in the steel. 
The amount of insoluble carbon present as chro- 
mium carbide is determined by calculation from the 
analysis of the residue for chromium and iron. The 
derivation of the formula used for this calculation 
is discussed later. The values obtained by the in- 
direct copper-potassium-chloride method were in 
agreement with those obtained by the iodine- metha- 
nol method. See Table I. : 

It should be pointed out that the sensitivity of the 
direct combustion method is not too high when the 
amount of carbide present is small. This is due 
primarily to inherent blanks and to analytical errors 
such as weighing. For this reason it cannot be 
stated with any degree of certainty that there is a 
significant difference between values of 0.002 
and 0.005 pct. 

Having confirmed that the iodine-methanol extrac- 
tion gave a quantitative measurement of the pre- 
cipitated carbides in Type 302, exploratory tests 
were conducted on Armco 17-7 PH stainless steel. 
Samples from commercial Heat 54807 were solution 
annealed at 2000°F, water quenched and heated at 
1250° and 1500°F, and water quenched. 

The analysis of Heat 54808 is as follows: 


Cc Mn P Ss Si Cr Ai 
0.069 0.55 0.021 0.011 0.44 17.52 7.04 1.09 


Insoluble carbons were obtained both by direct 
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Table 1. Calculated and Determined Insoluble Carbon in Type 302 Stainless Steel, 
All Values Based on Wt Pct of Original Material 


Type Iodine-Methanol Residue CuCl,(KCl), Residue 
Heat Treatment Carbides Pet Ce Pct Fe Pet C* Pet C¥* Pet Cr Pct Fe Pct C* Pet cre 
2050°F, water quench - 0.021 0.013 0.004 0.002 0.033 0.008 0.081 0.002 
Anneal + 3 hr 1250°F €z.c, 0.053 0.023 0.009 0.005 0.072 0.021 0.089 0.006 
Anneal + 3 hr 1500°F Enc, 0.28 0.10 0.018 0.023 0.32 0.10 0.084 0.025 


*Carbon determined on residue by combustion. 


**Carbon calculated from chromium and iron in residue assuming that all the carbide in the residue is present as (CrFe),,C, using following formula: 


%Cr+% Fe 


16.9 


Chemical Analysis—Heat 83121 


Mn Pp 


S Si Cr Ni 


0.099 0.61 0.021 


0.015 0.48 


18.00 9.00 


determination and by calculation as had been done 
with Type 302. 

The results of these tests confirmed that the cal- 
culated insoluble carbon values were in agreement 
with the directly determined carbon values of the 
iodine- methanol insoluble residue. These values 
are shown in Table II. 

In order to evaluate any possible effects of metal- 
lurgical structure of the base metal, sheet samples 
of 17-7 PH(Heat 56033 with 0.070 pct C) were heated 
to 1750°F. One specimen was cooled to room tem- 
perature, retaining its austenitic structure. The 
second specimen was transformed to martensite by 
refrigerating at —100°F prior to analysis. Both 
specimens showed 0.036 pct insoluble C indicating 
that the iodine-methanol method was equally effec- 
tive on either type of structure. 


DERIVATION OF FORMULA FOR CALCULATION 
OF INSOLUBLE CARBON 


The principal carbide found by X-ray diffraction 
in both the PH and Type 302 steels was the CrasCe 
type carbide. The presence of CrezsCe type carbides 
in 17-7 PH and Type 302 is in agreement with what 
others have found. 

In iron-chromium alloys these carbides may not 
occur as pure chromium carbides (Cr7Cs or CresCe) 
but usually contain an appreciable amount of iron 
substituted for part of the chromium, and in addi- 


Table 11. Calculated and Determined Insoluble Carbon 
in 17-7 PH Stainless Steel 


Sheet Carbon 0.069 pct 


Pct Insoluble Carbon* 


Heat Treatment Determined Calculated 
Anneal 2000°F 0.004 0.005 
Anneal 2000°F + 5 min 1250°F 0.006 0.005 
Anneal 2000°F + 30 min 1250°F 0.044 0.044 
Anneal 2000°F + 5 min 1500°F 0.034 0.043 
Anneal 2000°F + 30 min 1500°F 0.038 0.038 


*All values based on wt pct of original material. 


tion, may contain manganese and molybdenum. This 
does not change the parent type of crystal but may 
change the lattice parameters slightly. Therefore, 
when referring to a Cr7Cs type or a CrasCz. type we 
are identifying the parent type crystal and not the 
actual composition. 

Chemical analysis indicated that approximately 
20 to 30 pct of metal in the carbide structure of the 
CrzsCe type was iron and 70 to 80 pct was chromium. 
This ratio appeared to be about the same in the car- 
bide obtained from both the 17-7 PH material and 
the Type 302. The ratio between the chromium and 
iron was also about the same so long as appreciable 
amounts of carbides were present. 

Based on the assumption that the carbide is all 
(CrFe)asCe in the proportion of 80 pct Cr and 20 pct 
Fe, the formula for calculation of insoluble carbon in 
in the copper-potassium-chloride method from the 
chromium and iron content of the insoluble residue 
then becomes: 


% Cr+% Fe 
16.9 


% Insoluble Carbon = 


Table III. Amount of Carbide Precipitation in Annealed Type 
302-0.09 pct Carbon Reheated at 1250° and 1500° F 


Pct Insoluble Carbon* 


Copper Boiling Nitric, 
Temp., Time, Potassium Rate 
°F Hr Methanol Chloride IPM 
Solution 
Annealed 0.003 0.002 0.0006 (5 periods) 
2050°F 1 min 
Reheated a 0.009 0.006 0.034 (2 periods) 
1250 24 0.013 0.011 0.038 (1 period ) 
64 0.018 0.019 0.094 (1 period ) 
152 0.027 0.030 0.039 (1 period ) 
1500 3 0.018 0.023 
12 0.034 0.037 
24 0.043 0.051 
72 0.062 0.067 
160 0.066 0.080 


*Iodine-methanol values are by direct determination; copper potassium 
chloride values are by calculation. 
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Table IV. Effect of Sensitizing Heat Treatments on Preicipitation of 
Carbides and Susceptibility to Intergranular Attack Type 302 and 304L. 


Boiling Nitric Acid 
Penetration Rate IPM* 


0.0007 
0.098 (2 per) 
0.104 (2 per) 
0.0091 


Pct Insoluble 
Carbon 


0.002 
0.006 
0.011 
0.016 


0.001 
0.003 
0.004 
0.004 


Sheet 
Type Carbon 


302 0.099 


Heat Treatment 


2050°F WO 
+1250°F 2hr 
+ 1250°F 20 hr 
+ 1500°F 2hr 


2050°F WQ 
+1250°F 2hr 
+ 1250°F 20 hr 
+ 1500°F 2 hr 


0.0005 
0.0009 
0.0033 
0.0007 


304L 0.026 


*Inches per month penetration rate for average of 5 periods of 48 hrs 
each in boiling nitric acid. Where sample disintegrated too rapidly, test 
was stopped and numberiof periods shown in parantheses. 


STUDIES ON TYPE 302 STAINLESS STEEL 


This new method provides a tool for measuring 
quantitatively the rate of precipitation of carbon in 
Type 302 at sensitizing temperatures. This study 
was made on sheet samples 0.040 in. thick from 
Heat 83121 which had 0.099 pct C. (Remainder 
of analysis shown previously.) A solution anneal of 
2050°F was first given, producing a grain size of 
ASTM#6., In this condition insoluble carbon was 
measured at 0.005 pct by the iodine- methanol method 
and calculated at 0.002 pct by the copper-potassium- 
chloride method. 

The rate of carbide precipitation was then studied 
at temperatures of 1250° and 1500°F. These data 
are shown in Table III and pictured graphically in 
Fig. 1. Intergranular penetration rates in boiling 
nitric acid were also determined for the specimens 
heated at 1250°F. 

The rate of carbide precipitation at 1250°F was 
much slower than at 1500°F. After 152 hr at 1250°F 
less than a third of the total carbon had been pre- 
cipitated, and the rate of precipitation was appar- 
ently still increasing in a logarithmic manner shown 
in Fig. 1. Conversely, the penetration rate in boil- 
ing nitric acid decreased for 152-hr heat treatment. 
This is in good agreement with Bain, Aborn, and 
Rutherford.’ They found that at 650°C (1200°F) the 
maximum-corrosion rate was reached after about 
90 hr and the sensitizing effect was removed com- 
pletely after 45 to 50 days. 

The rate of carbide precipitation at 1500°F was 
approximately logarithmic, appearing as a straight 
line in Fig. 1. The amount of insoluble carbon was 
apparently still increasing after 160 hr of heating. 
This suggested that the 0.033 pct (0.099 pct total 
minus 0.066 pct insoluble) carbon remaining in so- 
lution was still greater than the solubility at 1500°F. 

The specimen heated for 3 hr at 1250°F showed 
severe sensitization in the boiling nitric acid. This 
was associated with the small increase in insoluble 
carbon of only 0.005 pct. This observation is in 
agreement with Bain, Aborn, and Rutherford? who 
stated: ‘‘Severe susceptibility (to intergranular at- 
tack) often results from the precipitation of an al- 
most negligible proportion of the carbon as carbide.’’ 
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More recently, Bruk and Nyrokovskaya® studied 
carbon redistribution by using isotopes and con- 
cluded that carbon concentration at grain boundaries 
after heating 6 hr at 600°C was extremely small. 


STUDIES ON TYPE 304L, 18-8 EXTRA LOW 
CARBON 


The fact that extra-low carbon 18-8, or Type 304L 
with a maximum carbon content of 0.03 pct, is less 
susceptible to sensitization, has been attributed to 
its low carbon content. Our next study was made to 
compare the quantities of carbon precipitated during 
sensitizing heat treatments of Type 302 and Type 
304L. Two heats were selected for this work which 
had large differences in total carbon but were sim- 
ilar in the remainder of their chemical analysis: 


Cc Mn P 


83121 0.099 0.61 0.021 
0.026 0.64 


83130 0.023 
Heat Ss Si Cr Ni 


Type Heat 


302 
304L 


Type 


83121 0.015 0.48 18.00 8.79 
83130 0.013 0.61 18.42 9.46 


302 
304L 


This study showed that very small amounts of in- 
soluble carbide were formed at 1250°F in both 
grades of steel as shown in Table IV. Slightly more 
insoluble carbon was found in Type 302 than in Type 
304L after the 1250°F heat treatments, but the sig- 
nificance of these small differences is difficult to 
establish at the present level of precision of the io- 
dine- methanol method of digestion. It was apparent 
that the percentage of insoluble carbon could not be 
used to predict penetration rate. Photomicrographs 
and electron micrographs of some of these speci- 
mens were prepared to provide a comparison of the 
structures. 


EFFECT OF COLD WORK 


It has been recognized for a long time that cold 
work accelerates the precipitation of carbide in 
austenitic stainless steels. Metallographic evidence 
has been available showing the large number of 
carbides which have precipitated in cold-worked 
18-8 heated at 1250°F compared with the few car- 
bides obtained during similar heating of annealed 
sheet or strip. In order to measure this effect quan- 
titatively, full hard strip from a 17 Cr-7 Ni heat 
with 0.11 pct total C was used. The complete anal- 
ysis is: 


C Mn P S Si Cr Ni 
0.11 0.66 0.023 0.008 0.55 17.68 6.98 


In the full hard condition the insoluble carbon was 
0.004 pct. When this strip was annealed at 1950°F 
and air cooled, the insoluble carbon content was 
again 0.004 pct. Specimens of both the full hard and 
the annealed strip were then heated at 1250°F for 
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Table V. Effect of Cold Work on Precipitation of Carbide 
in 17 Cr-7 Ni at 1250°F 


Total Carbon Present 0.11 pct 


Pct Insoluble Carbon, 


Condition of Specimen Iodine-Methanol 
Full hard 0.004 
Full hard + 1250°F 30 min 0.070 

+1250°F 2hr 0.078 
+ 1250°F 4hr 0.085 
Annealed 1950°F, water quenched 0.004 
Annealed + 1250°F 2 hr 0.006 


various times. The data, presented in Table V, 
show the tremendous accelerating effect of cold 
work on carbon precipitation. The annealed speci- 
men increased in insoluble carbon from 0.004 to 
0.006 pct after 2 hr at 1250°F, while the full hard 
specimen increased from 0.004 to 0.078 pct. 


STUDIES ON HEAT TREATABLE PRECIPITATION 
HARDENING STAINLESS STEELS 


Effect of Delta Ferrite on Acceleration of Carbide 
Precipitation. Preliminary measurements of insolu- 
ble carbon in 17-7 PH heat treated at 1400° or 
1250°F showed considerably more carbide than was 


found in 18-8 heat treated under the same conditions. 


Metallographic examination indicated that these 
carbides precipitated at the ferrite-austenite inter- 
face while few if any intergranular carbides were 
found in the austenite. This suggested that the cause 
for the increased rate of carbon precipitation of 
17-7 PH might be the presence of 15 pct delta fer- 
rite in the austenitic structure after solution an- 
nealing. It was not known whether the presence of 
1 pet Al in 17-7 PH was also a factor in the rate of 
precipitation. In order to separate these two vari- 
ables, two experimental heats were melted with the 
following aims: 

1) a heat containing 1 pct Al but adjusted with re- 
spect to chromium and nickel so that no delta fer- 
rite was present; 

2) a heat containing no aluminum but adjusted to 
produce approximately 15 pct delta ferrite in the 
microstructure. 

Along with these two heats, one heat of 18-8 Type 
304 and one heat of commercial 17-7 PH were used 
to measure the rate of carbide precipitation at 
1250°F. All heats were processed to strip 0.035 in. 
thick and were given a solution-annealing treatment 
of 2150°F followed by water quenching. The anal- 
yses of these heats are listed in Table VI. The ex- 
perimental heats were intentionally melted to a total 
carbon content of approximately 0.10 pct. 

Sheet specimens of these four heats were used to 
study the rate of carbide precipitation at 1250°F. 
These results are plotted in Fig. 12 and clearly show 
the accelerating effect of delta ferrite on carbide 
precipitation. 

A difference was found between the two heats hav- 
ing delta ferrite. The heat with no aluminum had a 
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considerably faster rate than did the 17-7 PH heat 
which had approximately 1-pct Al. It is believed 
that this difference in rate of precipitation was not 
associated with the difference in aluminum content, 
but rather is explainable on the basis of the differ- 
ence in total carbon between the two heats. In fact, 
at the end of 9 hr of heating at 1250°F, carbon 
had precipitated in both heats to the extent that only 
0.011-pct carbon remained in solution, despite the 
difference in total carbon. Both curves show evi- 
dence of levelling off at this time. 

The fully austenitic stainless steels were much 
more sluggish. The normal 18-8 Type 304 showed 
an increase of only 0.002-pct insoluble C between 
the solution-annealed sample and the specimen sen- 
sitized for 9 hr at 1250°F. The experimental heat 
containing 1-pct Al, 0.10 pct C and also fully aus- 
tenitic showed slightly more insoluble carbon (0.01 
pct) after 3 and 9 hr sensitization. However, this 
was still much less than that obtained from the two- 
phase steels. 

Metallographic examination of these specimens 
revealed that interface carbides were evident in all 
two-phase structures that had been heated for any 
length of time at 1250°F. The first evidence of in- 
tergranular carbides in the fully austenitic steels 
was found after a heating time of 5 min. By using a 
sodium-cyanide electrolytic etch a faint-grain bound- 
ary outline was found on these specimens sensitized 
for 5 min, although the chemical analysis showed no 
increase in insoluble carbon when compared with the 
solution-annealed specimens. The microstructures 
of all four steels, heated for 5 min at 1250°F are 
shown in Figs. 13, 14, 15, and 16. These photo- 
micrographs give an impression that more ‘‘black’’ 
or ‘‘carbide-filled’’ boundaries are present in the 
ferrite-containing steels than in the fully austenitic 
steels. But, they fall far short of providing a quan- 
titative measure of carbon tied up in these carbides. 

It was interesting that both two-phase steels had 
reached the point in 9 hr heating at 1250°F, where 
only 0.011-pct C remained in solid solution. The 
effect of additional time at this temperature was not 
investigated. The fact that the soluble carbon value 
was as low as 0.011-pct was of interest in the light 
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Fig. 2—PM* — Type 302. Solution an- 

nealed, 0.002 pct insoluble C. X1000. 


Fig. 3—PM* — Type 304L. Solution an- 
nealed, 0.001 pct insoluble C. X1000. 


Fig. 4—PM* — Type 302. Heated 
1250°F, 2 hr, 0.006 pct insoluble C. 
X1000. 


Etchant — Vilella’s reagent. Electron Micrographs by Metal Carbon Replicas, 45 deg platinum shadow. Reduced ap- 


proximately 30 pct for reproduction. 


Fig. 6—EM* — Type 302. Heated 
1250°F, 2 hr, 0.006 pct insoluble C. 


Fig. 5—PM* — Type 304L. Heated 
1250°F, 2 hr, 0.003 pct insoluble C. 


X1000. X12000. 


Fig. 8—PM* — Type 302. Heated 
1250°F, 20 hr, 0.011 pct insoluble C. 


X1000. X1000. 


= *PM — Photomicro- 
graphs; EM— Elec- 
= tromicrographs. 


1250°F, 20 hr, 0.004 pct insoluble C. 
X12000. 


of previous work?»* which reported that fully 
austenitic steels, containing 0.02-pct and 0.015 to 
0.020-pct C respectively, showed no evidence of in- 
tergranular carbide precipitation even after very 
long heating at temperatures of about 1200°F. The 
austenite of our steels, in conjunction with the pre- 
sence of delta ferrite, apparently was unable to re- 
tain even this much carbon in solution. 
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Fig. 9—PM* — Type 304L. Heated 
1250°F, 20 hr, 0.004 pct insoluble C. 


Fig. 7—EM* — Type 304L. Heated 
1250°F, 2 hr, 0.003 pct insoluble C. 
X12000. 


Fig. 10—EM* — Type 302. Heated 
1250°F, 20 hr, 0.011 pct insoluble C. 


X12000. 


Effect of Austenite Conditioning Temperatures on 
Insoluble Carbon. The fact that appreciable quanti- 


ties of chromium carbide precipitate from a solid 
solution of austenite can be used as a method of con- 
trolling the stability of the austenite. Dulis and 
Smith® studied 18-8 type analyses and noted that a 
measurable amount of transformation occurred dur- 
ing cooling from heat-treating temperatures of 
1700°F and lower. When the same steels were 
heated above 1700°F and cooled rapidly, no trans- 
formation was detected, and no carbides were found 
in the microstructure. 

Eichelman and Hull® carried these experiments 
further and developed a stability formula which 
predicted the temperature during cooling at which 
transformation from austenite to martensite would 
start (Ms point), based upon total alloy content. An- 
other formula was reported by Waxweiler.°® Both 
formulas listed a decrease of about 75°F in the Ms 
point for an increase of 1-pct Cr in the analysis, 
and a decrease of 30° and 25°F respectively for 
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Fig. 11—EM* — Type 304L. Heated 
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Fig. 13—PM *—Nor- 
25 Felrite No Al mal 18-8, fully aus- 
x tenitic, 0.002 pct 
20% Ferrite /% X1000. Reduced ap- 
21 
Ht 2585 
Hours et /250 F pet Al, 0.004 pct 
Fig. 12—Effect of structure on carbide precipitation. insoluble C after ie ‘ 
heating 5 min at 
an increase of 0.01-pct C. By either of these for- 
mulas a precipitation of 0.05 pct C as CrasCs would 
be expected to cause an increase in Ms temperature pet for reproduc- 
of approximately 200 F. tion. ‘< 
This mechanism is utilized in the heat treatment 
of 17-7 PH and similar heat-treatable chromium- Fig. 15—PM*—Two 
nickel stainless steels. These steels are essentially _ phase, austenite 
austenitic when rapidly cooled from a solution-an- plus 25 pet delta 
nealing temperature of 1950 F. When they are re- ferrite, no Al, 0.066 
heated to temperatures in the range 1180° to 1750°F, Pct insoluble C after ™ 
they transform during cooling. This heat treatment 
is called austenite conditioning. The temperpture at x1000. Reduced 
which this transformation occurs is dependent upon approximately 38 : 
the amount of chromium carbide that has precipi- pet for reproduc- 
tated from the austenite during austenite condition- tion. 
The relationship between austenite conditioning 
temperature and carbide precipitation was studied plus 20 pet delta > ye 
for both 17-7 PH and PH 15-7 Mo by heating sheet ferrite, 1 pct Al ee) oo BPR ee Se 
specimens (first solution annealed at 1950°F) for 2 (17-7 PH) 0.024 
The results are shown in Fig. 17. The heats used in 
this study had the following chemical analysis: X1000. Reduced 
Grade Heat C P approximately 38 
17-7 PH 54807 0.069 0.55 0.021 0.011 tion. ee 
PH 15-7 Mo 56251 0.066 0.69 0.019 0.017 *PM — Photomicrographs; EM— Electromicrographs ss: 
Grade Heat Si Cr Ni Mo Al 
17-7 PH 54807 0.44 17.52 7.04 — 1.09 "Ni 7PH .069%C  Saaasthias .066 %C 
PH 15-7 Mo 56251 0.20 15.05 7.16 2.30 1.29 06 
Table VI. Chemical Analysis of Heats Used to Measure Effect of ae a "4 
Delta Ferrite on Car bide Precipitation at 1250°F c ] Re 
.04 
X 
Type Pct Delta Ferrite S | \ 
Analysis Heat No. C Cr Ni Al in Strip | 
e 
18-8 Austenite, 81783 0.052 18.40 9.22 nil 0 © o2 im \ 
18-8 Austenite, 2585 0.100 16.30 10.72 1.14 0 8 ! 
with aluminum 
Two Phase, 2602 0.107 21.67 6.26 nil 25 Oo posi 
no aluminum 1000 1200 1400 1600 1800 2000 
Two Phase, 53836 0.065 17.45 7.18 1.10 20 Heating Temperature F 
with aluminum 
(17-7 PH) Fig. 17—Effect of heating temperature on carbide precipi- 


tation in 17-7 PH and PH 15-7Mo. 
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Table VII. Insoluble Carbon in 17-7 PH and PH 15-7 Mo 
after Standard Heat Treatments. Carbide Determined by 
lodine-Methanol Method 


Pct Insoluble Carbon 


Condition 17-7 PH PH 15-7 Mo 


Heat Treatment Designation 0.070pctC 0.066 pctC 


Solution Annealed 1950°F A 0.006 0.002 


1400°F 90 min—Cool to 60°F i 0.054 0.053 
Above plus aged 1050°F 90 min TH1050 0.062 0.064 
1750°F 10 min—Cool to —100°F R-100 0.036 0.033 
Above plus aged 950°F 60 min RH950 0.044 0.039 
1180°F 2 hr—Cool to —100°F L 0.055 0.006 


Above plus multiple aging of LMH 0.056 
950° F-2 hr, plus 900°F-3 hr, 


+ 850°F-3 hr 


These measurements indicated that practically no 
carbides are precipitated in 2 hr at temperatures of 
1100°F and below for either alloy. Between 1100° 
and 1250°F the two steels differed appreciably; 
17-7 PH showed maximum insoluble carbon value 
of 0.056 pct (when total sheet carbon was 0.069 pct) 
after heating at 1180° or 1200°F. No increase in 
insoluble carbon was found in PH 15-7 Mo after 
these heat treatments, but the insoluble carbon 
jumped to 0.05 pct after heating at 1250°F. At con- 
ditioning temperatures above 1300°F the two steels 
once again reacted similarly. The sloping nature 
of the curve in Fig. 17 at temperatures of 1500°F 
and above suggested that equilibrium probably had 
been reached by the 2 hr heating. 

The maximum value of insoluble carbon found 
for 17-7 PH was 0.056 pct in the range 1200° to 
1400°F. At 1400°F the PH 15-7 Mo also reached 
its maximum carbide value of 0.053 pct. By sub- 
stracting these values from the total carbon con- 
tent of the sheet, it can be seen that both steels had 
0.013-pct C remaining in solid solution after these 
2 hr treatments at 1400°F. 

Fig. 17 is helpful in explaining metallurgical re- 
sponse of these steels to austenite conditioning treat- 
ment. When these steels are heated at 1400°F, suf- 
ficient carbon precipitates so that the Ms point is 
approximately 200°F, and transformation is essen- 
tially completed by cooling to 60°F. The resulting 
martensite has a Rockwell hardness of C30. By 
heating these steels to 1750°F, it may be seen in 
Fig. 17 that only 0.03 pct C has been precipitated. 
Marshall, Perry, and Harpster’® have shown that, 
after this heat treatment, the Ms point is about 60°F 
and sub-zero cooling is required to complete trans- 
formation. It is not surprising that the martensite 
formed from austenite in this manner and contain- 
ing additional carbon in the matrix shows a higher 
Rockwell hardness of about C37. 

Effect of Aging Treatments on Insoluble Carbon 
Content. This investigation was carried one step 
further. These same precipitation-hardening stain- 
less steels were analyzed for insoluble carbon be- 
fore and after the aging or precipitation-hardening 
heat treatment that is normally applied subsequent 
to the transformation treatment. The same heat of 
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PH 15-7 Mo (Heat 56251) was used for this work as 
was used on the previous investigation. A different 
heat of 17-7 PH was used which had the following 
chemical analysis: 


Heat C Mn P s Si Cr Ni Al 
56033 0.070 0.63 0.023 0.006 0.28 17.43 7.27 1.08 


Three different transformation treatments were 
used to obtain the martensitic condition and each of 
these was followed by a different aging treatment. 
These heat treatments are specified in Table VII, 
and the corresponding insoluble carbon values are 
listed. 

These data show that in the transformed condition 
—T, R-100, and L— the quantity of insoluble carbon 
found agreed with the previous study on effect of 
austenite conditioning. The data also showed that ad- 
ditional carbon was precipitated during the aging or 
precipitation-hardening treatment, even when this 
aging temperature was as low as 950°F. 

Approximately 0.006 to 0.008 pct additional C 
precipitated during the 1 hr heating at 950°F used 
for Condition RH 950, and 0.008 to 0.011 pct precipitated 
during the 90 min aging at 1050°F used for Condi- 
tion TH 1050. This was in marked contrast with the 
results obtained by heating the same steels when in 
the austenitic condition. When the matrix was aus- 
tenite, no precipitation of carbide was found after 
heating at temperatures below 1150°F, as was shown 
in Fig. 17. It may be theorized that the strain pro- 
duced by the transformation treatment has acceler- 
ated the precipitation of carbide during the subse- 
quent aging treatment. 

Apparently very little carbon is soluble at 1050°F 
in these steels in the martensitic condition. It will 
be noted in Table VII that the specimen of PH 15-7 
Mo, heat treated to Condition TH 1050 had an insol- 
uble carbon content of 0.064 pct out of a total carbon 
content of 0.066 pct. This measurement is not only 
significant from a metallurgical standpoint, but also 
provides confirmation of the ability of the analytical 
method to measure insoluble carbon. , 

Additional Work. When insoluble carbon is pre- 
sent in appreciable amounts, the measurement by 
the classical combustion-gravimetric method is sa- 
tisfactory. However, when the amount of insoluble 
carbon is low, such as in solution annealed material 
or Type 304L after sensitization, the lack of sensi- 
tivity in this range becomes apparent. Preliminary 
tests have been made using a conductometric-carbon 
method to measure the carbon present in the iodine- 
methanol insoluble residues. It is believed that this 
method will provide a more accurate measurement 
of very small amounts of insoluble carbon. 


SUMMARY 


The method for direct determination of insoluble 
carbon as presented herein has furnished very in- 
teresting information. 

1) It has been demonstrated that sensitized spe- 
cimens of 18-8 which show a high rate of intergran- 
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ular attack in boiling 65 pct HNO; may actually have 
a very small amount of precipitated carbide. 

2) The difference in resistance to intergranular 
corrosion between Type 302 and Type 304L cannot 
be explained on the basis of amount of carbide pre- 
cipitated. 

3) The tremendous accelerating effect of cold 
work on rate of carbide precipitation in austenitic 
steels has been demonstrated quantitatively. 

4) The presence of delta ferrite in an austenitic 
matrix causes an acceleration of carbide precipita- 
tion. 

5) Quantitative measurements of the insoluble 
carbon helps to explain the metallurgical response 
of 17-7 PH and PH 15-7 Mo to various transforma- 
tion treatments. 

6) Additional carbide precipitation occurs during 
aging of precipitation hardening steels at tempera- 
tures as low as 950°F. 
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Copper by the Thermal Grooving Technique 


N. A. Gjostein 


The self-diffusion coefficient D, for a surface 
near the (100) plane in copper was determined by 
means of the Mullins theory of thermal grooving, 
and was Sound to obey the Arrhenius relationship, 
D, = D, € *’"", where Q, = 40.8 + 2 kcal per mole 
and Dy = 6.5 X "10? sq cm per sec. Suppression of 
surface diffusion by chemisorbed impurities en- 
counters difficulties as a satisfactory explanation 
for the large Q, and Dg. Instead, a model is pre- 
sented which indicates that Q,, as determined by 
a mass-transport technique, may involve both the 
energy needed to form an adsorbed atom from a 
ledge in the surface as weli as that for the move- 
ment of the adsorbed atom.; 


LrreraturE reviews?" indicate that the mecha- 
nism of self-diffusion on metal surfaces is not 
clearly understood. The lack of experimental data 
on the temperature variation of the surface self- 
diffusion coefficient D, has contributed greatly to this 
situation. Radioactive tracer techniques*~® have been 
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used to measure D,, but for many years only Nicker- 
son and Parker® had determined (for polycrystalline 
silver) an activation energy Q, and a frequency fac- 
tor D, for the surface self-diffusion process, Even 
in this case, a mechanism could not be clearly in- 
ferred because it was suspected?’ that a contribu- 
tion from volume diffusion was not taken into account 
by the investigators. Some later work by Li and 
Parker® on polycrystalline gold, in which they ob- 
tained essentially the same results as for silver and 
in which volume diffusion could be accounted for, 
seems to invalidate this criticism. 

In 1957, Mullins’?! developed the theory for the 
thermal grooving process. This advance has opened 
a new and promising technique for measuring the 
surface self-diffusion coefficient D;. Recognizing 
that a thermal groove may form by several different 
mass transport processes, Mullins first considered” 
the cases where a) the groove forms by evaporation 
and condensation or b) by diffusion along the groove 
surface, in either case, in a system where a metal 
surface is in contact with only its dilute vapor phase. 
In a later paper, he extended the treatment to cases 
where the groove forms by volume diffusion into 
c) the solid phase or d) by mass transport through a 
passive gaseous phase at 1 atm pressure. The time 
dependence of the groove dimensions and the shape 
of the groove profiles predicted by Mullins’ treat- 
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Table |. Time Dependence of Thermal Groove Dimensions and Shape 
of Groove Profile for Various Mechanisms of Matter Transport. 10,11 
TRANSPORT TIME 
MECHANISM DEPENDENCE SHAPE OF PROFILE 
Maxi \ 
rf y axima: 
(b) diffusion W/D= = 
| 
—— 
tan B 
volume diffusion \, Maxima : 
pressure w/Ds tone 


ment for these four systems are summarized in 
Table I. A preliminary study of the kinetics of ther- 
mal grooving of copper bicrystals was carried out 
by Mullins and Shewmon.” They found that the width 
W of the groove was related to the time ¢ of anneal- 
ing by W = k (D,t)/4, as predicted by the theory, and 
also that the shape of the profile was in agreement 
with the surface diffusion mode of matter transport. 
Later Gjostein and Rhines’* demonstrated that the 
width-to-depth ratio, for grooves formed at [001] 
tilt boundaries of varying misorientation, is con- 
sistent with the surface mode of transport. Further 
support for the idea that surface diffusion is the 
dominating means of matter transport may be had by 
computing the magnitude of W from Mullins’ the- 
ory,’?1 as a function of time and temperature. These 
calculations show that only volume diffusion in the 
solid phase c) is likely to compete with surface dif- 
fusion, in the case of copper annealed under 1 atm 
of H at temperatures near the melting point. 

The present investigation was initiated to estab- 
lish firmly the thermal-grooving technique as a means 
for measuring D,, and ultimately to obtain informa- 
tion about the mechanism of surface diffusion from 
determinations of the activation energy and fre- 
quency factor for this process. 


EX PERIMENTAL TECHNIQUE 


Cathode sheet copper of 99.98 pct purity was used 
to grow [001] symmetrical tilt boundaries having 
misorientations 16, 19, and 22 deg. A surface nor- 
mal to the grain boundary and parallel to the com- 
mon [001] direction was mechanically polished on 
each bicrystal, using papers No. 1 through 4-0, and 
also a 6 diamond polish. Then approximately 100u 
of metal was removed by electropolishing to a mir- 
ror finish in a orthophosphoric acid (55 pct H,PO,) 
and water bath, saturated with copper. The rinsing 
procedure to minimize the adsorption of phosphorus 
from the polishing bath has been described previ- 
ously.’? Following this treatment no groove was 
visible at the grain boundary, even when examined 
with a Zeiss Interference Microscope. The polished 
surfaces deviated from a [001] plane by 8, 9.5, or 11 
deg depending on the bicrystal. 
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During annealing, the specimens were placed, with 
the grain boundary horizontal to minimize shearing 
along the boundary, in cylindrical recrystallized- 
alumina crucibles, and these were in turn placed in 
large crucibles of the same material, the entire as- 
sembly being enclosed in a copper-foil crucible. For 
most anneals the atmosphere was dry, prepurified 
hydrogen (passed through four DeOXOunits, activated 
alumina, and magnesium perchlorate) with a dew 
point of about —45°C, but in some cases wet, pre- 
purified hydrogen was used with a dew point of —12°C. 
To facilitate rapid heating and cooling, the majority 
of the anneals was carried out using a silica furnace 
tube. At high temperatures (above 1000°C), however, 
measurements of the dew point indicated that the 
dry hydrogen was reducing the silica tube. By in- 
creasing the flow rate to 5 liters per min, a dew 
point of —45°C could still be maintained. To avoid 
this effect, some runs were made in a system com- 
posed entirely of alumina. 

Due to the rapid heating and cooling rates, cor- 
rections in the time of annealing to account for dif- 
fusion occurring during the heating and cooling pe- 
riods had only to be applied for anneals under 5 hr 
in length. Menzel?!® has discussed the method for 
making this correction. Normally, the correction 
was 10 to 20 min, but in the case of an alumina sys- 
tem, where heating and cooling rates were neces- 
sarily slower, it could be as large as 1 hr. 

Specimens were annealed at constant temperature 
(t5°C) in the range 720° to 1070°C, for various times 
ranging from 1 to 200 hr. Groove widths were de- 
fined as the distance between maxima of the profile 
and were measured on enlarged (836X) interfero- 
grams, which were taken using a Zeiss Interference 
Microscope. A series of such interferograms, illus- 
trating the development of a thermal groove, has 
been previously published.’? 


ANALYSIS OF RESULTS 


When the thermal groove forms by surface diffusion 
alone, the theory of matter transport, as worked out 
by Mullins,?° predicts that the width W of the groove 
is related to the time ¢ by the following relationship: 


W = 4.6 (Bt)/4 [1] 
with 
D,NQ? 
B= [2] 
where: 


D, = surface diffusion coefficient (sq cm per sec) 
N = surface density of atoms (atoms per sq cm) 
Q = atomic volume (cm‘/atom) 

y = free surface energy (ergs/cm?) 


Eq. [1] indicates that a convenient way to report the 
data is in the form of a plot of log Wvs log ft, Fig. 1. 
In Fig. 1 it can be seen that the slopes of the lines 
are very nearly 0.25, in agreement with Eq. [1]. 
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Fig. 1—Log-log plot of groove width W in microns as a 
function of time ¢ in hours for copper annealed under hy- 
drogen at various temperatures. The slopes are listed 
adjacent to the temperature for each line, and the sym- 
bold have the following significance: O — silica furnace 
tube, —45°C dew point; O — silica furnace tube, —12°C dew 
point; A— alumina system, —45°C dew point. 


However, there is a trend towards slopes of 0.30 at 
temperatures above 825°C, indicating that volume 
diffusion is contributing to the groove formation at 
these temperatures. Before a correction for this 
factor can be performed, an approximate value for 
D, is needed. If the ordinate intercept (at log ¢ = 0) 
of the log W vs log ¢ plot is denoted by log J, log D; 
may be found from Eq. [1] and is given by the rela- 
tionship: 


log D, = —7.716 + 4 log I+ log T/1000 [3] 


where the following values of the constants were 
used: 


Q= 1.18 x 10-%* cm® per atom 


N= Q7?/3 = 1.93 x 10-8 atoms per sq cm 
y = 1670 ergs per sq cm 


k = 1.38 x 107?* erg per deg 


To evaluate the contribution of volume diffusion 
to groove development, resort is made to an analy- 
sis of the concomitant action of both processes upon 
groove development, which is given in an appendix 
to the work of Mullins and Shewmon.” Under the as- 
sumption (later verified’) that volume and surface 
diffusion, when acting alone, develop the same pro- 
file, it was demonstrated that the following equation 
is valid: 


W.1* 1 1 1 
[Fal ~ * 3(aW) 
_ In(i+aW) } [4] 

(aw)* 


Dy 5] 
2.4 9D, 


and D, is the volume diffusion coefficient, W the 
width developed by both processes, while W, is the 
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Fig. 2—Functional dependence of the ratio W,/W on aW. 


width due to surface diffusion alone (a = 0). The 
functional dependence of W,/W on aW was com- 
puted, and is plotted in Fig. 2. It is clear then that 
once a is known for a given temperature, a value 
of W,/W (hence, W,) may be found for any W through 
the use of Fig. 2. Eq. [5] was used to compute a at 
several different temperatures from known values 
for D,,** and the approximate D, obtained from Fig. 1 
and Eq. [3]. A plot of log a vs 1/T, Fig. 3, was 
made, from which the smoothed values of log a were 
taken at the appropriate temperature to evaluate a W. 

Corrected width-time curves are given in Fig. 4; 
at 1070°C an uncorrected curve is also included to 
give an indication of the largest correction that was 
applied. Below 825°C the correction was found to be 
negligible, and moreover when the corrected D, val- 
ues were used to calculate a, it was found that the 
correction was not significantly different than be- 
fore. In addition to lowering D, at high tempera- 
tures, it will be noted in Fig. 4 that these lines have 
reduced slopes which are closer to 0.25, in agree- 
ment with the surface diffusion mechanism. Final 
D, values were calculated from the intercepts in 
Fig. 4 and are reported in Table 2, along with the 
data of Mullins and Shewmon,?? which have been 
corrected for volume diffusion. 

A plot of log D, vs 1/T, Fig. 5, shows that D, may 
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Fig. 3—Temperature dependence of log a. 
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Fig. 4—Same as Fig. 1 after correction for volume diffu- 
sion contribution to the groove formation; the dashed line 
represents the uncorrected line at 1070°C. 


be expressed as D,e~@5/RT, where Qs = 40.8 + 2 
kcal per mole and D, = 6.510? sq cm per sec. A 
least-squares analysis was used to draw the line in 
Fig. 5, omitting the point at 720°C because of the 
large uncertainty in D,, as is shown by the dashed 
line in Fig. 1. 

The large scatter in the data at this temperature 
resulted from a fine scale pitting and roughening of 
the surface, which frequently destroyed the maxima 
in the profile. A breakdown of the surface at these 
temperatures indicates that possibly a surface re- 
action,® and/or a thermal-faceting process”® is tak- 
ing place. Since in this study attempts were made 
to avoid data which were obtained under conditions 
where impurity adsorption plays a major role, no 
results were obtained at temperatures below 720°C, 
and measurements of W were taken only from 
smooth profiles. It should also be mentioned at this 
point that varying the dew point of the hydrogen 
atmosphere, as indicated earlier, or replacing the 
silica furnace tube with an alumina one, had virtu- 
ally no effect upon the measured groove widths, 
Fig. 1. 


DISCUSSION 


In order to evaluate properly the magnitudes of 
Q@, and D, for copper, it will be necessary to make 
a comparison between previous experimental re- 
sults and the present ones, and in addition to view 


Table Il. Surface Self-Diffusion Coefficient for Copper 


Temperature, °C D,, cm?/sec 


1070 1.7 x 
1035 6.1 x 10°** 
1020 4.5 107° 
950 1.7 x 107° 
930 2.5 x 10°** 
875 6.0 x 107° 
825 4.2 x 107° 
780 1.8 x 107° 
720 8.8 x 107’ 


* Mullins and Shewmon ‘? 
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Fig. 5—Temperature dependence of the surface self-dif- 
fusion coefficient for copper. O— Present investigation, 
included in least-squares analysis; 0— Data of Mullins 
and Shewmon,?? included in least-squares analysis; 

A— Present investigation, not included in least-squares 
analysis. 


these results in the light of theoretical predictions 
which originate from models of the surface diffu- 
sion process. The first approach will be considered 
now. 

A summary of experimental results taken from 
the literature on self-surface diffusion is given in 
Table 3. Kuczynski’s measurements” of D, for 
copper are especially interesting because they 
were carried out under conditions similar to those 
used in this investigation, z.e., purified, dry hy- 
drogen was used as the annealing atmosphere, and 
the sintering technique employed requires mass 
transport. Fig. 6 shows both sets of data, covering 
a temperature range from 400° to 1070°C, are gen- 
erally consistent with each other. Similarly, the 
two D, values obtained by Mullins and Shewmon”? for 
copper annealed under a 10 pct H,-N, mixture are 
in good agreement with present results, Fig. 6. 
When these observations are taken into considera- 
tion, along with the fact that variations in dew point 
of the hydrogen atmosphere and the type of furnace 
tube were found to have no effect on D, in this inves- 
tigation, it appears that, although the experimental 
methods and conditions are not identical in each 
case, these variations have little effect on Q, and 
D, as long as hydrogen is present in the annealing 
atmosphere. 

Contrasting with these results are those for sil- 
ver® and gold,® where surface diffusion has been fol- 
lowed by radioactive tracers, and where vacuum has 
been used as an atmosphere. For these materials 
Q; =¢,, where ¢, is the nearest-neighbor bond en- 
ergy assuming only interactions with twelve nearest 
neighbors, whereas for copper under hydrogen Q, 
= 3¢,. The tracer method also gives a much smaller 
D,, by two or three orders of magnitude, than the 
mass-transport technique. However, the tracer —D, 
is not as small as would be predicted from the re- 
lationship: 


Dy = aa*v = 10-* to 10-* sq cm per sec. 
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where 


a@ = geometric constant (equal 1/4 for (100) plane 
or 1/3 for (111) plane) 


jump distance 


vibrational frequency of an atom at the sur- 
face 


which is derived from a model based on an atom 
hopping across a smooth low-index plane.** This 
discrepancy may result from the fact that the above 
expression is based on the assumption that the ac- 
tivation entropy for this process is negligible; this 
may not be the case for the surfaces used in the 
tracer work. 

To explain the differences noted above between the 
tracer and mass-transport methods, it is possible 
to adopt the point of view that impurity atoms chemi- 
sorbed on the surface are responsible for inhibiting 
diffusion in the case of copper annealed under hy- 
drogen, but that they are relatively less effective in 
the case of silver or gold in vacuum. Oxygen, which 
is known to be surface active on silver”® and on cop- 
per,”° is the most probable adsorbent on silver an- 
nealed in vacuum (10-*mm Hg), and also on copper 
annealed in hydrogen; hydrogen and water are not 
likely to adsorb on copper surfaces to any extent at 
high temperatures.** For Cu-O and Ag-O interac- 
tions, the heat of adsorption AH, is approximately 
the same, —110 kcal per mole of O,,°»?° and thus 
the extent to which the surface is covered in each 
case will depend upon the partial pressure of oxygen 
that can be maintained near the metal surface. The 
partial pressure of oxygen can be made many orders 
of magnitude smaller in a hydrogen atmosphere than 
in a vacuum of 10-®mm Hg such as was used by 
Nickerson and Parker. This argument can be de- 
veloped more quantitatively. Consider, as do Gon- 
zalez and Parravano,”* the equilibrium 


O, + [4 Me ] = [4 Me ] —20 [6] 


where the symbol —2O denotes that each 
oxygen atoms interacts chemically with two metal 
atoms which are, in this case, copper or silver. If 

@ is defined as the ratio of filled to the total number 
of sites of the type available on the surface, 
it is possible to write from chemical thermodynam- 


1cS: 


AF? =-RTInK RT [7] 
where 

AF} = AH? —TAS; 
Neglecting the variation of AH? with temperature, 
let AH? = — 110,000 cal per mole of O, for both sil- 
ver and copper.*»?° Moreover, assuming A $?to be 
approximately the same as A S° of formation for the 
bulk oxides, 7.e., approximately -30 cal per mole- 


deg,?® the coverages for various experimental par- 
tial pressures of oxygen may be calculated from 
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Fig. 6—Composite plot of the temperature dependence of 
D,, including the work of Mullins and Shewmon,’? and 


Kuczynski.** 


Eq. [7]. Table 4 gives the results. In the copper- 
hydrogen system very low averages can be obtained.* 


*This result is supported by another observation. Kington and 
Holmes” studied the oxygen adsorption isotherm for copper at 78°K. 
The copper substrate was a thin film deposited by evaporation over such 
large surface area that, at the pressure of 10~° mm Hg used for evapora- 
tion, only a negligible fraction of the surface would be covered by re- 
sidual gas molecules, They found that the initial adsorption of 1.9 
monolayers of O~ ions, which was a very rapid chemisorption process, 
was followed by a much slower adsorption process. Similarly, Dell 
et al.,** found a marked change AH@ at a coverage of 1.9 monolayers of 
O= ions. This latter measurement, however, was carried out on copper 
powder, which had been reduced in hydrogen. It appears, therefore, that 
hydrogen is capable of removing a chemisorbed layer of oxygen on cop- 


per. 

In comparison to their magnitude, the coverages do 
not vary greatly with either annealing temperature 
or dew point. These conclusions are in agreement 
with the present results. On the other hand, in the 
silver-vacuum system, a partial pressure of oxygen 
of 10~%8-4 atm, which hardly would be attainable with 
a vacuum of 10-° mm Hg, would be required to main- 
tain a relatively poorer coverage of 107°. Thus, the 
original hypothesis, z.e., that impurities are ad- 
sorbed to greater extent on copper than on silver, 
under the experimental conditions employed in each 


case, does not seem to be valid. 
The preceding discussion has been concerned with 


the extent to which chemisorption takes place under 
different experimental conditions. There is also the 
important question: does impurity adsorption enhance 
or suppress surface diffusion? Previous experiments 
are inconclusive on this point. Menzel?® (Table I) 
obtained Q, = ¢, for copper annealed under partial 
pressures of oxygen large enough to produce parti- 
cles of bulk oxide on the surface. In addition, he 
cites other evidence to support his conclusion that 
oxygen enhances surface diffusion of copper. On the 
other hand, Blakely and Mykura” (Table I) attribute 
the large dependence of Q, and D, on the orientation 
of the surface to selective adsorption of some sub- 
stance (possibly carbon), the extent of adsorption 
being greatest near the (100) plane, where the 
largest Q, and D, are determined. Some attempts 
were made in this investigation to test Menzel’s 
claim. To this end, bicrystal specimens were an- 
nealed at 720°C under oxygen partial pressures large 
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enough (10-* mmHg) to form particles of the bulk 
oxide. There appeared to be no great increase in 
groove widths over those measured previously at 
this temperature, although it must be reported that 
groove profiles were greatly distorted due to pitting 
and surface oxide, making it difficult to obtain re- 
producible measurements. 

From the discussion given above, it would appear 
that an explanation of the difference in results which 
occurs between tracer and mass-transport techni- 
ques for measuring D, that is based on impurity ad- 
sorption should be considered as doubtful. In the 
following section an alternative point of view is de- 
veloped. To develop this view, it is necessary to 
recall the basic transport equation used by Mullins.” 
In his treatment, atoms are considered to move along 
a curved surface with an average drift velocity V 
given by* 

D ou 


kT Os 


*Earlier D was given a subscript, however, in anticipation of a re- 
interpretation of D, it is left unspecified for the moment. 


where 0u/ds is the gradient in chemical potential u 
along the arc lengths of the profile. The current J 
of atoms passing a line in the surface is then the 
product N V, where N is the number of atoms per 
unit area of surface. In the final expression, Eq. [1], 
the product DN appears, and earlier in the paper, N 
was taken to be 2-”/3, independent of temperature, 
as Mullins” had done. In the present analysis,* it is 


*G. M. Pound has independently worked out an analysis similar to 
the one presented here. 


assumed that the atoms which participate in the sur- 
face current are formed by thermal activation from 
positions in the surface, such as ledges, and that an 
equilibrium is set up between atoms in ledge sites 
and those in adsorbed sites. The density of adsorbed 
atoms N, will vary with curvature (K = 1/r) of the 
surface according to the following relationship: 


= exp | = exp| [9] 
Since in the thermal groove studied v > 10-* cm, 
exp [y2/r kT] 21. In this case, the equilibrium be- 
tween atoms in the adsorbed state and those in the 
surface may be described by chemical thermody- 
namics as: 


Ng (r) = Ny (*) = No exp [—AF#/RT ] [10] 


where AF*® is the standard Gibbs free-energy change 
for transport of an atom embedded in the surface to 
a position of adsorption (or for the formation of an 
adsorbed atom), and N, is the density (per unit area) 
of sites from which atoms are removed from the 
surface. Now the product DN can be reinterpreted 
as D,N, (r), where N,(r) is given by Eq. [10], and 

D, is the surface diffusion coefficient of adsorbed 
atom, which may be written: 


D,= aa? v exp [—AF?/RT] [11] 
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where a, a, and v have been defined previously and 
AF), is the standard Gibbs free energy change for 
the transfer of an atom from an adsorbed position to 
a saddle point position between two sites of adsorp- 
tion, z.e., it represents the standard free-energy 
barrier for movement of an adsorbed atom. 

From Eq. [2], it is possible to define a quantity 
D,; which now becomes an apparent surface-diffusion 
coefficient for mass-transport techniques, as: 


[12] 


D, =D, N, (7) =D, exp [—AF}?/RT ] 


Then substituting Eq. [11], and using the relation 
AF®° = AH® —TAS*, the final equation becomes: 


D, = aa? v exp [(AS>, + AS#)/R ] 
exp [-(AH>, + AH?)/RT | [13] 


The measured activation energy for this process, 


defined as Q,/R = ae will be given by: 


Q, = AH; + AH 
and the apparent D, by: 
Dy = aa? v exp [(AS;, + AS#)/R [15] 


To determine Q, from Eq. [14], it is noted that sur- 
faces near a (100) plane may be considered ideally 
as composed of portions of the (100) planes and a 
certain density of monatomic ledges or steps. In 
this case AH? represents the energy required to 
transport an atom from a ledge to an adsorbed site. 
Hirth and Pound,” using nearest-neighbor interac- 
tions, have shown that AH f = 2, for this process. 
Since it was found experimentally that Q, = 34,, 

Eq. [14] gives AH? = ¢, for an atom hopping across 
a (100) plane. Theoretically, AH>, should represent 
the difference in potential energy @ that is required 
to take an atom from an equilibrium site to a saddle 
point between two equilibrium sites, i.e., AH), = %, 
—,. Estimates of 6 for a surface atom have been 
made”°’?4 by assuming that the bond energy between 
two atoms is a function only of their distance of se- 
paration 7, and that the bond energies ¢, are addi- 
tive, t.e., b= ZX, o,. The problem in this study is to 
compute ,—, for an atom migrating on a (100) 
plane of copper. To express the energy relationship 
between metal atoms, a Morse potential is com- 
monly used.°’$! This may be written in the form: 
on = [2 expa (1-7,/7,) — exp 2 a (1-1%/7,)]. The 
geometry of hard spheres was utilized to find 7,. 
These calculations show that AH), = ¢,, in agree- 
ment with the value deduced from experiment. 

To confirm this point, a direct measurement of 
AH >, would be highly desirable. With regard to this 
idea it is interesting to recall that Q, = ¢, (Table 3) 
for silver and gold, as determined by the tracer 
technique. This could be explained if it could be de- 
monstrated that the tracer technique determines D, 
rather than the product D, (N, (7)/No), as does the 
mass transport method because then the tracer Q, 
should be equal to AH, and not AH), + AH?. A value 


[14] 
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Table III. Summary of Previous Determinations of Q, and D, for Surface Self-Diffusion 


Annealing 
Atmosphere 


Experimental 
Method 


Material, 
Reference 


kcal/Mole 


Do ¢,4 Plane of 
cm?/sec kcal/Mole Surface 


10’ 13.6 


Cu *” Sintering Dry hydrogen 56.0 Polycrystalline 
Healing of Vacuum Near (110) 
Facets ~10~*mmHg 
Ag® Tracer Vacuum 10.3 0.2 10.9 Polycrystalline 
=10~*mmHg 
Au? Tracer Vacuum 15.7° 15.1 Polycrystalline 
=10 ““mmHg 
Ni *® Healing Vacuum 14.3 5x 107‘ 17.4 Near (111) 
of Scratches =10~5mmHg 39.2 0.7 = Near (100) 
w” Blunting Vacuum 72.0 4.0 36.5 Axis of Tip 
Field mmHg [110] 
Emission 
Microscope 
Tip 
Ice 7 Sintering Air 27.5 107? a Unknown 
(Atmospheric 
Pressure) 


*Menzel** did not determine Ds, but obtained only an activation energy for what appears to be a surface diffusion process. 


® Recalculated from data given in reference 9. 


° The latent heat of vaporization for H,O at 0°C is approximately 10.7 kcal per mole. 


“In the case of fcc metals ¢,, the nearest neighbor bond energy, was taken to be 1/6 of the heat of sublimation, and ¢, was assumed to be 
small compared with ¢,.” For tungsten, the heat of sublimation was equated to 4¢, + 3¢,, with ¢, ~ 0.5¢,.”°’ ™* Data for the heats of sublima- 
tion were taken from Smithels Metal Reference Book.”* The heat of sublimation for nickel is not given, but the heat of vaporization is reported. 


It was assumed that the difference between these heats is ~ 15 kcal per mole, as is the case for iron. 


for the tracer diffusion coefficient of copper has 
been determined at 750°C.” This value is about 10? 
times larger than D, at this temperature, a fact that 
can be accounted for if it is assumed that N,(r)/N, 

= 10-?. From the deduced value of AF?, N,(r)/No 
should be in the range 10°* to 10°*. However, since 
surface diffusion measurements, utilizing both tech- 
niques, have not been carried out on the same mate- 
rial under identical conditions, this hypothesis must 
be regarded as highly speculative. 

From the arguments presented above, it would be 
expected that other mass transport techniques should 
give Q, = AH», + AH?. In Kuczynski’s”” sintering ex- 
periments on copper this is the case, Table 3. This 
point appears to be verified also for tungsten sur- 
face diffusion as measured by the blunting of a field 
emission tip,” where experimentally Q, = 2¢,, 

Table 3. In this case, however, it is difficult to eval- 
uate AH>, and AH? because the orientation of the 
surfaces over which diffusion takes place may vary 
considerably and is not accurately known. Kingery”? 
has suggested AH f may be a factor in Q, for ice, 
Table 3. In addition, since Q, is much larger than 
the heat of vaporization of ice and since D, is unu- 
sually large, he postulates that the jump distance 
may also vary with temperature. 

Menzel’s results 7 on the healing of (110) facets 
on copper, and the result of Blakely and Mykura” on 
the healing of scratches on nickel surfaces near the 
(111) plane, Table 3, are not consistent with this 
model. In both cases, however, the experiments 
were performed under conditions where the surfaces 
were likely to be contaminated with adsorbed impu- 
rities. As explained earlier, very little information 
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is known about the effect of adsorbed impurities on 
surface diffusion, and therefore, it is difficult to 
predict how this model should be modified to account 
for such an effect. 

According to this model, the large D, is attributed 
to the entropy terms in Eq. [15]; thus, AS), + AS? 
= 24 e.u. If AS), is considered to be approximately 
zero, as is usually done by Stranski et al. and 
Frank et al.,°* AS? turns out to be unusually large. 
However, if the tracer method measures D,, the 
tracer D, for silver and gold indicates that AS), 
may be as large as 8.2 e.u. and 15.3 e.u., respec- 
tively. Then AS? is in the range of 9 to 16 e.u. Such 
a large, positive increase in entropy for the forma- 


Table IV. Surface Coverages of Oxygen on Silver and Copper 
Under Different Experimental Conditions 


Metal Atmosphere Temperature, °C Po atm** 0 

Ag Vacuum 300 - wee 6 
=10°° atm 

Cu Hydrogen 720 
Dew point: —45°C 

Dew point: —12°C 

Cu Hydrogen 1070 we 
Dew point: —45°C 

Cu Hydrogen 1070 


Dew point: —12°C 


*Calculated from the known dew points of —45° and —12°C. 

**In the case of a hydrogen atmosphere, Po, was computed from the 
ratio Py,0/Pu, and the equilibrium constant for the reaction: 2H,+0, 
= H,0,?° and @ was derived from Po,; in the case of the Ag/vacuum 
system, 9 was assumed to be 10-° and Po, was derived. 
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tion of an absorbed atom may be due in part to the 
lowering of v in the adsorbed state. 

In the treatment given above the surface is viewed 
as a (100) plane with a certain density of widely 
spaced ledges. The actual surfaces will deviate from 
this idealized model, due to the disordering effect of 
thermal fluctuations and the variability surface 
orientation, which will result in a varying density of 
ledges. There are three means by which the surface 
orientation may be altered in these experiments: 

a) The initial surface deviated from a (100) plane 
by 8.5 to 11 deg, depending on the bicrystal. 

b) Repeated mechanical and electropolishing oper- 
ations probably caused the initial surface to fluctuate 
in orientation. 

c) During the thermal grooving treatment, the con- 
tour of the groove changes in orientation by approxi- 
mately 5 deg. 

It is interesting to examine the effect that a vari- 
able spacing of ledges will have on the quantity which 
is measured experimentally, namely, ND, exp 

(-AF? /RT). For widely spaced ledges, a small 
change in spacing should not alter D, or AF}, but 
only Nj. N, should be proportional to the density of 
ledges which in turn is proportional to sin’ 6, where 

6 is the angle the actual surface makes with the 
(100) plane. In calculating D,, N, was taken to have 

a constant value of 27/5, thus, factors a) and b) 
should cause the measured diffusion coefficient D; 

to fluctuate by about + 20 pct, which is approxima- 
tely the scatter observed in Fig. 5. Factor c) indi- 
cates that D; would vary with position in the groove 
and with the time of annealing. Since the Mullins 
treatment is based on the assumption that D, is in- 
dependent of orientation, this particular factor is 
difficult to evaluate, but it should result in the de- 
termination of some average D, for the groove sur- 
face. 

It should be mentioned briefly here that another 
surface imperfection, the vacancy, could contribute 
to the flux of material along the surface. The for- 
mal treatment of the vacancy should be the same as 
given for the adsorbed atom, 7.e., Q, = AH? + AH», 
For a (100) plane in copper it appears that AH f for 

a vacancy should be approximately equivalent to that 
for an adsorbed atom. AH), for a surface vacancy 

is more difficult to evaluate, and thus the contribu- 
tion of vacancies to the surface flux is not known. 


CONCLUSIONS 


1) It has been shown that, once a small contribu- 
tion from volume diffusion is accounted for, the 
thermal grooving process in copper bicrystals an- 
nealed under hydrogen obeys the relationship 

W = k (D,t)**, which was predicted by Mullins for 
matter transport by a surface diffusion mechanism. 
2) Surface self-diffusion coefficients were deter- 
mined from this relationship; they obeyed the Ar- 
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rhenius equation, with Q, = 40.8 + 2 kcal per mole 
and D, = 6.510? sq cm per sec. 

3) It was noted that these results for Q, and D, 
are unusually large when compared to the tracer 
values for these quantities in silver and gold. An 
explanation of this difference in terms of chemisor- 
bed impurities suppressing surface diffusion was 
found not to be a satisfactory interpretation. 

4) Instead, a model was suggested for surface 
diffusion by mass transport methods, whereby two 
processes are involved: a) the formation (or con- 
densation) of an adsorbed atom from a ledge on 
the surface, and b) the subsequent migration of 
atoms in the adsorbed state. This model predicts 
an activation energy equal to AH f + AH». Values of 
AH? and AH,, are estimated, and their sum is shown 
to be consistent with the experimental activation en- 


ergy. 
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Sigma Phases with Aluminum 


K. P. Gupta 


The Cb-rich boundary of the (Cb,Al) oa phase field 
at 1250°C is near 41 pct Al. The Al atoms tend to 
occupy the C.N. 12 sites in this structure. A ho- 
mologous (Ta, Al) o phase was identified. No o phase 
was found in the Mo-Al system at 1200°C. 


Tue first binary o-phase with a non-transition 
element as a major component was found??? in the 
Cb-Al system. The composition of this phase was 
reported? as approximately 34 at. pct Al, based on 
X-ray diffraction patterns taken of alloys in the as- 
cast condition. Further study of the composition of 
this o-phase, therefore, appeared desirable. Since 
Si was previously found*»* to occupy preferentially 
the lowest C.N. sites (I and IV) in the o phase, and 
preliminary results? indicated that Al may show 
similar ordering, one of the aims of the present 
work was to obtain more complete information on 
ordering in (Cb, Al) o. 

Among the binary systems of Al with Ti-, V-, and 
Cr-group elements, the Ti-Al, Zr-Al, V-Al, and 
Cr-Al systems are known to comprise no o-phase. 
In the present work a Ta-Al and a Mo-Al alloy were 
studied in an effort to find additional o phases with 
Alas a major component. 


EXPERIMENTAL PROCEDURES AND RESULTS 


An alloy with the intended composition of Ta + 40 
at. pct Al was prepared by arc melting in He atmo- 
sphere. In both the as-cast condition and after an- 
nealing for 10 days at 1250°C and quenching in cold 
water this alloy consisted of two phases, as seen in 
the X-ray pattern and the microstructure. One of 
these phases was identified as the o-phase; the ob- 
served and calculated d-spacings are shown in 
Table I. The lattice parameters of this o-phase are 
a =9.972.A, c = 5.214 Aand c/a = 0.5228, as deter- 
mined from a Debye-Scherrer pattern using Fe Ka 
radiation. The d-spacings for the unknown second 
phase are given in Table II. The alloy contained ap- 
proximately 25 pct of the unknown phase after an- 
nealing, as estimated on the basis of microscopic 
examination. 

A Mo-Al alloy was prepared by arc melting, with 
an intended Al-content of 35 at. pct. The alloy but- 
ton was annealed for 7 days at 1200°C and water 
quenched. The X-ray pattern of the alloy in both the 
as-cast and the annealed state showed the reflec- 
tions of Mo,Al (Cr,O type structure) and an unknown 
phase different from o. 


Six Cb-Al alloys were prepared in the composi- 
tion range 30 to 50 pct Al. All alloys were arc 
melted in He atmosphere. After annealing for three 
days at 1175°C in evacuated silica capsules and 
quenching in water, the alloys with 30 to 40 pct Al 
contained three phases, namely the o-phase, Cb,Al 
(Cr,O-type structure) and an unknown phase. The 
alloys with more than 40 pct Al contained two phases, 
namely, what appeared metallographically, the o- 
phase and the same unknown phase. In the alloys 
containing less that 38 pct Al, the unknown phase 
was not present after annealing for 4 days at 1250°C, 


Table |. X-ray Powder Pattern for (Ta, Al)o 


K. P. GUPTA is Research Assistant, Department of Metal- 
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dinA 
Observed 
hkl Observed Calculated Rel. Int. 
101 4.554 4.620 vw 
210 4.428 4.459 vw 
111 4.137 4.192 vvw 
220 3.564 3.526 vvw 
211 3.357 3.389 vvw 
310 3.130 3.153 vw 
301 2.815 2.803 vw 
311 2.687 2.698 w 
002 2.590 2.607 w 
400 2.480 2.493 vvw 
112 2.468 2.445 vvw 
410 2.413 2.419 vs 
330 2.350 2.350 s 
202 2.297 2.310 s 
232 2.242 2.250 s 
411 2.188 2.194 vs 
331 2.141 2.143 s 
222 2.091 2.096 vw 
312 2.001 2.001 w 
412 1.773 
440 1.766 1.763 vw 
422 1.692 1.694 vw 
600 1.662 1.662 vvw 
620 1.582 1.577 ms 
540 1.562 1.557 ms 
522 1.512 1.510 s 
532 1.431 1.430 s 
413 1.411 
sso| 1.409 1.410 s 
710 
aa 1.388 1.397 m 
1.388 

640 1.372 1.383 s 
720 1.362 1.370 vw 
622 1.350 1.349 vw 
542 1.328 1.337 vw 
004 1.302 1.303 ms 
1.214 1.213 ms 

1 1.178 
324 1.180 1.179 ms 
414 1.148 1.147 s 
334 1.140 1.140 ms 
1.127 1.125 ms 

1 

742 1.120 1.118 s 
713 
553 1.096 1.095 w 
723 1.078 1.076 w 
930 1.063 1.051 vvw 
842 1.027 1.025 vw 
215 1.017 1.015 vw 
544 1.002 0.999 s 
305 0.995 0.995 s 
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tion of the o-phase in the series of two-phase alloys 
containing o and CbsAl. By extrapolation from such 
data the position of this boundary could be estimated 
Observed Observed to be approximately at 41 pct Al. No attempt was 
Td == made to determine the Al-rich boundary of the o- 
3.843 phase, since the presence of three phases in that 
= composition range indicated that equilibrium could 
1.807 not be reached. 
1.644 The investigation of ordering in the (Cb, Al)o 
1.344 phase was carried out using an alloy containing ap- 
1.164 proximately 5 pct of the Cb,Al phase. A Debye- 
otc Scherrer pattern was taken, using filtered Fe K a 
radiation. In order to reduce the fluorescent radia- 
but in alloys with more than 38 pct Al this unknown tion, which was quite considerable, a 0.0005 in. thick 
phase could not be removed even by annealing for Al-foil filter was used in contact with the film. Many 
10 days. A second set of specimens of all alloys with more lines were observed than previously reported.” 
less than 38 pct Al was annealed for 10 days at The lattice parameters were determined using a pat- 
1250°C in order to assure phase equilibrium. No tern obtained with a symmetrical focussing camera. 
change in the microstructure was observed after this The measured values were a = 9.923A, c = 5.171A 
prolonged heat treatment, as compared with the spec- andc/a =0.5211. The intensities calculated on the 
imens annealed at the same temperature for 4 days. basis of the ordering scheme given in Table IV and 
The composition of the Cb-rich boundary of the o- the observed intensities of the diffraction lines are 
phase at 1250°C was estimated from the volume frac- compared in Table III. 


Table Il. X-ray Powder Pattern of Unknown Phase 
in the Ta-Al System (Fe K a@ Radiation). 


Table Ill. X-Ray Diffraction Powder Pattern of (Cb, Al)o (Filtered Fe Radiation) 


dinA Rel. Int. dinA Rel. Int. 
Observed Calculated Observed Calculated x Calc. 


= 


7.017 
4.962 
4.585 
4.438 
4.163 
3,508 
3.368 
3.138 
2.903 
2.786 
2.752 
2.683 
2.585 
2.481 
2.429 1.234 
2. 426 1.205 
2.407 

1.172 
2.292 1.160 
2.234 

2.219 1.143 
2.182 1.138 
2.131 1.131 
2.081 1.119 
2.039 

= 1.113 
1.985 1.096 


1.946 1.089 


1.884 
1.853 1.047 


1.762 1.034 


1.754 1.018 

1.734 1.010 
1.678 1.684 1.007 
1.653 1.654 1.003 
1.568 1.569 
1.549 1.549 0.998 
1.525 1.528 0.995 
1.498 1.500 0.988 
1.482 1.479 0.982 
1.420 1.422 0.973 


1.400 


Se 


1,399 
1.378 


1.362 
1.342 
1.329 
1.318 


1.306 
1.291 


PONS 


*These reflections were used for calculation of lattice parameters. Order of Relative Intensity: vs —s— ms —w — vw—vvw. 
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hkl 
aie 110 - 1.403 
101 4.543 1.401 
210 4.403 1.388 m 
ae 220 3.480 1.376 
oo 211 3.346 1.363 vw - 
2 310 3.120 1.341 vw - 
221 1.329 vw 
= 301 2.769 1.318 vw - 
320 2.737 
311 2.669 1.302 vw 
a 002 2.571 1.293 ms - 
400 2.467 1,233 vvw - 
321 
= 112 2.445 ms 
410 2.397 . 
330 2.331 1.170 
a 202 2.281 1.160 tw - 
420 
= 411 2.172 1.139 s - 
331 2.124 1.131 ms 
222 2.074 1.118 ms = 
= 430 yes 1.095 vvw - 
1.088 w - 
431 1.069 w - 
412 1.031 vvw 
> a 332 1.019 vw - 
1.002 vw - 
0.998 vw 
0.997 s - 
Wate 0.987 s 
522 
630 ~ 
532 ms 


Table IV. Ordering Scheme for (Cb, Al)o. 


Positions in Pct Occupation 
o-Structure of Each Position 
Cb Al 
I 50.0 50.0 
II 100.0 
Ill 65.6 34.4 
IV 17.0 83.0 
Vv 75.0 25.0 
DISC USSION 


The results show that the o phase in the Cb-Al 
system at 1250°C is located at a higher Al content 
than that previously reported. This difference is 
presumably due to the fact that in the earlier work’ 
unannealed specimens were used and no metallo- 
graphic study was made. It was found in the present 
work that small amounts of the CbsAl phase are dif- 
ficult to detect in the X-ray pattern and thus the 
boundary may appear at a lower Al concentration. 

A few discrepancies were observed in the inten- 
Sities of some of the weak reflections, namely 400, 
112, and 301, where the calculated values are too 
low. Also, the 221 reflection could not be seen even 
though the calculated intensity was quite appreciable. 
Nevertheless, for the great majority of the diffrac- 
tion lines the agreement of the observed and calcu- 
lated intensity was good. Consequently, it appears 
that Al prefers to occupy C.N. 12 positions in the o- 


Barton Roessler and Michael B. Bever 


The effects of deformation by wire drawing at 
78°K on initially ordered and initially disordered 
specimens of the alloy Cu,Au were investigated. 
The resistivity, stored energy, drawing force, and 
microhardness were measured as functions of 
strain; microstructural changes were observed. 
The results are interpreted in terms of the struc- 
tural imperfections and the changes in atomic con- 
figuration resulting from deformation. A few ex- 
periments on the effects of room-temperature an- 
nealing after deformation at 78°K were made; they 
suggest vacancy-promoted ordering in disordered 
alloys. 
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structure, as does Si. This conclusion is in agree- 


The Effects of Deformation at 78K on the Alloy Cu;Au 
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ment with the conclusion recently published by Brown 
and Forsyth,” although they give no data. 


tNote added to proof: 
Since this paper was accepted for publication, two papers concem- 
ing (Ta, Al)o and (Cb, Al)o came to the author’s attention. 
H. Nowotny, C. Bruckl, and F. Benesovsky: Monatshefte Chemie, 
1961, vol. 92, p. 116. 
P. J. Brown and J. B. Forsyth: Acta Cryst., 1961, vol. 14, p. 362. 


Comparison of the X-ray pattern of (Ta, Al)o 
with that of (Cb, Al)o shows that the relative inten- 
sities of the corresponding diffraction lines are the 
same. It may be, therefore, concluded that a similar 
ordering scheme is probably also applicable to the 
(Ta, Al)o phase. 
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An investigation of the effects of deformation at 
room temperature on the alloy Cu, Au was reported 
in a recent paper,’ which included a review of the lit- 
erature on the deformation of order-disorder alloys. 
In general, plastic deformation of ordered alloys re- 
duces the degree of long-range order and causes cor- 
responding changes in their properties. Deformation 
of disordered alloys changes their properties in a 
manner characteristic of solid solution alloys; these 
changes can in part be attributed to the destruction of 
short-range order. 

The effects of deformation on solid solution alloys 
are of two kinds: 1) generation of structural imper- 
fections, which occurs as a result of deformation in 
any metallic system including pure metals, and 
2) changes of atomic configuration, which are charac- 
teristic of solid solutions and particularly of order- 
disorder systems. These two types of effect are not 
independent of each other and the state of a deformed 
solid solution alloy is determined in a complex man- 
ner by the way in which the structural imperfections 
cause changes in atomic configuration both during and 
after deformation. 
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The investigation reported here was concerned with 
the effects of deformation by wire drawing at the tem- 
perature of liquid nitrogen on initially ordered and ini- 
tially disordered specimens of the alloy Cu,Au. The 
resistivity, stored energy, drawing force and micro- 
hardness were measured and metallographic changes 
were observed. A few experiments on the effects of 
room-temperature annealing of specimens deformed 
at 78°K were also carried out. 


EXPERIMENTAL PROCEDURES 


1) Preparation of Specimens. An ingot of composi- 
tion Cu, Au was prepared from high-purity copper and 
gold. It was homogenized by annealing for 60 hr at 
850°C. All heat treatments described in this section 
were carried out in an atmosphere of 15 pct H,, 85 pct 
N,. The homogenized ingot was swaged and drawn 
to various starting sizes suitable for subsequent wire 
drawing. According to chemical analysis the alloy 
was within 0.1 at. pct of the ideal stoichiometric ra- 
tio. A spectrographic analysis showed that no signifi- 
cant contamination had occurred during preparation 
of the alloy. 

In order to make all specimens as nearly alike as 
possible, they were given a final recrystallization 
treatment of 1 hr at 570°C after being strained to a 
logarithmic strain of 1.73. They were quenched into 
distilled water to give the disordered condition. (In 
this paper the term “disordered”, used for quenched 
specimens, is intended to indicate the absence of 
long-range order, but it should be recognized that 
these specimens contain short-range order.) The 
intercept grain size was 0.036 mm. The starting 
sizes of the specimens were chosen so that subse- 
‘quent drawing to a final diameter of 0.0361 in. re- 
sulted in a range of strains up to 2.4. A thin oxide 
layer on the surface, presumably formed during the 
quench, was removed by sanding. 

Half of the quenched specimens were given a heat 
treatment designed to produce long-range order. They 
were held for 16 hr at 455°C, that is about 60°C above 
the critical temperature. The temperature was first 
lowered to 380°C in a few hours; the specimens were 
then cooled slowly to 150°C over a total period of 
346 hr and furnace cooled to room temperature. De- 
tails of the ordering treatment have been reported.? 

2) Wire Drawing at 78°K. Wires were drawn under 
liquid nitrogen through tungsten carbide dies with 
powdered graphite as lubricant. In each pass, the 
strain increment was approximately 0.17. All wires 
were drawn at a speed of 16 in. per min to a final 
diameter of 0.0361 in., measured at room tempera- 
ture. The wire drawing equipment and operation have 
been described in detail.? 

3) Measurements. Resistance. After the final pass, 
a jig with knife edges for making potential contacts 
about 8 in. apart was clamped on the specimen, which 
remained submerged under liquid nitrogen in the 
drawing tank. The resistance was measured by a po- 
tentiometric method. Each measurement was re- 


1050-VOLUME 221, OCTOBER 1961 


peated several times; the results were reproducible 
to about 0.17 pct. 

Stored Energy. The energy stored by drawn wires 
relative to annealed wires was measured by tin solu- 
tion calorimetry.* The calculations were performed 
on a digital computer. 

The drawn wires were cut under liquid nitrogen into 
pieces suitable for calorimetry. They were added to 
the calorimeter from the temperature of liquid nitro- 
gen by a procedure previously described.**5 Most 
specimens were added to the calorimeter within 24 
hr after drawing, but a few were stored for as long as 
6 days; the specimens remained under liquid nitrogen 
at all times. 

The calorimeter was calibrated at the beginning 
of each run with a known weight of tin added from 0°C. 
Annealed and drawn specimens were then added alter - 
nately. Specimens quenched from 570°C and not 
strained subsequently were used as the reference of 
zero energy for disordered wires, and ordered spe- 
cimens in the unstrained condition as the reference 
for ordered wires. The heat effect of each addition 
was plotted at a composition halfway between that ex- 
isting before and that existing after an addition. 
Straight lines drawn through the experimental points 
represented the heat effects on adding strained or un- 
strained samples. The difference in these heat effects 
at any given concentration gave the stored energy of 
the deformed specimens. The energy of ordering was 
determined in a similar manner by adding alternately 
unstrained disordered and ordered specimens. 

Drawing Force. The drawing force was measured 
with a strain-gauge load-cell. The measured values 
represent steady-state conditions; sudden temporary 
variations caused by changes in friction due to 
changes in lubrication were ignored. 

Microhardness and Metallographic Observations. 
After being drawn, pieces were cut from the end of 
each wire for microhardness testing. They were re- 
moved from the liquid nitrogen bath and mounted on 
a steel plate with an epoxy resin having a negligible 
heat of setting. Samples were polished, etched with 
iodine in methy] alcohol, and lightly repolished. Ten 
to fifteen impressions were made on each sample 
with a load of 200 g and the long axis of the Knoop 
indenter normal to the wire axis. Two to four samples 
were tested at each strain. After microhardness test- 
ing, samples were etched again and examined metal- 
lographically. 

4) Room-Temperature Annealing. A few experi- 
ments were made to explore the effects of annealing 
for 1 hr at room temperature on specimens deformed 
under liquid nitrogen. The resistance was measured 
at 78°K before and after this annealing treatment. 
Specimens were prepared for calorimetry from these 
wires by the same procedure as that used for speci- 
mens deformed at 78° K and not annealed. 


RESULTS AND DISCUSSION 


1) Initial State of Order. Measurements of the re- 
sistance were made at room temperature as a check 
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Fig. 1—Resistivity measured at 78°K of initially ordered 
and initially disordered Cu, Au as a function of strain 
(a) at 78°K and (b) at room temperature, from Ref. 1. 


on the state of order of the specimens. Twenty wires 
of various starting sizes in the ordered condition had 
an average resistivity at 20°C of 4.21 microhm-cm. 
A comparison with published values’’® indicates a 
high degree of long-range order. A wire quenched 
from 570°C was also checked; it had a resistivity at 
20°C of 11.21 microhm-cm. Measurements of the re- 
sistance of ordered and disordered specimens made 
at 78°K gave slightly smaller values than those re- 
ported in an earlier paper.? 

A diffraction pattern of a quenched wire was made 
on a Norelco recording diffractometer with copper 
radiation and a nickel filter; the goniometer speed 
was 1/4 deg per min. No intensity above background 
was observed at the positions of the first four super- 
structure lines, demonstrating the absence of long- 
range order. 

The difference in energy content between ordered 
and disordered specimens was determined in two 
runs. In one run samples were added to the calori- 
meter from 0°C, in the other from 78°K. The two 
runs gave values of 399 and 382 cal per g-atom, re- 
spectively. These values may be compared with ear - 
lier values determined in this laboratory on speci- 
mens prepared in different ways and presumably hav- 
ing different degrees of long-range and short-range 
order; these values are 562,”7 570,® and 482° cal per 
g-atom. Several changes in the calorimetric tech- 
nique and calculation have been made and may account 
for a small part of the differences, but the major part 
was due to differences in the state of order of the spe- 
cimens. 

In order to explore the nature of these differences, 
the effects of the disordering temperature and the 
quenching operation on disordered specimens were 
briefly investigated. Specimens of the alloy were 
sealed in evacuated pyrex tubes and quenched from 
490°C. They were used in a calorimetric run in which 
the reference material consisted of the disordered 
specimens which had been quenched from 570°C. The 
energy content of the specimens quenched from 490°C 
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Fig. 2—Stored energy of (a) initially ordered and (b) initial- 
ly disordered Cu, Au as a function of strain at 78°K. Values 
for straining at room temperature from Ref. 1 also shown. 


was 177 cal per g-atom higher than that of the speci- 
mens quenched from 570°C. When this amount is ad- 
ded to the energy of ordering measured in this inves- 
tigation, a value of 568 cal per g-atom is obtained. 

The difference in disordered specimens thus is re- 
lated to the holding temperature before quenching; in 
the temperature range of interest, higher tempera- 
tures appear to lead to greater degrees of order than 
lower temperatures, presumably owing to kinetic ef- 
fects. Related observations have been reported onthe 
basis of X-ray diffraction measurements? and of ener - 
gy contents.!° Preliminary experiments indicate that 
the condition of quenched (disordered) Cu, Au may 
also change with time at room temperature." 

These considerations show that the state of order 
of the quenched alloy used in the investigation re- 
ported here differed from that of the specimens used 
in the investigation of deformation of Cu, Au at room 
temperature.! 

2) Effects of Deformation. Resistivity. Fig. 1 
shows the resistivity of initially ordered and initially 
disordered Cu, Au at 78°K as a function of strain; all 
but two points represent the average of measurements 
on at least two specimens. The resistivities at 78°K 
were obtained from resistance measurements made 
under liquid nitrogen using the dimensions measured 
at room temperature and corrected to 78°K.? Fig. 1 
also shows resistivities measured at 78° K after wire 
drawing at room temperature.’ Although the absolute 
values of the resistivity may be in error by 1.5 pct 
mainly through inaccuracies in measuring specimen 
dimensions, the measurements of changes in the re- 
sistivity of specimens of identical diameter were lim- 
ited only by the scatter of the resistance measure- 
ments, which was +0.17 pct. 

Stored Energy. Fig. 2 shows the stored energy of 
initially ordered and initially disordered Cu, Au as a 
function of strain at 78°K. Corresponding data for 
wire drawing at room temperature are also shown. 

The stored energy of ordered and disordered spe- 
cimens increases with strain at 78°K. The increase 
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Fig. 3—Microhardness measured at room temperature as a 
function of strain at 78°K. 


is linear in ordered specimens for strains up to about 
1.0 and in disordered specimens for strains up to 
about 0.8. The linear sections of the two curves have 
the same slope of about 470 cal per g-atom per unit 
strain. Ordered wires store approximately 340 cal 
per g-atom more energy than disordered wires at 

the largest strain investigated. 

Expended Energy. The energy expended was calcu- 
lated from the measured values of the drawing force 
in a manner previously described.® The force included 
a contribution from friction external to the die. The 
energy expended in drawing initially ordered wires 
was greater than in drawing initially disordered wires 
at all strains and demonstrated the greater work hard- 
ening tendency of the ordered alloy. 

The values of the stored energy were taken from 
the smooth curves of Fig. 2. A plot of the ratio of 
stored to expended energy as a function of strain was 
made. Although the data showed large scatter result- 
ing from difficulties in measuring the drawing force, 
initially disordered wires had a larger ratio of stored 
to expended energy than initially ordered wires at 
strains less than about 1.0, and a smaller ratio at 
larger strains. The ratio decreased with increasing 
strain from 0.13 (initially ordered) and 0.20 (initially 


Fig. 4—Photomicrograph of a specimen of initially dis- 
ordered Cu; Au drawn to a strain of 0.50 at 78°K. Magnifi- 
cation X500. Reduced approximately 5 pct for reproduction. 


disordered) at a strain of 0.15 to 0.09 (initially or- 
dered) and 0.05 (initially disordered) at a strain of 
2.43. 

Microhardness. Fig. 3 shows the microhardness 
measured at room temperature of initially ordered 
and initially disordered specimens as a function of 
strain at 78°K. The points represent averages of 
measurements on two to four different specimens. 

Ordered and disordered specimens in the un- 
strained condition had the same microhardness within 
experimental scatter. The ordered specimens strain 
hardened more rapidly than the disordered specimens 
as in deformation at room temperature.’ The micro- 
hardness of ordered and disordered specimens ap- 
proached constant values at a strain of about 1.5. 

Metallographic Observations. Disordered speci- 
mens drawn at 78°K showed lamellar strain mark- 
ings resembling deformation twins similar to those 
observed previously in Cu, Au® and in silver-gold al- 
loys.! In disordered wires drawn to a strain of 0.15 
a few markings were visible near the wire surface. 
After straining to 0.83, markings were visible through- 


Table |. Resistivity of Cu,Au Strained at 78°K and Annealed 1 hr at 30°C 


Resistivity at 78°K, 
after Straining, 
microhm-cm 


Resistivity at 78°K, 
after Annealing 1 hr at 30°C, 
microhm-cm 


Difference 
microhm-cm 


Initially Ordered 


0.067 
0.158 
0.197 


Initially Disordered 


0.046 
0.096 
0.121 
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In A/A, 
aa 0.150 2.676 2.609 
0.345 5.179 5.021 
ie. 0.500 6.275 6.078 
0.150 9.540 9.494 
= 0.345 9.736 9.640 
aa 0.500 9.874 9.753 


Table Il. The Stored Energy of Cu,Au Strained at 78°K to 0.50 
and Annealed 1 hr at 30°C 


Stored Energy, Stored Energy, 


after Straining at 78°K, after Annealing 1 hr Difference 

cal/g-atom at 30°C, cal/g-atom cal/g-atom 
Initially Ordered 245 205 40 
Initially Disordered 235 121 114 


*Values from smooth curve in Fig. 2 


out the entire cross section. Fig. 4 shows the mark- 
ings in a disordered specimen strained to 0.50. La- 
mellar markings were not observed in ordered spe- 
cimens, but this should be regarded as a tentative re- 
sult since the microstructure was not always clearly 
revealed because of etching difficulties. 

3) Effects of Room-Temperature Annealing. Table 
I presents the effects of annealing for 1 hr at 30°C on 
the resistivity of initially ordered and initially disor - 
dered wires drawn at 78°K. The resistivity of all 
specimens decreased. This decrease was approxi- 
mately 1 1/2 times as large in ordered as in disor - 
dered wires and increased with increasing strain. A 
plot of the observed resistivity decrease due to room 
temperature annealing as a function of strain shows 
a decreasing slope with increasing strain. 

Table II presents the effects of annealing at 30°C 
on the stored energy of specimens drawn to a strain 
of 0.50 at 78°K. Annealing caused a decrease of the 
stored energy in ordered and disordered specimens. 
The decrease was larger in disordered specimens. 

4) General Discussion. A comparison of the effects 
of deformation at 78"K on initially ordered and ini- 
tially disordered Cu, Au with the corresponding ef- 
fects of deformation at room temperature? is of in- 
terest in understanding the nature of the deformed 
state. The changes in resistivity and stored energy 
resulting from room-temperature annealing of speci- 
mens deformed at 78° K can be interpreted in terms 
of structural imperfections and changes in atomic 
configuration. 

Resistivity. The existence of a shallow maximum 
at low strain followed by a gradual increase in re- 
sistivity with further straining of disordered Cu, Au 
at room temperature, Fig. 1(b), has been established 
in other investigations.’»!5 A similar maximum has 
been observed with neutron bombardment at 40°C.'4 
The absence of a maximum after deformation at 78° K, 
Fig. 1(@), supports the suggestion that the maximum 
at room temperature involves the movement of va- 
cancies generated during deformation. The effect of 
the concentration of dislocations on this movement 
and the resulting changes in short-range order and 
resistivity are discussed in detail elsewhere.” 

Stored Energy. The stored energy of ordered 
wires drawn at 78°K increases with strain at a faster 
rate than the energy of ordered wires drawn at room 
temperature, Fig. 2(a). The ordered specimens 
strained to 2.20 stored about 300 cal per g-atom more 
at 78°K than at room temperature. In a comparison 
of the energy stored by initially disordered speci- 
mens at the two temperatures, Fig. 2(b), allowance 
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should be made for the difference of about 180 cal 
per g-atom in the energy content of the disordered 
specimens used in this investigation and those used 
in the investigation of deformation at room tempera- 
ture; on this basis the disordered specimens strained 
to 2.20 stored 230 cal per g-atom more energy at 
78° K than at room temperature. 

The presence of imperfections “frozen in” during 
deformation at 78° K but not retained during deforma- 
tion at room temperature can account for the larger 
stored energies observed at the low temperature in 
both ordered and disordered specimens. In particular, 
it is likely that vacancies generated during deforma- 
tion at 78°K are retained. It is also possible that the 
number and arrangement of dislocations resulting 
from deformation at the low temperature differ from 
those resulting from deformation at room tempera- 
ture.’5 The metallographic observation of twin-like 
lamellae in disordered wires suggests the possibility 
of twin and deformation faulting on a submicroscopic 
scale and hence capable of contributing to the stored 
energy. 

In considering the effect of the temperature of de- 
formation on initially ordered specimens, a plot of the 
stored energy vs resistivity, shown in Fig. 5, is use- 
ful. The curve represents smoothed data for deforma- 
tion at room temperature; the points show, for the 
measured values of the resistivity, the values of the 
stored energy taken from the smooth curve in Fig. 
2(a) at identical strains after deformation at 78°K. 
The coincidence at the two temperatures is striking. 
In contrast, the curves of stored energy vs resistivi- 
ty of disordered specimens, not shown here, do not 
coincide at the two temperatures. 

The coincidence of the stored energy as a function 
of the resistivity of ordered specimens at 78° K and 
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room temperature suggests that the main mechanism 
of energy storage in these specimens depends only 
slightly on the temperature of deformation and is 
mainly due to the destruction of order. In this regard, 
the reduction of domain size by slip seems to be a 
likely mechanism. Since the disorder introduced in 
this way is confined to regions near the active slip 
planes, it is probable that regions of relatively per- 
fect long-range order still persist in an initially or- 
dered specimen after deformation. Although plastic 
deformation of initially ordered specimens causes 
various properties to approach values approximately 
equal to those of the disordered state, the measure- 
ments of the microhardness and drawing force indi- 
cate that at the largest strain investigated, the de- 
formed states of initially ordered and initially dis- 
ordered specimens are, in fact, still significantly 
different. 

Ratio of Stored to Expended Energy. Before the ra- 
tio of stored to expended energy at 78°K is compared 
with the ratio at room temperature, an error in the 
calculations of the latter must be corrected.’® This 
correction requires that the values plotted in Fig. 4 
of Ref. 1 be multiplied by twelve. A comparison of 
the values of the ratio for deformation at the two tem- 
peratures is complicated by the fact that the expended 
energy was determined by different procedures. At 
room temperature the approximate expended energy 
was determined as the area under the curve of the 
yield strength vs strain of wires drawn to various 
strains; at 78°K the expended energy was calculated 
from measured values of the drawing force. The ex- 
pended energy calculated for room temperature de- 
formation is more nearly the ideal work than is the 
expended energy calculated from the drawing force 
since the latter calculation includes also friction 


losses and redundant work. (The ideal work, as under- 


stood here, is the work required for the pure shape 
change, while the redundant work is the plastic work 
spent in excess of the ideal work.) 

A calculation of the expended energy should include 
the ideal work and the redundant work since both are 
expended in deforming the specimen. If such a calcu- 
lation could be made for deformation at room tem- 
perature, the resulting ratio of stored to expended 
energy for room temperature would be lower than 
the corrected values of Ref. 1, which do not take re- 
dundant work into account. On the same basis, the 
values of the ratio for 78°K should be somewhat high- 
er than reported in this paper since frictional losses 
have been included in the expended energy. 

Although the comparison of the numerical values 
is complicated by the difference in the calculation of 
the expended energy, the ratio of stored to expended 
energy as a function of strain shows the same gene- 
ral behavior at 78°K as at room temperature, if the 
smoothed data for room temperature are used, see 
“Note added in Proof”, Ref. 1. Specifically, at both 
temperatures the ratio is larger for disordered than 
for ordered specimens at low strains; this relation 
reverses at an intermediate strain. 

Annealing at Room Temperature. The decreases 
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in the stored energy and resistivity resulting from 
annealing at room temperature can be attributed in 
part to the instability of the initially disordered alloy 
with respect to the degree of order. Vacancies which 
are created and retained during deformation at 78°K 
may be expected to anneal out at room temperature. 
When they do so, the energy content decreases by an 
amount equal to the energy of the vacancies. In addi- 
tion, the movement of the vacancies provides a me- 
chanism for increasing the short-range order, which 
in turn reduces the energy content. In initially or- 
dered specimens, on the other hand, even after defor 
mation, the degree of local order is still likely to be 
high compared to that in initially disordered speci- 
mens, and the movement of vacancies is likely to in- 
crease the local order only slightly. Most of the de- 
crease of the stored energy of deformed, initially or- 
dered specimens, therefore, is that due to the loss of 
the vacancies alone. Consequently, the decrease in 
stored energy which results from annealing at room 
temperature should be smaller in ordered than in 
disordered specimens, as was observed. 

If the decrease of 40 cal per g-atom in the initially 
ordered specimens strained to 0.50 is attributed to 
vacancies and a value of 23,000 cal per g-atom is 
taken as their energy, a vacancy concentration of 
0.002 results. If the effect on the resistivity of this 
concentration is calculated from a recent estimate 
for pure copper,!” a value of 0.3 microhm-cm results 
and compares with the observed decrease in resisti- 
vity of 0.2 microhm-cm resulting from annealing. 
The approximate nature of the assumptions should be 
emphasized; also any contributions to the energy de- 
crease due to the rearrangement of other imperfec- 
tions during annealing have been ignored. A corre- 
sponding calculation for disordered specimens gives 
a value about six times larger than the observed re- 
sistivity decrease; such disagreement is to be ex- 
pected since vacancies play a more complex role in 
the annealing of disordered specimens than is as- 
sumed in the calculation. 

Long-range order lowers the resistivity of Cu, Au 
primarily because a more perfectly periodic poten- 
tial is established. Vacancies and other imperfec- 
tions introduced by deformation disturb this periodi- 
city and thus increase the resistivity. Although it is 
not known whether vacancies are more effective scat - 
terers in ordered than in disordered Cu, Au, if it is 
assumed that adding vacancies to ordered and dis- 
ordered Cu, Au has the same effect as changing the 
solute concentration,!® then vacancies introduced dur - 
ing deformation should cause a larger change in the 
resistivity of ordered than of disordered specimens. 
In addition, the increase in short-range order promo- 
ted by the annealing out of vacancies may increase 
the resistivity of disordered specimens in accord- 
ance with the reported effect of short-range order on 
resistivity.'®° These considerations explain why the 
resistivity decrease resulting from annealing at room 
temperature is smaller in disordered than in ordered 
specimens. The argument involves the assumption 
that the deformation process is similar in ordered 
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and disordered specimens as regards the introduc- 
tion and behavior of vacancies. 


SUMMARY AND CONCLUSIONS 


The effects of wire drawing under liquid nitrogen 
on initially ordered and initially disordered speci- 
mens of the alloy Cu, Au have been investigated. 

The resistivity measured at 78°K of initially or- 
dered specimens increased from 1.658 microhm-cm 
in the unstrained condition to 10.517 microhm-cm at 
a strain of 2.43. The resistivity of initially disor - 
dered specimens increased from 9.354 to 10.452 mi- 
crohm-cm at a strain of 2.43. 

The stored energy of ordered and disordered spe- 
cimens increased with strain. At a strain of 2.43, 
initially ordered specimens stored approximately 
340 cal per g-atom more than initially disordered 
specimens. 

The energy expended in drawing was larger for 
initially ordered than for initially disordered speci- 
mens and demonstrates the greater work hardening 
tendency of ordered specimens. 

The microhardness of unstrained ordered and dis- 
ordered specimens was the same within experimental 
scatter. The microhardness of initially ordered spe- 
cimens was higher than that of initially disordered 
specimens at all strains; this also demonstrates the 
greater work hardening tendency of ordered speci- 
mens. 


Metallographic observations showed lamellar strain 
markings resembling deformation twins in disordered 


specimens after deformation under liquid nitrogen. 

The stored energy and the resistivity of specimens 
drawn under liquid nitrogen and annealed 1 hr at 
room temperature decreased as a result of such an- 
nealing. 


Strain Aging Effects in Arc-Cast Molybdenum 


G. W. Brock 


Experiments in the form of aging of overstrained 
tension specimens and elevated temperature tension 
testing, have been carried out on recrystallized arc- 
cast molybdenum. The aging behavior of molybdenum 
was found to be strongly dependent on the degree of 
plastic strain present in the lattice: the reason for 
this being the low solid solubility for the common 
interstitial elements in molybdenum. 
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The experimental observations on the effects of de- 


formation at 78°K are compared with results ob- 
tained at room temperature in an earlier investiga- 
tion and can be related to structural imperfections 
and changes in atomic configuration. The interpre- 
tation of the annealing experiments demonstrates 
the importance of the movement of vacancies as a 
mechanism in establishing short-range order. 
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Tue term strain aging is familiar in connection with 
the recovery of the yield point in mild steel after 
tensile overstraining, and there are other instances 
where it is known to exert an appreciable effect on 
mechanical properties. For example, steel exhibits 
a greater tensile strength at mildly elevated tem- 
peratures than at room temperature and serrated 
stress-strain flow curves occur under certain con- 
ditions. It has been known for a number of years 
that the phenomenon of strain aging is directly con- 
nected with the presence of carbon and nitrogen in 
the lattice; and extremely small amounts of either 
element are sufficient to produce the effect. 

In this study, the aging behavior of overstrained 
tensile specimens of recrystallized molybdenum has 
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Fig. 1—Details of test specimens. (a2) Tensile specimen, 
(5) Aging specimen. 


been used to explain the rather weak strain-aging 
effects which occur during elevated-temperature 
tension testing. 


SCOPE OF THE INVESTIGATION 


a) Tension tests were carried out between -—184 °C 
and 985°C on molybdenum to determine what effects, 
if any, strain aging may have on tensile properties. 

b) Elevated-temperature tension tests were car- 
ried out on tension specimens, which had been sub- 
jected to a nitriding treatment, in an attempt to de- 
termine the effect of interstitial solute enrichment 
on the strain-aging behavior of molybdenum during 
tension testing. 

c) Strain-aging experiments were carried out on 
overstrained tension specimens in order to analyze 
the results obtained under headings a) and b) and al- 
so to investigate the reason for the apparently weak 
strain-aging effects in molybdenum relative to those 
occurring in iron and columbium. 


MATERIAL AND SPECIMEN PREPARATION 


The material used for these series of tests was 
arc-cast molybdenum rod swaged to 1/4-in. diam- 
eter. For the first series of tension tests, speci- 
mens of the form of Fig. 1 (a) were finish machined 
and recrystallized at 1530°C in a vacuum of 5 by 107° 
mm of Hg for 20 min. This treatment gave a grain 
size of ASTM 6-7 on a transverse cross section, and 
ASTM 3-6 on a longitudinal cross section. The 
chemical analysis of these specimens, which was 
carried out by the Westinghouse Laboratories, was 


Designation Carbon Nitrogen Oxygen 
Group 1 0.0054 pct 0.0012pct 0.0079pct 


all values being in wt pct. 
For the second series of tension tests an attempt 
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was made to nitride the above material in the follow- 
ing manner: tension specimens having a diameter of 
0.165-in.were placed in a dilute atmosphere of nitro- 
gen in argon for 72 hr at 1070°C. After cooling, the 
specimens were fully recrystallized at 1230°C for 
3 hr in a vacuum of 5 by 10°°mm of Hg. The speci- 
mens were then machined down to 0.125-in. diam 
and given a further heat treatment of 1 hr at 1230°C 
to remove any surface machining effects. A similar 
grain size to the previous specimens was obtained. 
The following chemical analysis was obtained on 
these specimens: 


Designation Carbon Nitrogen Oxygen 
Group 2 0.0054pct 0.0018pct 0.0069 pct 


Tensile tests on specimens given the same heat 
treatment as group 2, but without the heat treatment 
in the argon-nitrogen atmosphere, gave similar re- 
sults to group 1 specimens. 

It can be seen that the above analysis is very simi- 
lar to the previous one. However, the results ob- 
tained on these specimens were so vastly different 
from the nonatmosphere treated specimens that the 
following two possibilities exist. a) The additional 
heat treatment of 1070°C for 72 hr has served to in- 
crease the amount of interstitials in solution at the 
expense of any carbides, nitrides, and oxides pres- 
ent; or b) the mixture of argon and nitrogen used for 
nitriding was impure enough in carbon and oxygen 
that all three interstitial elements succeeded in 
penetrating into the grain boundaries of the molyb- 
denum, the increase of the amount in solution being 
Small enough to be lost in the experimental error 
of the chemical analysis. The above two points im- 
ply that distribution of interstitials is equally im- 
portant as or more important than nominal analyses. 

For the aging tests on overstrained tension speci- 
mens it was necessary to use a new heat of molyb- 
denum which had the following chemical composition. 


Designation Carbon 
Group 3 0.0201 pct 0.0201pct 0.0011 pct 


Nitrogen Oxygen 


The specimens were machined to the form of Fig. 
1@ and polished 0.001-in.below the nominal diameter 
at the center to facilitate yielding there rather than 
at the radii. The specimens were fully recrystallized 
by annealing 4 hr at 1230°C in a vacuum of 5 by 10° 
mm of Hg to give a similar grain size to the previous 
sets of specimens. 

Experimental Methods— Tension tests were car- 
ried out in an Instron testing machine at a strain 
rate of 0.02-in. per in per min. The cross-head 
movement of the machine was taken as the measure 
of specimen elongation. For temperatures above 
480°C a protective argon atmosphere was used to 
prevent oxidation of the test specimen. 

Strain aging was measured as a function of time, 
temperature, and plastic strain. To do this, tension 
specimens were strained to values of approximately 
2, 21/2, 5, 10, and 15 pct true strain, as measured 
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by the natural logarithm of the ratio of original area 
to final area, and all five specimens heated in a tube 
furnace at a constant temperature in a vacuum of 

5 by 10 ° mm of Hg for a given time. This process 
was repeated on other sets of similarly strained 
specimens until a sufficiently large range of time 
had been covered at any given temperature. 

The following procedure was used to measure 
the specimen temperature and aging time. 

A chromel-alumel thermocouple was tied to one of 
the five specimens. The furnace temperature was 
then increased to 500°C, and after about 15 min 
soaking time at this temperature, the furnace was 
heated very rapidly to bring the specimen to the re- 
quired aging temperature as quickly as possible. For 
the initial periods of aging, the temperature was con- 
trolled manually to prevent serious temperature 
fluctuation about the set value of aging temperature. 
At the completion of the aging period, the hinged- 
tube furnace was opened to cool the specimen down 
to room temperature. 

Using the above method, it was possible to meas- 
ure aging times to within +15 sec., and the aging 
temperature was kept within +5°C. No allowance 
was made in the aging for warm-up and cooling- 
down times. 

Results and Discussion of Tensile Tests—Gvroup J 
specimens: Fig. 2(a) shows that the material pos- 
sessed a pronounced upper and lower yield point in 
the temperature range —100°to 350°C; however, there 
were indications of discontinuous yielding up to 
930°C although no yield-point drop was detected. 

The values of ultimate strength and yield point fall 
rapidly between the temperature range -—100° to 
300°C, and then level off to a much more gradual 
decrease. The yield points, however, show a slight 
strengthening effect between 100° and 300°C. 

The pct elongation has a minimum value at 920°C; 
other authors report a minimum in this quantity at 
920°C,* 800°C, and 1200°C.” 

In the temperature range of 760°C and 870°C it was 
noticed that the flow curve was serrated, similar to 
the blue-brittle range in steel; serrations in the flow 
curve of molybdenum have been reported between 
540°C and 1090°C.* 

Group 2 specimens (heat treated in argon-nitrogen 
atmosphere): Fig. 3 shows the tensile results ob- 
tained on these specimens. It is of interest to com- 
pare these results with those obtained on the material 
of group 1, Fig. 2. 

It can be seen that there has been a considerable 
increase in the value of the upper and lower yield 
points, and the appearance of the yield-point phe- 
nomena extended from the region of 350° to 900°C. 
This would indicate that the amount of interstitial 
atoms in the grain-boundary regions or in solid sol- 
ution has increased, thereby resulting in more 
powerful pinning of dislocations and strengthening of 
subgrain boundaries. 

The reduction of area curves of Figs. 2(b) and 
3(b), indicate a decrease of about 10 pct occurring 
in both materials at about 500° and 560°C, respec- 
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Fig. 2—Tensile data at elevated temperature for recrys- 
tallized molybdenum. 


tively. Fig. 3(b) shows additional minimums in the 
reduction of area at 90° and 960°C in the material 
of group 2. 

The pct elongation curve of Fig. 3(b) shows that 
the Argon- Nitrogen treatment has shifted the mini- 
mum from 920° to 840°C and introduced another 
minimum between 100° and 200°C. 

Fig. 4 indicates the differences obtained in the 
ultimate strength of the material of groups 1 and 2. 
Apparently there has been some strengthening in the 
region of 310° to 980°C with a maximum occurring 
at 740°C. There is also evidence of a slight hump in 
the ultimate strength at approximately 540°C; this 
also shows up in the iso-strain curves of Fig. 5. 

Other authors’’* have investigated the true stress- 
strain curves for molybdenum by means of the em- 
pirical equation.* 

o = Ae” 
where: 

o = true stress 

A= constant 

€ = natural strain 


n = exponent related to the strain-hardening ca- 
pacity of the material. 


In the temperature regions of powerful interaction 
between dislocations and solute atoms, the work 
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(2) 


() 0 200 300 400 500 600 700 800 900 00 0 
Temperature, °C 

Fig. 3—Elevated temperature-tensile properties of molyb- 

denum heat treated in A-Nz atmosphere. 


hardening capacity of the material would be expec- 
ted to be high, resulting in increased values of n. 
Pugh,’ using a strain rate of approximately 0.02- 
in. per in. per min, reports m to have a maximum 
only at 539°C for recrystallized arc-cast molyb- 
denum, whereas Bechtold® using a strain rate of 
0.2-in. per in. per min reports a maximum only at 
150°C for recrystallized sintered molybdenum. The 
impurity content of the two materials were about 
the same. However, the hydrogen content was not 
specified by Bechtold, and this may be considerably 


sintering is carried out in a reducing hydrogen 
atmosphere. It is difficult to reconcile the behavior 


50 
| O6%Siron @ 4% 
be, 

10 

200 400 600 800 1000 


Temperature °C 
Fig. 5—Stress values at various amounts of plastic strain. 
Molybdenum heat treated in A-N, atmosphere. 
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higher in sintered than in the arc-cast material since 


@ 


O Ultimate Strength (H.T. in A-N2 Atmosphere) 
A Ultimate Strength (Without above treatment) 


1000 psi 


8 


40 


Tensile Strength 


fe) 2 4 6 8 10 12 
Temperature, '!00°C 


Fig. 4—Effect of interstitial solute enrichment on the ten- 
sile strength of molybdenum. 


of the exponent 7 in these cases, even allowing for 
the difference in strain rate. Presumably it is 
greatly affected by small changes in composition 
and the distribution of interstitials in the two ma- 
terials. 

Collecting the significant points together from the 
tensile data, we have 

a) Evidence of a slight peak in strength at about 
540°C. 

b) Small increase in ultimate strength, caused by 
heat treating in an argon-nitrogen atmosphere, in the 
temperature range 310° to 980°C with a maximum 
increase at about 740°C. 

c) Minima in the pct reduction of area at approxi- 
mately 90°, 500°, 560°, and 960°C. 

d) Minima in the pct elongation at approximately 
150°, 840°, to 920°, and 1200°C if the data from Ref. 2 
are included. 

e) Serrated stress-strain curves between 760° to 
870°C. 

It would appear from a study of the above observa- 
tions that some form of hardening or instability is 
taking place in the temperature regions of 90° to 
150°, 500° to 560°, 740° to 955°, and 1200°C, which 
has the characteristics usually associated with 
strain aging. 

The phenomena of serrated stress-strain curves 
(called blue brittleness in steel) is known as the 
Portevin- LeChatelier effect. Cottrell® has shown in 
the case of mild steel, that the strain rate and tem- 
perature at which this effect occurs can be related 
by the equation 


é = 


where: 
€ =strain rate, sec 
D, = diffusion coefficient of nitrogen at infinite 
temperature 
= activation energy for diffusion of nitrogen in 
q@ iron 
T = absolute temperature, °K 
R = gas constant, 1.986 cal per deg C per mol 
The Portevin- LeChatelier effect might be expec- 
ted to occur in the temperature region of maximum 
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Table |. Activation Energies for Interstitial Diffusion Calculated from Elevated 
Temperature Tensile Properties & Compared With Published Values 


Metal Temperature Deg. Kelvin Ref. Activation Energy Cals/mol Ref. 
Peak in Serrations in 
Strain Hardening Ductility Stress Strain Calculated Published 
Exponent Minimum Curves From é = 10°D Values 
Tungsten 820 14 39000 39600 (Carbon) 7 
500 500 15 24000 25700 (Oxygen) 17 
Tantalum 820 820 15 39000 39500 (Carbon) 17 
37500 (Nitrogen) 17 
830 16 40000 38600 (Nitrogen) 17 
Columbium 570 16 27200 26600 (Oxygen) 17 
517 18 24500 26600 (Oxygen) 17 
393 ® 19000 15600 **”° 19 
423 3 20000 senaue 19 
803 ® 38000 33400 (Carbon) 7 
Molybdenum 812 1 38000 33400 (Carbon) 7 
1120 ® 53500 48300 (Oxygen) 20 
1473 2 66000 64000 (Nitrogen) 21 & 22# 


# The Intemal Friction Peak at 1300 F & 1 cycle/sec obtained on nitrogen impregnated Mo wire,** has been converted to an activation energy by 


the graph on p 239 of Ref. 22. 


® Present paper. 


strain aging. It is of interest to assume the above 
equation might also be obeyed approximately by 
molybdenum, and although the Portevin- LeChatelier 
effect was only observed between 760° to 870°C, let 
us apply the equation to the temperature regions at 
which the strain-aging effect seems particularly 
pronounced, namely around 120°, 530°, 845°, and 
1200°C. 

Using the above temperatures and D, = .01, values 
of activation energies of approximately 19,000, 
38,000, 53,500, and 66,000 cal per mol, respectively, 
are obtained. 

Some justification for the above mentioned method 
of calculating activation energies is given in the 
Appendix. 

Such data as are available from Table I in the 
Appendix, indicate that the activation energies ob- 


Load 


Strain = Cross 
Aging Section 
Area at Elongation A 


Applied 


Age 


A 


Extension 
Fig. 6—Measure of strain aging used for experiments on 
molybdenum. 
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tained above may correspond to those of hydrogen, 
carbon, oxygen, and nitrogen, respectively, in 
molybdenum. 

It would appear that all of the four interstitial 
atoms quoted above affect the tensile properties of 
molybdenum at elevated temperatures by strain 
aging. 

Results and Discussion of Aging Tests. The heat 
of molybdenum used during the preceding experi- 
ments was exhausted and a new heat (group 3) was 
used for these tests. It may be noted that the carbon 
content of this heat is much larger than groups 1 
and 2. 

The measure of strain aging in these experiments 
is explained in Fig. 6. Tangents are drawn to the 


T—T-Aging Time min. aging "Views 
0-60 6b o-210 
4-90 J aL 4-305 
a o—438 
8 2 
o 
aq 
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g 
©) 
024680246 


True Strain % 


TT Aging "Time ,min 


0-590 4 
6-747 
e975 | 
e-1250 | 


Strain Aging ,|OOOps: 


True Strain % 
Fig. 7—The variation of strain aging with deformation and 
time for molybdenum at 575°C. 
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Fig. 8—The variation of strain aging with deformation and 

time for molybdenum at 650°C. 


curves AB and CD and their intersection P is called 
the yield point. The difference between P and the 
point E is divided by the cross-sectional area of the 
strained specimen at the point A. During later 
stages of aging, the phenomenon of the upper and 
lower yield point occurred, and in this case the 
upper yield point was used instead of the artificial 
one, P. 

Figs. 7-9 represent the values of strain aging ob- 
tained at the various times for given temperatures. 
For these curves it is possible to plot strain aging 
at a given deformation and temperature vs time; this 
has been done in Fig. 10. 


yield point |! Prestrain® %! 
henomenon o-2 
4-5 


Strain Aging psi 


(b) 650°C 
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Aging Time ,min 


" Prestrain , 
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NN 


4 
-4 e 
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Fig. 10—Strain aging of molybdenum as a function of time 
at fixed values of prestrain and temperature. 
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Fig. 9—The variation of strain aging with deformation and 
time for molybdenum at 700C. 


Figs. 7-10 show the importance of prior plastic 
strain on the aging of molybdenum. At low strains 
considerable aging takes place quite readily, but at 
the higher strains some recovery appears to take 
place. 

The strain-aging characteristics may be explained 
as follows: at the low deformations sufficient inter- 
stitials are available to cause positive strain aging, 
but at larger deformations annealing out of excess 
dislocations must occur simultaneously with aging 
(causing recovery) until the remainder left is small 
enough to be locked by the available interstitial 
elements. Thus, Fig. 10 shows that strain aging can 
occur quite readily at high strains, although not 
enough to combat the recovery that has already 
taken place. 

Fig. 10 suggests there is more than one strain- 
aging peak. Thus, there is the possibility of more 
than one interstitial atom being active in causing 
strain aging, with each interstitial element having a 
maximum effect and then over aging. In fact, there 
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Fig. 11—Rate of return of yield point as a function of tem- 
perature T, for molybdenum deformed 2 pct in tension. 
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appears to be a slight strengthening effect before 
the peak at which the yield-point phenomena is ob- 
served; however, the effect is too small and inac- 
currate to analyze. 

Strain-aging tests on mild steel have shown ° that 
in addition to yield-point aging there was also an 
effect on the ultimate strength which occurs at a 
slower aging rate. No such effect was detected on 
the ultimate strength of molybdenum for the times 
of aging involved. 

An analysis of the strain-aging peaks, at which the 
yield-point phenomena was initially observed, has 
been made using the equation 


(¢71¢@/RT) = 


where: 
Q = activation energy of interstitial atom re- 


sponsible for aging, cal per mol 


T = absolute temperature at which aging takes 
place, °K 

t = time at which a yield point was first observed 

C = constant 


Fig. 11 represents a plot of the values of In¢~* and 
1/T for the strain aging peaks corresponding to the 
times ¢ and absolute temperature T from Fig. 10 
for the beginning of the yield point phenomena. 

The value of Q obtained from the slope of the line 
in Fig. 11 is about 36,300 cal per mol and the cons- 
tant C about 2 x 10° sec™*. 

It is satisfying to note that the value of 36,300 cal 
per mol is quite close to the value of 38,000 cal per 
mole previously estimated on the basis of Cottrell’s 
formula for the Portevin- LeChatelier effect, and 
well within the range of 33,400 + 10,000 cal per mol 
published for the activation energy for diffusion of 
carbon in molybdenum,’ and corresponds almost 
exactly to the value of 36,000 cal per mol associated 
with the brittle fracture of molybdenum? 

Further examination of other strain-aging peaks 
which are seen to occur in Fig. 10 was not attempted 
because of the time and expense involved in this type 
of experiment. 

Experimental evidence suggests that strain aging 
does take place during the tension testing of molyb- 
denum at elevated temperatures, but the effect 
seems to be on a much smaller scale than is ob- 
served in mild steel and columbium, for instance. 
The reason for this seems to be the very low solu- 
bility of the common interstitial elements in molyb- 
denum. 

Evidence that the small strain-aging effect on the 
ultimate tensile strength during elevated-tempera- 
ture tensile testing is caused by low solubility of 
interstitial atoms is provided by Fig. 12 which is 
from the work of Enrietto® on columbium. Colum- 
bium is very different from molybdenum in that it 
will absorb a large amount of oxygen into solid 
solution, the limit of solid solubility being 0.25 pct 
by wt at 500°C."° Fig. 12 shows the effect of in- 
creasing oxygen content on the aging effect of colum- 
bium at 500°C. Below 0.001 pct O concentration the 
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Fig. 12—Ultimate tensile strength of columbium as a func- 
tion of temperature for various oxygen contents. 


aging effect is small (similar to molybdenum) but 
increases with additional oxyger content to reach a 
maximum just about 0.02 pct O concentration. 

The dislocation density at the ultimate strength 
may be expected to be in the region of 5 x 10” lines 
per sq cm.” To completely pin these dislocations 
with one solute atom per atomic plane requires 
approximately 0.015 pct by wt of O, thus agreeing 
quite well with the experimental observations. 

Accurate data on the solubility of carbon, nitrogen, 
and oxygen, in molybdenum is not available. Bat- 
telle’* gives approximate values of 0.005 pct by wt of 
C at 3000°F, 0.003 pct by wt of O at 3000°F, and 
0.0012 pct by wt of N at 3000°F. 

From the above solubility data it becomes clear 
that no fully developed aging effect on the ultimate 
tensile strength at elevated temperatures will occur 
in molybdenum since all the values, even at 3000°F, 
fall well below the required amount of 0.02 pct for a 
strong effect. 


CONCLUSIONS 


1) Strain-aging behavior of molybdenum is highly 
dependent on the degree of plastic strain in the lat- 
tice. 

2) Low solid solubility for the common interstitial 
elements is responsible for the weak strain-aging 
effects in molybdenum during elevated-temperature 
tensile testing, and aging of overstrained tensile 


specimens. 
3) The activation energy associated with diffusion 


of one of the interstitial elements in molybdenum 
lies close to 36,000 cal per mol. 
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APPENDIX 


Analysis of the Discontinuities Occurring in the 
Elevated Temperature Tensile Properties of Cb, Ta, 
W, and Mo—Cottrell,®> using Manjoines’s data’® for 
the tensile strength-temperature-strain rate rela- 
tionships in mild steel has shown that the tempera- 
ture and strain rate at which repeated yielding (blue 
brittleness or the Portevin- LeChatelier Effect) oc- 
curs may be connected by the expression 


é = 10°D,e" 


where: 

D, = Diffusion coefficient of nitrogen in iron at 
infinite temperature 

é€ = Strain rate used in the tensile test 

Q = Activation energy for diffusion of nitrogen 
in Fe 

R = Gas constant 

T = Absolute temperature, °K 


Phenomena associated with strain aging are as 
follows: 

a) Upper and lower yield point 

b) Increase in strength with temperature in some 
temperature region 

c) Repeated yielding 

d) Increase in the work-hardening exponent with 
increasing temperature in some temperature region 

e) Lowering in ductility (as measured by pct 
elongation and pct reduction in area) with increasing 
temperature in some temperature region 

Phenomena b) through e) are usually observed to 
take place in a similar temperature range, although 
it appears that the presence of one effect does not 
necessarily mean that the others will be present 
also. 

Commenting further on effects b) through e), it 
would be expected that these effects are directly re- 
lated to conditions pertaining during repeated 
yielding or near this temperature region, in which 


case the Cottrell equation é = 10°D,e" stated might 
well apply to regions in the elevated- temperature 
tensile behavior at which ductility minima or strain- 
hardening exponent maxima are observed, although 
for some reason, repeated yielding does not take 
place. 

Thus, Cottrell’s equation becomes a tool by which 
we may be able to obtain an approximate value of 
activation energy for the active interstitial atom, 
or if the diffusion constant for the interstitial is 
known, then we may possibly be able to identify 
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its effect on the elevated-temperature tensile be- 
havior. 

In Table 1 is an analysis based on Cottrell’s for- 
mula, of the temperature regions at which phenom- 
ena associated with strain-aging maxima are ob- 
served in molybdenum, tungsten, columbium, and 
tantalum, and the value of activation energy obtained 
is compared with that found by conventional means. 
The value of € , used in the formula, was 0.02-in. 
per min and D, values were all considered to be 
0.01 sq cm per sec. 

The temperature spacing for tensile tests at ele- 
vated temperature is quite often of the order of 50°C 
or more. Because of this, the errors in finding 
the temperature at which ductility minima or strain- 
hardening coefficient maxima occur are liable to be 
considerable. Therefore, any errors in using the 
above values of D, and é, other than the correct 
ones, are justifiable since small variations in these 
quantities do not affect the value of Q to a large 
extent. 
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H. W. King and T. B. Massalski 


An hcp © phase may be induced by cold working the 
B’ phase of the Ag-Zn system. This € phase reverts 
to B’ on subsequent aging. No phase change occurs on 
cold working the €° phase, but B’ is formed when the 


ture. It is concluded that for alloys near 50 at pct Zn 
the ordered bcc 8’ phase is the equilibrium structure 


at room temperature. 


WHEN the disordered bcc £8 phase of the Ag-Zn 
system is cooled to temperatures below 258° to 
274°C, it transforms to a complex hexagonal phase 
c°1:2 The nature of the 8 =¢° transformation has 
been the subject of some discussion,?»* and the 
structure of ¢° has been described in detail.? The 
latter phase appears to be stable on aging at room 
temperature but decomposes following cold work. 
When alloys containing approximately 50 at. pct Zn 
are rapidly quenched from the f phase field, the 

8 —€° transformation may be suppressed; but the 

B phase undergoes an ordering reaction (8 — £’). 
The £’ structure may also be obtained as a result 
of cold working and aging at room temperature.‘ 
Kitchingman, Hall, and Buckley* have suggested 
that the decomposition of ¢° following cold work 
proceeds in two stages, ¢° +8 followed by 8 — 8’, 
but did not confirm this by experiment. When the 
ordered f’ phases in the systems Cu-Zn* and Ag-Cd® 
are cold worked, they become unstable and transform 
to a close-packed hexagonal phase (¢ ) indicating 
that when order is destroyed in a #’ structure the 
close-packed hexagonal phase may in many cases be 
more stable. It thus became of interest to study 
more closely the effect of cold work and annealing 
on the stability of both the #’ and ¢° phases ina 
Ag-50 at. pct Zn alloy. 

Predetermined weights of spectroscopically-pure 
Ag and Zn, supplied by Johnson and Matthey, were 
melted and cast under 1/2 atm of He in transparent 
vycor tubing. The ingot was homogenized for 1 week 
at 630°C and quenched into iced brine. Since mechan- 
ical polishing was found to induce a phase change, 
sections were first polished at room temperature, 
sealed in tubes under 1/2 atm of He, reannealed for 
several days at 630° or 200°C and then quenched 
into iced brine. Sections of the alloy thus prepared 
were found to be homogeneous when examined under 
the microscope. The sample quenched from 630°C 
(8 -phase region) was pink in color, whereas the 
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Structural Transformations in a Ag-50 At. Pct Zn Alloy 


deformed alloy is subsequently aged at room tempera- 


sample quenched from 200°C (¢°-phase region) was 
silver. The latter sample showed the characteristic 
hexagonal anisotropy when examined under polarized 
light. 

Filings of the alloy were examined at room tem- 
perature, after various heat treatments, using an 
RCA-Siemens Crystalloflex IV diffractometer with 
filtered CuKa radiation. The X-ray reflections from 
flat powder specimens quenched from 630° and 200°C 
and sieved through 230 mesh were recorded graph- 
ically at a scanning speed of 1/2 deg per min. The 
resultant patterns are shown in Figs. 1(a) and 1(d) 
and may be identified as those of the 6’ and ¢°? 
structures respectively. The lattice parameter of 
the 8’ phase was determined as 3.1566A.* This value 


*Using the double scanning method described by King and Vassa- 
millet.*° 
compares very well withthatto be expected for a 
50 at. pct Zn alloy from the data of Owen and Ed- 
munds,’ and indicates that no loss of Zn occurred 
during casting. In order to study the effect of cold 
work upon the f’ and ¢° phases, filings made at 
room temperature and sieved through 230 mesh were 
mounted immediately in the diffractometer-i.e., 
without a strain-relief anneal. Changes in structure 
on subsequent aging were followed by scanning re- 
peatedly over the regions of the low index reflections 
of the p’ and ¢° structures-i.e., 26 from 35 to 44 deg. 

Immediately after filing the B’ specimen, addition- 
al diffraction peaks were observed in the low-index 
region of the pattern, as shown in Fig. 1(c). These 
additional peaks do not coincide with those of the ¢° 
structure, Fig. 1(b), but may be indexed as the 
(10-0), (00-2), and (10-1) reflections of an hcp phase 
(¢€) with nearly ideal axial ratio. However, this hex- 
agonal phase appears to be very unstable since within 
a very short time at room temperature it reverts 
back to the ordered f’ phase, the reversion being 
complete within seven hours. The ¢ —#’ reversion 
reaction is, therefore, very similar to those already 
reported in Cu-Zn° and Ag-Cd®»®alloys. The ac- 
tion of filing caused the deformed surface of the 
originally pink ingot to become silver in color, indi- 
cating that the € phase possesses similar reflecting 
properties to the ¢° phase. Hence, the subsequent 
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B'-os quenched 


b) 


quenched 


Fig. 1—X-ray diffraction charts of Ag-Zn 
alloy: a) B’-as quenched from 630°C; 


00:2 in. 
10:0 


b) £° -as quenched from 200°C; cc) B’-cold 
worked and aged at room temperature; 

d) £ °-cold worked and aged at room tem- 
perature. 


10:9 
(HlOK#) 


35min. 


reversion is also evidenced by a change in color 
from silver to pink. The strain-induced transforma- 
tion of p’ to € probably occurs martensitically, 
whereas the reversion to f’ is clearly a diffusion- 
controlled process. The extremely rapid rate of the 
latter process is of particular interest. It is known, 
for example, that a high rate of diffusion is possible 
in Ag-Zn alloys.1° However, it has also been shown 
that there exist very close structural similarities 
between the ¢ and phases ® (and also between ¢° 
and f’ 2»); and hence, even though the transformation 
may be controlled by diffusion, only very short 
atomic movements are necessary to convert one 
structure into another. This is probably the main 
reason why the reaction rates are exceptionally high 
even at room temperature. 

The action of filing on ¢° caused no immediate 
change in either structure or color. On subsequent 
aging at room temperature, however, the deformed 
¢° phase transformed to the ordered #’ phase, as 
shown by the change in the diffraction patterns in 
Fig. 1(d). At no stage in the process was the order 
line (100) absent from the f’ pattern, indicating that 
the ¢° +’ transformation occurred in a single stage, 
in contradiction to the suggestion of Kitchingman, 
Hall, and Buckley.* The effect of the cold work is 
not to induce any kind of shear transformation but 
merely to lower the activation-energy barrier op- 
posing the transformation ¢° — #’ at room tempera- 
ture, thereby enabling the process to proceed by 
diffusion. It may thus be inferred that, for Ag-Zn 
alloys in a narrow region of composition near 50 at. 
pct Zn, the ordered f’ phase is the equilibrium 
structure at room temperature. The rate of the 
¢° +8’ transformation is relatively much slower 
than the reversion of the € phase to f’ shown in Fig. 
1(c), the former process still being incomplete 
after 9 days. The reason for the difference in reac- 
tion rates of these two very similar processes must 
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mean that either longer diffusion paths are involved 
in ¢° +8’ than in € —8 or, more likely, the driving 
energy is different. It could well be that the nuclea- 
tion of 6’ within the ¢° phase is difficult, whereas 
the martensitic transformation B’ ~¢ is never com- 
plete, Fig. 1(c), so that the untransformed (but 
somewhat disordered) f’ acts as a nucleus for the 
reversion reaction. 

No change in structure was observed in filings of 
the B’ phase (quenched from 630°C) after annealing 
for several days in the temperature range 90° to 
100°C. However, when the temperature was raised 
above 120°C, diffraction patterns of ¢° were observed 
and the filings changed color from pink to silver. 
This temperature of transformation is in agreement 
with that of 130°C reported by Kitchingman and 
Buckley * from changes in resistance during continu- 
ous heating. Filings of the ¢° phase annealed for 
several days at 200°C (i.e., strain free) showed no 
phase change on subsequent annealing at various 
temperatures below 120°C, indicating that even at 
temperatures above room temperature some defor- 
mation is necessary to initiate the ¢° — #’ trans- 
formation. 
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The Creep Behavior of Heat Treatable Magnesium 
Base Alloys for Fuel Element Components 


P. Greenfield, C. C. Smith, and A. M. Taylor 


The Mg-Zr alloy ZA and Mg-Mn alloy AM&503(S) 
are shown to have a markedly improved resistance 
to creep deformation after suitable heat treatments. 
This improvement makes them suitable for certain 
stress-bearing fuel element components in nuclear 
reactors. The extent of strengthening is described 
and an explanation of the behavior of both materials 
is given, based on a combination of strain-aging and 
grain growth, 


Tue increase in operating temperatures of fuel 
element components in Calder Hall type nuclear re- 
actors has necessitated the development of magnesi- 
um base alloys with a very high resistance to creep 
at temperatures up to 500°C. Such alloys are not re- 
quired for fuel element cans, which require high- 
creep ductility rather than strength, but for can sup- 
porting and stabilizing components, which are needed 
to support the imposed loads without deforming more 
than about 1 pct in times of up to 40,000 hr. The 
amount and type of alloying addition made to magne- 
sium for these parts is limited by the necessity of 
keeping the cross-section to thermal neutrons as low 
as possible. The alloys must also possess a high re- 
sistance to oxidation in CQ,. 

Alloys which have been developed for this applica- 
tion include ZA, an alloy of magnesium with 0.5 to 
0.7 pct Zr and AM503(S), an alloy of magnesium with 
0.5 to 0.75 pct Mn. In the as-extruded condition these 
alloys are very weak and ductile in creep but it has 
been found that they can be strengthened to a signifi- 
cant extent by heat treatment. 

This paper describes the method of developing a 
high-creep resistance in ZA and AM503(S), the ex- 
tent of the strengthening produced and discusses the 
probable mechanisms of strengthening. 


TEST MATERIALS 


Specimens were taken from typical casts of ZA and 
AM503(S) alloys extruded into 2 1/4-in.-diam bars, 
supplied by Magnesium Elektron Ltd. Typical analy- 
ses of the bars were as follows: 


Material Zr Zn Al Fe Mn Mg 

Pct Pct Pct Pct Pct Pet 
ZA 0.54 0.010 0.018 0.003 0.009 Bal 
AM503(S) — 0.05 — 0.005 0.73 Bal 


P. GREENFIELD, C. C. SMITH, and A. M. TAYLOR are 
Metallurgists in the Atomic Power Department, English Elec- 
tric Co., Ltd., Whetstone, England. 
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The as-extruded mean grain diameter was 0.001 to 
0.002 in. for the ZA alloy and 0.003 in. for the 
AM503(S) alloy. 


EXPERIMENTAL METHODS 


Extruded bars of ZA alloy, 2 1/4 in. in diameter 
and 9 in. long, were heat treated in electrical resis- 
tance furnaces in an atmosphere of flowing CO, con- 
taining 50 to 300 ppm water, thereby reducing the ex- 
tent of oxidation compared with that which would have 
occurred in air. Heat treatments were carried out at 
600°C for times of 8, 24, 48, 72, and 96 hr and mate- 
rial was subsequently both furnace cooled and water 
quenched. In order to measure the effect of time of 
heat treatment, specimens were creep tested at 
400°C and 336 psi for about 1000 hr. Subsequently, 
the behavior of material heat treated for 96 hr at 
600°C and furnace cooled was tested at a variety of 
stresses from 200° to 500°C. Tests were also con- 
ducted at 200° and 400°C on material in the as-ex- 
truded condition for comparative purposes. 

With the AM503(S) alloy, only the effect of heat 
treatment at 565°C for 4 hr was examined. It has 
been shown! that such a heat treatment produces 
marked strengthening in this alloy. Tests on this ma- 
terial were conducted at a variety of stresses at 200°, 
300°, and 400°C with comparative tests on as -extruded 
material at 200° and 400°C. 

The creep tests were carried out on machines us- 
ing dead-weight loading and direct micrometer strain 
measurements on specimens 5 in. long and 0.357 in. 
diameter. At temperatures of 400° C and below, the 
creep tests were conducted in air, but at higher tem- 
peratures an atmosphere of CO, was used. Grain 
size measurements were made on ZA in the extruded 
and heat treated states and on each specimen after 
creep testing. This was done by a line count of a mi- 
nimum of 20 grains in two or three random fields in 
the longitudinal and transverse directions. The same 
method was used for measuring the grain size of as- 
extruded AM503(S), but the grain size of the heat 
treated material was so large that this method could 
not be employed. For heat-treated AM503(S) the 
large grained characteristics (between 0.1 and 1 in.) 
were confirmed by the measurement of individual 
grains. 

In the case of the ZA alloy, specimens taken from 
various stages in the program were analysed for 
hydrogen by a combustion method. Material in vari- 
ous states was also analysed for the soluble and in- 
soluble zirconium content by dissolving in dilute hy- 
drochloric acid. This technique has been used? for 
the determination of amounts of zirconium present 


VOLUME 221, OCTOBER 1961-1065 


+ 


@ FURNACE COOLED. 


RWATER QUENCHED. 4 


SECONDARY CREEP RATE PER HOUR 


TIME (IN HOURS AT COO*C. 
FIGURE 


Fig. 1—The secondary creep rate of ZA at 400°C and 336 
psi as a function of time of solution treatment at 600°C. 


in solution in magnesium and the amounts present as 
a separate phase. 


EXPERIMENTAL RESULTS 


ZA Alloy. The effects of time of annealing at 600°C 
on the creep strength at 336 psi and 400°C are shown 
in Table I and Fig. 1. As can be seen the creep 
strength increases markedly as the annealing time 
at 600°C is increased, althoughthe effect is beginning 
to reach saturation after about 72 hr. The secondary 
creep rate changes from 2.5 x 10S in. per in. per hr 
for extruded material to 1.2 x 107° in. per in. per hr 
for material annealed for 96 hr at 600°C and furnace 
cooled. This represents an improvement of 2000 
times in resistance to secondary creep. The rate of 
cooling from 600°C does not appear to have an effect. 
The effect of a variety of stresses at 200°, 300°, 
400°, and 500°C has been examined on material heat 
treated for 96 hr at 600°C in CO, containing 50 to 
300 ppm water followed by furnace cooling. The re- 
sults are listed in Table II, and the relationship be- 
tween stress and secondary creep rate at each tem- 
perature is shown in Fig. 2. The results at 200° and 
400°C for as-extruded ZA are given in Table III and 


1066-VOLUME 221, OCTOBER 1961 


Table I. The Effect of Heat Treatment at 600°C on the 
Creep Strength of ZA at 400 and 336 psi 


Secondary 
Creep 
Rate, 

in. in. hr x 10° 


Duration 
Final Grain 
Size, 
in x 10° 
2 (T) 
3 (L) 
3 (T) 
8 (L) 
9 (T) 
17 LL) 
19 (T) 
28 (L) 
15 (T) 
16 (L) 
12:(T) 
7Q) 
657 16 (T) 
29 (L) 
10 (T) 
21 (L) 
16 (T) 
35 (L) 
14 (T) 
29 (L) 
16 (T) 


Final 
State 


Strain, 
Condition pet 


As extruded 


8 hr. at 600°C 
EC. 

24 hr. at 600°C 
PC. 

48 hr. at 600°C 
FC. 

72 hr. at 600°C 
F.C. 

96 hr. at 600°C 
OA 

8 hr. at 600°C 
W.Q. 

24 hr. at 600°C 
W.Q. 

48 hr. at 600°C 
W.Q. 

72 hr. at 600°C 
W.Q. 

96 hr. at 600°C 
W.Q. 


1102 


1100 


1152 


1042 0.83 


R = Ruptured 
D = Discontinued 


L = Longitudinal 
T = Transverse 


F.C. = Furnace Cooled 
W.Q. = Water Quenched 


shown by the broken lines in Fig. 2. Where the tests 
were taken to rupture, the elongations observed are 
given in brackets in Fig. 2. 

From the relationship between stress and secon- 
dary creep rate shown in Fig. 2 it can be seen that a 
change in slope occurs from 200° to 400°C at the 
slower strain rates. A similar effect was observed 
in heat treated AM503(S). This may be due in part to 
the fact that the slower strain rates are at the ex- 
treme of the sensitivity of the creep machines used. 
Tests in which the strain rates were too low to be 
measured are plotted as having secondary rates of 
1 x 1077 in. per in. per hr in Figs. 2 and 3. 

The results of hydrogen analyses, and soluble and 
insoluble zirconium contents are given in Table IV. 
In general, it can be seen that an increase in the in- 
soluble zirconium content of ZA is accompanied by 
an increase in the hydrogen content. 

As can be seen in Table I, heat treatment produces 
grain growth from about 0.001 to 0.002 in. in the ex- 
truded material to about 0.015 to 0.030 in. after 96 
hr at 600°C. The grain size of the heat-treated ZA 
appears to remain stable during subsequent creep 
testing even after fairly long exposures at tempera- 
tures up to 500°C, see Table II. The grain size of as- 
extruded ZA remains stable at 0.001 to 0.002 in. 
when creep tested at 200°C, but a small amount of 
grain growth occurs during long-term tests at 400°C, 
see Table III. 

AM503(S) Alloy. The creep resistance of heat- 
treated AM503(S) has been measured using a range 
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Table Il. Results of Creep Tests on ZA Heat Treated for 96 hr at 600°C 


Duration 

Test of Secondary Final Grain Size, 
Temperature, Stress, Test, Strain, Creep Rate, Final in. x 10° 
%€ psi Hr pet in./in./hr x 10° State Long. Trans. 
200 7840 2 21 - R 40 23 
200 5600 19 34 - R 46 18 
200 3500 2100 27 50 R 33 18 
200 3000 3239 7.8 10 D - - 
200 3000 1993 40 100 R - - 
200 2500 2510 15 0.6 R 18 17 
200 2000 2570 0.54 0.5 D 28 26 
200 2000 10035 4.53 0.2 € - - 
200 1700 6336 0.32 <0.1 D 37 25 
200 1500 4297 0.21 <0.1 D 26 30 
300 1400 400 24 300 R 48 29 
300 1200 590 23 200 R 32 18 
300 1200 2016 7.60 <0.1 D 25 26 
300 1100 2153 10 6 R 26 20 
300 1100 2284 5.35 0.2 D 27 26 
300 1000 2055 9 1 R 2B 20 
300 1000 722 3.82 0.6 D 26 16 
300 1000 11072 1.59 <0.1 c - - 
300 850 7540 1.80 0.2 D 22 18 
300 750 1560 0.43 <0.1 D 27 22 
300 500 4116 0.23 <0.1 D 17 17 
400 400 236 60 2000 R 17 15 
400 350 2235 1.0 1 Cc 21 21 
400 336 976 0.166 1 D 16 12 
400 336 700 14.8 200 D -_ - 
400 336 1550 27 20 D 21 15 
400 300 7585 £5 0.3 D 25 17 
400 300 1237 3.0 3 D 28 20 
400 300 1437 4.16 3 D 20 26 
400 200 13833 2.94 0.2 > - - 
400 150 3092 0.20 <0.1 D 24 29 
400 100 5609 0.26 <0.1 D 2B 30 
500 200 93 28 - R 14 12 
500 150 3359 19.2 20 Cc - - 
500 67 936 0.16 1 D - - 
500 50 2805 0.27 0.3 D 20 17 
500 50 1733 0.03 <0.1 D 16 15 
R = Ruptured D = Discontinued C = Continuing 

Table Ill. The Results of Creep Tests on As-Extruded ZA 

Duration 
Test of Secondary Final Grain Size, 

Temperature, Stress, Test, Strain, Creep Rate, Final in. x 10° 
°“¢ psi Hr pet in./in./hr x 10° State Long. Trans. 

200 4030 220 32 900 R 2 2 
200 3580 360 80 500 R 2 2 
200 3140 490 40 200 R 2 1 
200 2680 1094 30 70 R 2 2 
200 2460 2175 24 40 R 2 1 
200 1800 3847 3.0 5 D - = 
200 1200 3835 0.82 1 D 2 2 
400 336 120 74 2000 R 2 2 
400 200 1443 125 150 R 5 3 
400 150 1476 42 200 D 4 4 
400 100 1440 15 65 D 4 4 
400 40 1990 2.4 5 D 4 4 


R = Ruptured 
D = Discontinued 
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Table IV. Hydrogen and Insoluble Zirconium Contents 
of ZA at Various Stages of Test. 


Zirconium Content 
Sol. pct Insol. pct Hydrogen ppm 


0.45 002 5, 13,13 
0.45 Nil 55.7 


Condition 


As Extruded 

Heat-treated 4 days at 600°C in 
co, 

Heat-treated and creep tested for: 
19 hr at 200°C (34 pct strain) in 
air 

6336 hrs at 200°C (0.32 pct 
strain) in air 

590 hr at 300°C (23 pct strain) 
in air 

4116 hr at 300°C (0.23 pct 
strain) in air 

236 hr at 400°C (60 pct strain) 
in air 

7585 hr at 400°C (1.5 pet 
Strain) in air 

2 2805 hr at 500°C (0.27 pct 
Strain) in CO, 


10, 13 


39, 54, 31, 50 


of stresses at 200°, 300°, and 400°C. The results are 
shown in Table V, and the relationship between stress 
and secondary creep rate at each temperature is 
shown in Fig. 3. Included in Fig. 3 are data obtained 
at 450° and 475°C for the same alloy and heat treat- 
ment taken from earlier work.’ The results at 200° 
and 400°C for as-extruded AM503(S) are given in 
Table VI and the secondary creep rates are shown 
by the broken lines in Fig. 3. Where the tests were 
taken to rupture, the elongations observed are given 
in brackets in Fig. 3. 

The heat treatment of 4 hr at 565°C produces 


Table V. The Results of Creep Tests on AM503(S) 
Heat-Treated for 4 Hr at 565°C 


Minimum 
Creep Rate, Final 
in./in./hr x 10° State 


Duration 
Stress, of 
psi Test, Hr 


3500 


Test 
Temperature, Strain, 


pet 


157 
1346 
2429 
1929 


200 
200 
200 
200 
200 1194 
300 


8 


3000 
2500 
2000 
1800 
1800 
1600 
1500 
1500 
1500 
1400 
1000 
800 
700 
600 
600 
500 
300 
200 


R = Ruptured 
D = Discontinued 
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SECONDARY CREEP RATE. PER HOUR. 


1000 2000 3000 


100 sTAgss (251) 
Fig. 2—Secondary creep rate vs stress for ZA heat-treated 
for 96 hr at 600°C (solid lines) and for as-extruded ZA 
(broken lines). Rupture ductilities are given in brackets. 


marked grain growth and grains of up to 1 in. in 
length in the longitudinal direction were observed. 
The grain structure of the bar after heat treatment 
is illustrated in Fig. 4. The grain size of heat-treated 
AM503(S) remains stable during creep, while in the 
as-extruded condition slight growth occurs during 
long term tests at 400°C. 


METALLOGRAPHY 


ZA Alloy. The binary Mg-Zr system has been in- 
vestigated by several workers at the magnesium- 
rich end?“ and their published phase diagrams, while 


MINIMUM CREEP RATE. PER HOUR. 


stress (P51) 


Fig. 3—Secondary creep rate vs stress for AM503(S) heat- 
treated for 4 hr at 565°C (solid lines) and for as-extruded 
AM503(S) (broken lines). Rupture ductilities are given in 
brackets. 
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Table VI. The Results of Creep Tests on As-Extruded AM503(S) 


Test Duration 


Temperature, Stress, of Strain, 
Test, Hr 


Minimum Final Grain 
Creep Rate, Final Size, 
in./in./hr x 10° State in. x 10° 


R = Ruptured 
D = Discontinued 


differing in detail, have one feature in common. This 
is that the solid solubility limit of zirconium in mag- 
nesium increases from less than 0.1 pct at temper- 
atures below about 300°C to 0.8 pct at 600°C. The 
most recent phase diagram is shown in Fig. 5, and 
from this it can be seen that an alloy containing 0.5 
pet Zr should be single phase at temperatures above 
525°C and two phase at lower temperatures. The 
form of the diagram suggests that an aging mecha- 
nism may occur in material annealed at 600°C and 
subsequently annealed or tested from 200° to 500°C. 
Metallographic examination of ZA shows that in 
the extruded form the alloy consists of a fine-grained 
matrix containing diffuse striations aligned in the di- 


rection of extrusion, Fig. 6. The striations often con- 


tain particles of a second phase. It is well known that 
cast Mg-Zr alloys contain particles of primary zir- 


Enlarged approximately 145 pct for reproduction. 
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Fig. 4—Macrostructure of AM503(S) after heat treatment at 565°C in (a) transverse and (b) longitudinal directions. Xl. 


conium surrounded by regions of intensive coring and 
it is apparent that the striations are zirconium-rich 
material redistributed by the extrusion process. On 
annealing for 96 hr at 600°C, the striations as such 
disappear, many of them being replaced by strings 

of particles, Fig. 7. This process is accompanied 

by an increase in grain size from 0.001 to 0.002 in., 
characteristic of extruded material, to 0.015 to 

0.030 in. 

Creep testing heat-treated ZA at 200° and 300°C 
leads to a marked precipitation of second phase par- 
ticles in the grain boundaries, but no precipitation 
within the grains is observed. Creep testing at 400° 
and 500°C also produces grain-boundary precipita- 
tion, but in addition precipitation of very fine parti- 
cles occurs within the grains, usually in the form of 
streaks in the extrusion direction. These particles 
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08 Fig. 6—As-extruded ZA. X160. Reduced approximately 10 
pet for reproduction. 


Fig. 5—The magnesium-rich end of the magnesium-zir- 
conium equilibrium diagram (Schaum and Burnett).? In the as-extruded condition, AM503(S) consists 


of a relatively fine-grained matrix containing a uni- 
form distribution of particles of manganese. The 
average grain size in the extruded condition is 0.003 
in. After heat treatment for 4 hr at 565°C followed 
by furnace cooling, the grain size becomes very 
coarse, grains ranging from 0.1 to 1 in. across being 
observed. The amount and distribution of manganese 
particles in the matrix appears to be unchanged. In 
the heat-treated condition the particles are easier to 
see and are observed to have a tendency to line up in 
the extrusion direction. 

Creep testing from 200° to 400°C leads to very 
little change in the microstructure. Some grain- 
boundary precipitation occurs in tests at 400°C, but 
general precipitation is not observed. Specimens 
tested at slow strain rates fail intergranularly and 
intergranular cavitation and fissuring is a common 
feature of such tests. Specimens tested at fast 
strain rates fail in a transgranular manner. 


are usually associated with the strings of coarser 
particles observed after heat treatment. A typical 
example is shown in Fig. 8. 

The fracture characteristics of heat-treated ZA 
change at all test temperatures from transgranular 
at the fast strain rates to intergranular at the slow 
strain rates. Intergranular cavitation is a common 
feature of the specimens tested at slow rates of 
strain. A typical example is shown in Fig. 9. 

No precipitation was observed in as-extruded spe- 
cimens creep tested at 200° and 400°C, and those 
specimens taken to failure did so in a transgranular 
manner. 

AM503(S) Alloy. The most reliable equilibrium 
diagram for the magnesium end of the Mg-Mn system 
is that of Grogan and Haughton.® They report the sol- 
id solubility of manganese in magnesium as 2.45 wt 
pet at 651°C falling to 1 pct at 540°C, see Fig. 10. The 
general form of the diagram at the magnesium-rich 
end is very similar to that of the Mg-Zr diagram. 

An alloy containing 0.75 wt pct Mn should be single- DISCUSSION 

phase at temperatures in excess of about 510°C and The results indicate that the creep resistance of 
two-phase at temperatures below 510°C, the second ZA and AM503(S) can be materially improved by heat 
phase being a manganese. 


Fig. 8—ZA annealed for 96 hr at 600°C, creep tested at 


. 


, aoe - 400°C and 300 psi. Discontinued after 7585 hr at 1.5 pct 
Fig. 7—ZA annealed for 96 hr at 600°C in CO,. X100. Re- strain. X61. Reduced approximately 10 pct for reproduc- 
duced approximately 10 pct for reproduction. tion. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


1070-VOLUME 221, OCTOBER 1961 


700 
o kx US 
= £ \ 
\ = 4 
ia 


. 
pat . 
& 4 : 


Fig. 9—ZA annealed for 96 hr at 600°C, creep tested at 
300°C and 850 psi. Discontinued after 7540 hr at 1.8 pct 
strain. X61. Reduced approximately 10 pct for reproduc- 
tion. 


treatment. This improvement is effective over a 
wide range of stresses and temperatures, but as can 
be seen in Figs. 2 and 3 the improvement is particu- 
larly apparent at low stresses and strain rates and at 
the higher test temperatures. At rates faster than 
1075 in. per in. per hr there is little difference between 
the strength of as-extruded and heat-treated ZA and 
in the case of AM503(S) the heat-treated material is 
weaker than the extruded bar. 

The most striking feature of the results is the re- 
lationship between stress and secondary creep rate, 
shown in Figs. 2 and 3. In reviewing the experimen- 
tal work on high temperature creep, Dorn® has sug- 
gested that the stress dependence of steady state 
creep is given by the equation: 


Creep Rate = cote YkT 


where c and are constants 

Q@ is the activation energy of creep 

o is the stress 
The straight line relationships of the isotherms shown 
in Fig. 2 show that this equation describes the secon- 
dary creep behaviour of ZA over a wide range of 
creep rates. Weertman’ has shown that n, the stress 
index, has a value of between 2 and 5 for pure metals 
and dilute alloys. While there is insufficient data 
available to define m accurately for heat-treated ZA, 
it can be seen from the slopes of the lines in Fig. 2 
that except at the very slowest strain rates m is great- 
er than 10 at all test temperatures, while at 400°C it 
is greater than 20. The value of m for as-extruded 
ZA, on the other hand, is between 3 and 5, similar to 
those values found by Weertman. 

For heat-treated AM503(S), it can be seen from Fig. 
3 that Dorn’s equation is invalid as 7, the stress in- 
dex, is not a constant but varies with the strain rate. 
At intermediate strain rates, however, n is again 
very high, being greater than 20 over a wide range of 
strain rates at 200°, 300°, and 400°C. The same char- 
acteristics were obtained in earlier work at 450° and 
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Fig. 10—The magnesium-rich end of the magnesium-man- 
ganese equilibriumdiagram (Grogan and Haughton).5 


475°C! although at the higher test temperatures the 
variation in ” is not quite so marked. The values of 
n for as-extruded AM503(S) are much lower and sim- 
ilar to those reported by Weertman.’ 

The stress indices of both heat-treated ZA and 
AM503(S) are so high that the materials can be said 
to undergo an abrupt transition from a condition 
where they are very weak in creep to a condition 
where they are very strong in creep. Thistransition 
occurs at each test temperature over a very narrow 
range of stress. Examination of fractures indicates 
that the former behavior is associated primarily 
with slip and transgranular failure while the latter 
is associated with grain-boundary slide and inter- 
granular failure. The transition can therefore be 
accounted for by a strengthening mechanism which 
eliminates or largely reduces slip at a critical strain 
rate thereby allowing only grain-boundary slide as 
the mechanism of deformation. While a change of 
deformation mechanism from slip to grain-boundary 
slide as the stress is reduced is a general feature in 
creep, in heat-treated ZA and AM503(S) it occurs 
over such a narrow range of stress (i.e., the stress 
index is so high) that it would appear that a strength- 
ening mechanism operates at a critical rate of strain. 

In studying the effects of strain-aging on creep, 
Cottrell® suggests that atomic migrations of solute 
atoms to the strain fields of a moving dislocation will 
reduce the kinetic energy of the dislocation. If a dis- 
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location begins to slow down due to energy lost in 
atomic migrations, more time is allowed for further 
migration to occur and this in turn will slow the dis- 
location down still more. Thus, once it begins to 
slow down it will continue todo so until a fully formed 
atmosphere is produced. Conversely, if the disloca- 
tion begins to speed up it will continue to do so, los- 
ing less and less energy through atomic migration. 
Cottrell thus proposed two ranges of stable speeds, 
‘slow’ and ‘fast’, for dislocations in materials sus- 
ceptible to strain-aging, separated by an unstable 
range where a steady speed is impossible. 

Such behavior as that postulated by Cottrell would 
explain the stress dependence on steady state creep 
shown in Figs. 2 and 3. At a critical strain rate, 
strain-aging occurs and the rate of dislocation move- 
ment is considerably reduced and slip largely pre- 
vented. A transition in the strain rate-stress rela- 
tionship is thus produced. Below the critical strain 
rate, therefore, most of the deformation occurs by 
grain-boundary slide, cavitation occurs, and failure 
becomes intergranular, while above the critical 
strain rate, deformation proceeds by slip, unham- 
pered by solute atmospheres. 

The phenomenon of strain-aging is conventionally 
associated with systems in which the difference in 
atomic diameter is large, e.g., transition metals con- 
taining small quantities of carbon, nitrogen, or hy- 
drogen, but it has been observed in some substitu- 
tional alloy systems. The atomic diameters of mag- 
nesium and zirconium are almost identical but there 
is approximately 20 pct difference in ionic radii and 
this, coupled with the relatively large percentage 
(for strain-aging) of zirconium present, may well be 
sufficient to give the strain fields required for strain- 
aging. In the case of manganese, the difference in 
atomic diameters is of the order of 25 pct while the 
difference in ionic radii is 33 pct. 

The results on as-extruded ZA and AM503(S) indi- 
cate that a strengthening mechanism does not occur 
at 200° or 400°C unless the materials are subjected 
to a prior heat treatment. The heat treatment at 
565°C for AM503(S) and 600°C for ZA can be consid- 
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Fig. 11—Creep curve for AM503(S), annealed for 4 hr at 
565°C, tested at 300°C and 1400 psi. 
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ered as an homogenizing treatment. Metallography 
shows that ZA is very inhomogeneous, some areas 
being much richer in zirconium than others. While 
there is no metallographic evidence to support it, 

it is probable that AM503(S) is also inhomogeneous 
in the cast and extruded condition. The high-temper- 
ature heat treatment allows diffusion to occur, and 
removes concentration gradients allowing strain 
aging to occur in the entire volume of the material. 
Evidently in the as-extruded condition, the solute 
concentration is too low in local areas for strain ag- 
ing to occur and the stress index is that normally 
associated with creep. 

In addition to homogenizing the materials, the high- 
temperature heat treatments of ZA and AM503(S) 
produce grain growth. The effect of grain growth 
alone would be expected to increase the value of a 
since large-grained material is generally stronger 
than fine-grained material at slow rates of strain in 
high-temperature creep while the effect is reversed 
at fast strain rates. Nevertheless, even in coarse- 
grained material, m does not usually exceed 5 and 
Servi and Grant® found only a slight change in the 
value of m with aluminum of varying grain size. While 
the grain growth which occurs during the heat treat- 
ment may be expected to effect a significant increase 
in creep strength by reducing the contribution of 
grain-boundary slide to total strain, it cannot alone 
account for the marked transition in behavior shown 
in Figs. 2 and 3. 

It is apparent from metallographic examination and 
from hydrogen and zirconium analyses, that an addi- 
tional factor is operative in the case of ZA. In long- 
term creep tests on heat-treated ZA at 400° and 500°C 
general precipitation is observed, accompanied by 
significant increases in the insoluble zirconium and 
hydrogen contents, see Table IV. As the solubility 
of hydrogen in magnesium is very small}° the in- 
crease in hydrogen is probably associated with the 
zirconium and the formation of a precipitate of zir- 
conium hydride. It should be noted that the hydrogen 
content does not increase during heat treatment and 
the formation of zirconium hydride is'apparently re- 
stricted to the longer term creep tests. Hydride is 
also formed at temperatures as low as 200°C where 
precipitation is restricted to the grain boundaries. 
The source of hydrogen for the formation of zirco- 
nium hydride can only be from the moisture present 
in the creep-test atmosphere and it would appear 
that a certain amount of oxidation at the specimen 
surface is required in order to generate the hydro- 
gen and thus the zirconium hydride. It is thought that 
precipitation of the hydride is not the controlling fac- 
tor in determining the creep properties of the mate- 
rial, since a reduction in slip and an improvement in 
creep resistance is obtained at temperatures below 
400°C where no general precipitation is observed. 
Furthermore, high creep resistance is shown from 
the early stages of the test, while zirconium hydride 
does not form during heat treatment but forms slow- 
ly during the course of the creep test. Precipitation 
of the hydride may therefore be an extraneous effect 
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reflecting a reaction between zirconium atmospheres 
in solution and hydrogen, with the formation of a sep- 
arate phase. It would appear that while this phase 
produced in this manner is effective in reducing slip, 
its presence is not a requirement of high creep 
strength. 

While heat-treated ZA and AM503(S) components 
are generally designed in such a manner as to limit 
stresses to those producing strains of less than about 
1 pet in 40,000 hr, high-rupture ductilities are desir- 
able in these components in order to minimize risks 
of fracture in reactor transients. It can be seen in 
Figs. 2 and 3 that at fast strain rates, both materials 
exhibit high-rupture ductilities, but at the slow strain 
rates rupture figures as low as 7 to 15 pct are ob- 
tained. In the case of heat-treated AM503(S), most of 
the strain occurs in the tertiary creep period, only 
about 1/2 pct strain occurring during steady state 
creep at low strain rates before the rate of strain 
rapidly increases to fracture, see Fig. 11. With 
heat-treated ZA, much larger strains can be accom- 
modated in the steady state period, and the risk of 
premature failure is therefore smaller with this ma- 
terial. 


CONCLUSIONS 


1) Heat treatment of ZA for 96 hr at 600°C in CO, 
and AM503(S) for 4 hr at 565°C in CO, produces a 
marked increase in creep resistance in both alloys 
in the temperature range 200° to 500°C. This effect 
is most pronounced at the higher end of the tempera- 
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ture range and at lower (< 1075 in. per in. per hr) 
strain rates. 

2) The improvement in creep resistance is accom- 
panied by a reduction in ductility compared with as- 
extruded material. This effect is also most pro- 
nounced at the slower strain rates. 

3) The improved creep resistance, which is asso- 
ciated with an abnormally high value of the stress 
index n, can be explained in terms of a) increase in 
grain size, b) homogenization during heat treatment, 
c) strain-aging due to clusters of zirconium, in ZA, 
or manganese, in AM503(S), atoms pinning disloca- 
tions, thus inhibiting slip and localizing deformation 
to grain boundaries. 

4) Intergranular cavitation is observed to some ex- 
tent at all test temperatures and is most noticeable 
in the slower strain-rate tests. 

5) In heat-treated ZA, particularly at 400°C and 
higher temperatures, strain-aging is followed in long- 
term creep tests by precipitation of zirconium hy - 
dride, hydrogen being generated by oxidation in an 
atmosphere containing traces of moisture. 
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Aging of Supersaturated Alpha Phase in a Cu-Si Alloy 


Gary A. Dreyer and D. H. Polonis 


This investigation involved a study of the reactions 
occurring during aging of supersaturated & phase in 
a Cu-Si alloy. The aging processes at temperatures 
below 552°C were studied by means of metallography, 
microhardness, and electrical resistivity measure- 
ments. During the initial stage of aging in the tem- 
perature range 275° to 525°C an anisotropic phase, 


which is visible in the form of striations in the micro- 


structure formed prior to the appearance of the y 
phase. This transition phase has been designated x’ 
due to its structural similarity to the K phase. The 
vate of k' formation during aging increased with 
aging temperature, At 450° and 525°C the reaction 
appeared to reach completion before significant 
amounts of y precipitation were observed. The over- 
all precipitation reaction in this system involved 
four stages: formation of k' , formation of y at a 
grain boundaries, growth of y particles in x’ regions, 
and coagulation of y into large particles. The rela- 
tive role of each of these processes is dependent on 
the temperature of aging. The formation of k' phase 
from supersaturated & during aging increases the 
electrical resistivity and slightly increases the hard- 
ness of a 4.9 pct silicon alloy. The formation of y 
during aging decreases the electrical resistivity and 
increases the hardness until coalescence of y par- 
ticles begins during the final stages of aging. The 
coalescence of y results in a decrease of both elec- 
trical resistivity and hardness. 


HE available literature does not record a detailed 
analysis of the aging processes in Cu-Si alloys. Such 
an analysis has been difficult due to both the limited 
data available and misleading microstructural ob- 
servations which have been reported. Previous work 
suggests that a rather complicated series of proc- 
esses may be involved in the aging of supersatur- 
ated a. The present investigation is concerned with 
an analysis of the sequence of these aging processes 
in a 4.9 pet Si alloy. 

The currently accepted version of the Cu-Si equil- 
ibrium diagram, Fig. 1, was published by C. S. 
Smith in 1940.’ This diagram shows a eutectoid at 
5.2 pct Si with the high temperature phase, x, having 
its composition range entirely to the right of this 
value. 
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By quenching alloys in the composition range 4.6 
to 5.2 pct Si from the a region, Smith was able to 
retain the a phase. However, this phase exhibited a 
striated microstructure which was anisotropic to 
polarized light. These striations were suggested by 
Smith to be duplex twins. 

Using an oscillating crystal X-ray method Barrett” 
Studied alloys containing 4.0 to 5.4 pct Si quenched 
from the a anda + « regions. The striations ob- 
served in quenched specimens were attributed by 
Barrett to quenching stresses. He found that stria- 
tions could also be formed by deformation after 
quenching and identified them as stacking faults in 
alloys containing 4.0 to 5.0 pct Si. Barrett related 
the striations in alloys containing 5.0 to 5.4 pct Si 
both to stacking faults and to a metastable phase 
which he called y’. 

The striated structure reported by Smith’ was also 
obtained by Hoffmann, et al. * By deeply etching 
their specimens the anisotropic phase on the surface 
was removed, leaving a structure which was micro- 
scopically similar to pure copper. By means of 
X-ray analysis before and after deformation at 
room temperature it was concluded that the aniso- 
tropic phase was metastable xk. This conclusion has 
been questioned by Barrett® who attributes the dis- 
crepancy to superposition of x and y’ lines on the 
powder patterns of Hoffmann, et al.° 

The decomposition of supersaturated a toa + y, 
according to Smith’ and Anderson,‘ is very sluggish. 
However, Nony and Dreyer,” and Hoffmann, e¢ al.® 
found that deformation increases the rate of de- 
composition. X-ray studies by Hoffmann, e¢ al.° on 
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Fig. 1—Cu-Si phase diagram. 
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Fig. 2—Metastable phase diagram proposed by Hoffmann, 
et al.3 


aged and deformed specimens led to the proposal of 
a metastable phase diagram, Fig. 2. This diagram 
suggests that below the k eutectoid temperature of 
552°C x phase forms during the decomposition of 
supersaturated a. Upon prolonged aging the meta- 
stable k was reported to decompose toaty. 


EXPERIMENTAL PROCEDURE 


The nominal 4.9 pct (wt pct) alloy used in the 
present study was specially prepared and provided 
in the form of hot-rolled plate by the American 
Brass Co. Chemical analysis revealed the exact 
composition to be 4.85 pct Si, 0.04 pct Fe, and 
95.11 pct Cu. 

Electrical resistivity specimens and metallo- 
graphic specimens were cut from the hot-rolled 
plate. Powder specimens prepared from the 4.9 pct 
Si and a 6.0 pct Si alloy were used to obtain refer- 
ence X-ray patterns of the a and k phases respec- 
tively. Metallographic and resistivity specimens of 
the 4.9 pct alloy were solution treated in the a re- 
gion at 760°C for 40 hr and then water quenched to 
room temperature. Aging studies were subsequently 
conducted in salt baths at 525°, 450°, 375°, 325°, and 
278°C. 

Conventional metallographic preparation methods 
were unsatisfactory because mechanical abrasion 
resulted in formation of the striations on the surface 
which have been reported by previous investiga- 
tors.’~” After considerable experimentation a 
chemical polishing procedure was developed which 
produced satisfactory polished surfaces. Initial 
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Fig. 3—Photomicrograph of 4.85 pct Si alloy quenched from 
a field and prepared by mechanical polishing. X200. 


specimen preparation by conventional mechanical 
polishing was carried through the fine polishing 
wheel. Final surface preparation was accomplished 
by swabbing for approximately 1 min in a 70° to 80°C 
solution of 5 parts glacial acetic acid, 1 part ortho- 
phosphoric acid, 1 part hydrochloric acid, 3 parts 
nitric acid. The surface was then swabbed with a 
20 pct nitric acid solution and etched using a modi- 
fied Smith’s etchant of 4 parts hydrogen peroxide, 
10 parts ammonium hydroxide, 1 part sodium hy- 
droxide, 5 parts water. 

The decomposition of supersaturated a@ at the 
aging temperatures was studied by means of elec- 
trical resistance measurements, microhardness, 
metallography, and X-ray diffraction. Electrical 
resistance values were measured at room tempera- 
ture, 20°C, after successive aging intervals by 
means of a Kelvin double bridge. In this method the 
aging process was interrupted for resistance 
measurements following which the bars were re- 
turned for further treatment. Resistance values 
could be measured to 10°° ohms and specific 
resistivity values were calculated. 


EXPERIMENTAL RESULTS 


Microstructures of Quenched Alloys. Fig. 3 shows 
the striated microstructure typical of specimens 
which were prepared by mechanical polishing after 
solution treatment at 760°C and water quenching. 
This striated structure was similar to that reported 
by Smith,’ Anderson,* and Hopkins.’ Pronounced 
optical anisotropy under polarized light is not 
normally expected in a fcc structure, and the 
appearance of Fig. 3 suggested that a was par- 
tially transformed during specimen preparation. 
The chemical polishing technique previously de- 
scribed produced the isotropic nonstriated surface 
shown in Fig. 4. 

X-ray diffraction patterns of mechanically- 
polished specimen surfaces revealed two prominent 
lines corresponding to the position of the most in- 
tense k lines. These lines were observed at 40.6 
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Fig. 4—Photomicrograph of 4.85 pct Si alloy quenched from 
a@ field and prepared by chemical polishing. X100. 


deg (20) and over the range 45 to 47 deg (26). Fur- 
thermore, the x phase (hexagonal structure) in a 
quenched 6 pct Si alloy exhibited optical anisotropy 
in polarized light examinations. These factors 
strongly indicated that k phase, or a phase closely 
related to it in structure, formed as a result of 
deformation of the supersaturated a during mechan- 
ical polishing. This metastable product phase is 
probably the same as the faulted structure reported 
by Barrett.” 

In order to verify the effect of deformation on the 
microstructure, a series of specimens which had 
been chemically polished were subsequently sub- 
jected to mechanical polishing or deformation by 
microhardness indentation. The microstructures 
revealed striations following both deformation 
methods. In the case of microhardness, the stria- 
tions appeared only in the strained material adja- 
cent to the indentations. 

Microstructures of Aged Alloys. Microstructural 
observations of aged alloys, Figs. 5 to 12, revealed 
the progressive formation of a striated structure 
during the initial stages of aging at the three highest 
aging temperatures, (525°, 450°, and 375°C). Polar- 


Fig. 6—4.85 pct Si alloy quenched from 760°C and aged 6 
min at 325°C. X100. 


1076-VOLUME 221, OCTOBER 1961 


min at 450°C. X100 


ized light examination revealed these striations to be 
anisotropic. The morphology of this reaction prod- 
uct was similar to that of the striations produced by 
surface deformation. Due to the large grain size in 
the homogenized and aged specimens, accurate 
phase analysis by X-ray was not possible. However, 
several reflections in the aged specimens, in addi- 
tion to those reflections of the a phase, were ob- 
served including a sharp line at 40.6 deg (20) and 

a broad reflection between 20 values of 45 and 47 
deg (copper Ka radiation). These reflections were 
identical to those observed on mechanically polished 
specimens, which, coupled with the similarity in 
microstructure, suggested that the initial product of 
aging at these temperatures was similar to that 
produced by surface deformation. 

In view of the apparent relationship between the 
structure of x phase and the striations produced in 
the initial stage of aging the striations have been 
designated 

The rate of formation of the striated structure 
during aging was temperature dependent. An excel- 
lent illustration of this is seen by comparing the 
microstructure of as-quenched samples after aging 


\ J 
Fig. 7—4.85 pct Si alloy quenched from 760°C and aged 76 
hr at 375°C. X400. 
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a ae re Fig. 5—4.85 pct Si alloy quenched from 760°C and aged 6 


1153 hr at 525°C. X400. 
periods of 6 min at both 450 and 325 deg, Figs. 5 and 


amount of x’ appeared as evidenced by the small 
number of thickening or emerging striations which 
were revealed by polarized light. However, aging at 
450°C produced a much more densely striated aniso- 
tropic microstructure. 

Following the appearance of the x’ phase in the 
form of striations across the a grains, y precipita- 
tion could be observed along the @ grain boundaries 
at all aging temperatures. Further aging caused the 
y phase to grow within the a grains themselves in 
areas where heavy concentrations of x’ striations, 
Fig. 7, had previously formed. 

At 525°C the appearance of x’ and y occurred 
within a relatively short time. After only 2 min at 
525°C the microstructure at X400 was heavily stri- 
ated and similar to that of Fig. 5. An additional 100 


min at temperature caused the random formation and 


growth of the precipitate y particles. This process 
continued and after a period of 1153 hr the vy parti- 
cles had grown to the size shown in Fig. 8. 

The same initial behavior occurred at 450, 375, 


Fig. 10—4.85 pct Si alloy quenched from 760°C and aged 
1700 hr at 275°C. X400. 
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6. Within the grains of the 325°C sample only a small 


Fig. 9—4.85 pct Si alloy quenched from 760°C and aged 
510 hr at 375°C. X400. 


and to some extent at 325 deg with the formation of 
x’ and y taking longer times at the lower tempera- 
tures. However, during aging at 450° and 375°C, x’ 
decomposition resulted in the formation of a fine 
pearlitic type two-phase dispersion of a andy in 
contrast to the larger individual y particles that 
were obtained at 525°C. The microstructural changes 
at these intermediate aging temperatures are illus- 
trated in Figs. 7 and 9 which show the structure 
after aging for 76 and 510 hr at 375°C, respectively. 

After 50 min at 275°C the first faint indications of 
the k’ phase were noted. However, the formation of 
k’ was very Sluggish with only a slight amount 
having formed after 600 hr of aging. The formation 
of small amounts of the y phase could be observed 
at the a grain boundaries after 600 hr. Continuing 
the aging of specimens at 275°C for 1700 hr caused 
the formation of a much larger amount of x’ with 
only a very slight increase in the y content, Fig. 10. 
This increase in the y content was observed only at 
the grain boundaries. 

Microhardness. The as-quenched hardness of the 
homogenized alloy was 106 Dph. This hardness 


Fig. 11—4.85 pct Si alloy quenched from 760°C and aged 
1100 hr at 450°C. X400. 
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100 hr at 325°C. X400. 


rapidly increased after relatively short aging times 
at the higher temperatures, 525°, 450°, and 375°C, to 
values near 140 Dph., Fig. 13. Following the initial 
increase, the hardness remained fairly constant for 
relatively long periods (17 to 50 hr) before another 
significant increase occurred. At the time of the 
second hardness increase the hardness trend at 
375°C deviated from that expected for a precipitation 
hardening reaction. At 525°C the hardness maximum 
occurred after approximately 117 hr and had a lower 
value than that obtained at 450°C after approximately 
300 hr. However, at 375°C, though the maximum 
hardness did occur later than at 450°C, the maximum 
value was lower. 

At 325° and 275°C the effect of temperature was 
very much less noticeable, and there was only a 
gradual increase in the hardness in the first few 
minutes of aging. After 17 hr at 325°C the hardness 
remained fairly constant at 140 Dph until the speci- 
men had been aged approximately 170 hr. 

Aging at 275°C caused a gradual hardness increase 
with no evidence of a hardness plateau. This gradual 
increase continued until a sharp increase occurred 
after approximately 340 hr. The hardness maximum 
at the lower temperature, though occurring at a later 
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Fig. 14—Variation of electrical resistivity during aging 
at several aging temperatures. 
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Fig. 13—Variation of vickers microhardness with aging 
time at several aging temperatures in the range 275° to 
525°C. 


time, was less than that obtained at the higher tem- 
peratures. 

Electrical Resistivity. Coarse grinding the resis- 
tivity bars after aging undoubtedly caused the forma- 
tion of some x’ due to the deformation of the super- 
saturated a on the surface of these bars. Because 
the deformed layer was very thin compared to the 
dimensions of the bars themselves it was assumed 
that the x’ thus formed had no effect on the resis- 
tivity measurements. 

As shown in Fig. 14, the resistivity, which was 
20.2 microhm-cm in the as-quenched alloy, in- 
creased by varying amounts after periods of less 
than 10 min at 525°, 450°, and 375°C. At 325° and 
275°C the resistivity increase was much slower and 
took place only after a much longer aging time. 

At 525°, 450°, 375°, and 325°C, the change in resis- 
tivity was like that expected in a precipitation type 
reaction. That is, the resistivity peak was greater 
and occurred at a later time for lower aging tem- 
peratures. From the shape of the curve at 275°C it 
would be expected that the eventual resistivity maxi- 
mum would be greater than that obtained at any of 
the other aging temperatures. ° 

At the three higher temperatures, 525°, 450°, and 
375°C, the curves were almost symmetrical about 
their maximums and showed no resistivity plateaus 
such as those exhibited by the hardness curves in 
Fig. 13. At 275° and 325°C there was a short period 
of constant resistivity followed by a gradual increase 
similar to the initial hardness behavior at these 
temperatures. 


DISCUSSION OF RESULTS 


The experimental results indicate that four dis- 
tinct stages are involved in the decomposition of 
supersaturated a phase. These include formation of 
a transition phase x’, precipitation of y at the a 
boundaries, formation of an intimate dispersion of 
a@ and y from x’, and coalescence of the y into larger 
particles. The role of each of these processes in 
the overall reaction toward equilibrium depends on 
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the particular aging temperature, and considerable 
overlapping of the stages has been observed at the 
intermediate aging temperatures of 375° and 450°C. 

The first stage process involving x’ formation 
appeared to control the subsequent mode of y pre- 
cipitation within the grains. Microstructural obser- 
vations have shown conclusively that y precipitation 
away from the a boundaries occurs only in regions 
where x’ has already formed at each aging tempera- 
ture. In the present work it has not been possible to 
determine whether significant composition changes 
were involved in the formation of x’. The broad X- 
ray reflections of this transition phase made it 
impossible to detect any line shifts which would 
indicate composition differences between x’ and the 
k phase detected in the 6 pct Si alloy. 

The initial formation of y phase occurred at the a 
boundaries at all the aging temperatures studied. At 
525°C the x’ reaction was almost completed before 
the y phase was detected either metallographically 
or by X-ray. The fast formation of x’ together with 
the higher diffusion rates at 525°C as compared to 
those at lower aging temperatures favors a random 
distribution of y precipitate particles. Furthermore, 
the reaction appears to be growth controlled with 
fewer particles growing per unit area than at the 
lower aging temperatures. Since the x’ has formed 
uniformly in all a grains at 525°C prior to y forma- 
tion there is a uniform distribution of y particles 
throughout the microstructure at all times during y 
precipitation. 

During aging at 450° and 375°C, y precipitation was 
also detected before the x’ reaction had gone to com- 
pletion. y precipitation occurred on a much finer 
scale than at 525°C and appeared only in regions 
where the k’ reaction had already occurred. This 
decomposition process resulted in an intimate dis- 
persion of a and y phases which resembles a 
pearlite-type distribution, Fig. 9. The distribution 
of a +¥ patches at 375° and 450°C supports the con- 
tention that y precipitation in a particular region of 
the microstructure depends on the prior formation of 
Kk’. The coalesence of y from the pearlitic disper- 
sion requires an extremely long heat treatment. This 
is indicated by Fig. 11 which shows evidence of the 
pearlitic structure even after aging the alloy 1100 
hr at 450°C. 

The formation and growth of x’ at 325° and 275°C 
was much more Sluggish than at the higher tempera- 
tures. The initial y precipitation at both 275° and 
325°C occurred at the a boundaries where x’ had 
already formed. Consequently, as at higher aging 
temperatures, the y precipitation was dependent on 
the prior formation of x’. Prolonged aging at 275°C 
for 1700 hr, Fig. 10, was sufficient to cause exten- 
sive x’ formation within the grains but this time 
was insufficient to cause significant y precipitation 
away from the boundaries. Fig. 12 shows the same 
behavior occurring after aging only 100 hr at 325°C. 

The hardness and electrical resistivity curves, 
Fig. 13 and 14, for 525°C show a large increase from 
the as-quenched property values, 106 Dph., within 
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only 6 min. This time interval corresponds to the 
formation of the x’ phase from supersaturated a. 
Approximately an hour at 525°C caused the formation 
of y at the grain boundaries. However, the formation 
of this initial y did not involve as pronounced a 
hardness increase as the a tox’ transformation. 
Also, there was a gradual decrease in the slope of 
the resistivity curve indicating that the formation 

of y caused a resistivity decrease. This decrease of 
resistivity accompanying y precipitation is to be 
expected in view of the solute redistribution accom- 
panying the precipitation of y. The initial hardness 
increase reached a value which remained nearly the 
same, 140 Dph, until the a tox’ transformation was 
nearly complete. At this time, after aging approxi- 
mately 17 hr at 525°C, the resistivity decrease of 
Fig. 14 indicated that the predominant process was 
the decomposition of x’ to forma +y. This reaction 
caused a hardness increase which reached its peak 
after approximately 117 hr following which the coal- 
escence of the y particles caused a hardness de- 
crease. 

At 450° and 375°C the same behavior occurred as 
mentioned above except that the transformation was 
more Sluggish than at 525°C. This was revealed by 
the relative position of the hardness and resistivity 
maxima which occur later at the lower temperatures. 

At 275°C there was only a gradual increase in the 
hardness until a maximum was obtained. The resis- 
tivity was only slightly affected during the first 68 
hr after which there was a steady increase. This 
indicated very little x’ formation over a relatively 
long aging time. Near the end of this period the y 
began precipitating from the x’ at the grain boun- 
daries. The maximum hardness represents the 
maximum hardening effect of the grain boundary y. 
However, «’ was still forming according to the re- 
sistivity increase shown in Fig. 14, so it would be 
expected that aging for an additional period of 
months would be needed to obtain striations similar 
to Fig. 5. The formation of y from x’ within the 
grains would be expected to occur only after extended 
heat treatment at 275°C. 

The aging of a at 325°C involved a combination and 
overlapping of the processes observed at higher tem- 
peratures coupled with the boundary reaction ob- 
served during aging at 275°C. The observations can 
be interpreted in detail in the following manner: 

1) During the first 68 hr of aging the reaction 
a — k’ proceeds. 

2) In the interval 68 to 204 hr two reactions 
occur simultaneously. These reactions are: a) 

a — x’ which is a continuation of 1) and causes a 
net increase of resistance, and b) the reaction 
x’ — y which results in a decrease in resistivity. 

If these two reactions balance, then no net resis- 
tance change will be expected. However, the y for- 
mation depends on the availability of x’. As this k’ 
is consumed the rate of y formation slows down and 
formation of more x’ will be necessary before the 
rate of y formation increases to affect the electrical 


resistivity. 
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This analysis can account for the irregular trend 
in the change of electrical resistivity at 325°C. In 
the 68 to 204 hr interval y precipitated rapidly 
from the x’ formed during the initial 68 hr of aging 
and caused a resistivity decrease. However, at the 
end of 204 hr, when most of the initially formed k’ 
was consumed, only a small amount of y was being 
produced. 

After 204 hr of aging, the principal reaction af- 
fecting the resistivity was the a — x’ transforma- 
tion. 

3) In the 204 to 1360 hr interval the reaction 
a — x’ resulted in a net increase in resistivity. 

The data suggest that the arrest in y precipitation is 
due to the need for additional nucleation in the x’ 
formed during the later stages of aging. It appears 
that a significant incubation period is necessary for 
y nucleation, after which the growth of y proceeds 
readily at 325°C. The incubation period necessary 
for y growth is also evident at the higher aging 
temperatures (450° and 525°C) where the x’ reaction 
appears to go to completion and there is a delay be- 
fore y phase can be detected metallographically. 

4) After 1360 hr of aging, the a — x’ reaction has 
gone to completion, and the precipitation of y pro- 
duces a net decrease in resistivity. 


CONCLUSION 


Supersaturated a phase containing 4.9 pct Si is 
extremely unstable and undergoes transformation as 
a result of either deformation or aging below 552°C. 
The transformation results in the formation of 
anisotropic striations in the microstructure which 
have been designated in the present work as k’. 

The first stage of the aging process can be quali- 
tatively interpreted by means of the metastable 
diagram proposed by Hoffmann, et al.* However, as 
shown in the present work, the alloy undergoes a 
complex sequence of reactions during decomposition, 
depending on the aging temperature. 

At higher aging temperatures, i.e., above 500°C, 
the x’ phase undergoes some decomposition within 
the first 100 min and can hardly be considered 
‘‘metastable’’ at these temperatures. The meta- 
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stable phase diagram, Fig. 2, indicates that x phase 
is formed in the first stage reaction. In the present 
study, the X-ray reflections associated with the 
first stage reaction product appeared at angular 
positions corresponding to strong k peaks. However, 
the limited X-ray work of the present study does not 
preclude the possibility that the structure of the 
phase during its initial stages of formation may be a 
transition between the fcc and cph phases. 

From the present work it is concluded that the 
precipitation of y phase and the ultimate achieve- 
ment of equilibrium depends on the initial formation 
of the transitional striated structure. The forma- 
tion of y depends on the presence of x’ as shown 
clearly during aging at 325°C where the y precipita- 
tion rate slows down due to the consumption of the 
initially formed kx’. The y precipitate morphology 
varies with aging temperature with a fine pearlitic 
type dispersion predominating at temperatures be- 
tween 325° and 450°C and a much coarser y formation 
resulting from aging at 525°C. 
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Recovery and Recrystallization in 99.98 Pct Chromium by M. E. de Morton 
Micrographs in Fig. 1 in present position should read 1(6), (a), (d), and (c). 
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Technical Notes 


Axial Thermal Expansion of Rhenium 


R. J. Wasilewski 


THERMAL expansion of rhenium data have been re- 
ported by Agte et al.,’ and Medoff and Cadoff,’ re- 
spectively, while the linear expansion coefficient was 
determined by Sims et al.* Denoting expansion coef- 
ficients parallel and at right angle to c axis by aj, and 
a, respectively, their weighted mean @=(a) + 2 a4)/3 
should be equal to dilatometric linear coefficient of a 
random polycrystalline specimen. The values re- 
ported for these coefficients are tabulated below: 
Since these values are in poor agreement, and be- 
cause of anomalous expansion behavior observed in 
titanium‘ and chromium,* a redetermination of the 
axial expansion was carried out. 

A Unicam 19-cm-diam high-temperature camera 
was used, with unfiltered CuK radiation. Camera 
calibration was carried out using at Pt wire standard® 
at temperatures up to 1100°C, the variation between 
indicated and true temperature being within the ex- 
perimental error @stimated at <3°C) above 750°C. 

Rhenium @ohnson Matthey spectrographic stand- 
ard) was vacuum annealed at 1000°C prior to X-ray 
diffraction experiments. Lattice parameters were 
obtained by least-squares solution using the reflec- 
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Fig. 1—Relative axial expansion of rhenium between 25° 
and 1290°C. Aa—expansion in basal plane; Ac—expansion 
parallel to c axis. 
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Table |. Published Thermal Expansion Data 


Temperature 
Ref, x 10-°/°C Range, °C 
1 12.45 4.67 7.26 25 to 1917 
2 5.0 6.0 5.67 25 to 1000 
3 6.6 20 to 100 
6.8 20 to 1000 


tions (1232), (1015), (2024), and (3030) for all the 
patterns, and the additional reflection (2133) for 
higher temperature (400°C and above) patterns. 

The relative expansion data obtained are shown in 
Fig. 1, lengths of the vertical bars indicating the 
spread in the parameter values obtained by using 
various combinations of three spacings from the 
four or five measured. The data calculated from 
the equation of Ref.2 are included for comparison 
purposes. Several specimens were used to obtain 
the above data, neither of them showing a significant 
parameter change after completion of the high tem- 
perature runs. Some parameter data and the cor- 
responding expansion coefficients between 25°C and 
the measurement temperature are tabulated below. 

The comparison of the present data with those pre- 
viously reported shows reasonable agreement with 
the results of Medoff and Cadoff* within the tempera- 
ture range covered by them (up to 1000°C). The a 
values are appreciably higher throughout most of the 
investigated temperature range. The basal expansion 
is—in agreement with their findings—appreciably 
higher than that in the direction of hexagonal axis. 
The expansion coefficient,a,, however, decreases 
rather more slowly with temperature than previously 
reported. 

The expansion along the c axis up to nearly 1000°C 
appears in excellent agreement. However, at higher 
temperatures there is a marked deviation towards 
higher expansion, reproducible between different 
specimens. Furthermore, there seems to be some 
irregularity in the variation of a), with temperature, 
the apparent local minimum and maximum values at 
510° and 1024°C, Table II, being well outside the ex- 
perimental error limits. 

It must be stressed that the apparent discontinuity 
in the c parameter expansion is still insufficient to 
account for the expansion value reported by Agte 
et al.,’ since a total expansion of close to 2 pct would 


Table Il. Lattice Parameters and Thermal Expansion 
of High-Purity Rhenium 


Expansion 
Tempera- Coefficient 
ture, °C a, A c, A Oy ay a 
* 2.7608 4.4583 Not determined 
2.760 4.458 6.6 
25° present work 2.7609 + 4 4.4576 + 4 - ~ = 
202° 2.7649 4.4622 4.95 7.18 6.44 
320° 2.7670 4.4647 5.17 7.49 6.72 
510° 2.7705 4.4680 4.80 7.19 6.39 
810° 2.7755 4.4762 5.28 6.72 6.3 
1024° 2.7794 4.4835 5.79 6.70 6.39 
1200° 2.7828 4.4865 4.65 6.75 6.05 
1288° 2.7844 4.4880 4.62 6.73 6.03 


*converted from KX units. 
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be required over the temperature interval 1290° to 
1917°C. The change of slope, however, is undoubt- 
edly marked just below 1000°C, indicating a second 
order transition—possibly one involving a rearrange- 
ment of electron spins.* Two additional possible 
slope changes may be present—at 200°C in a,, and 
at about 550°C in a@—both of these, however, lie 
within the experimental error limits. 

In conclusion, it needs to be stressed that fitting 
of experimental points to an expression of the usual 
quadratic type may not be justified in some, at least, 
transition metals. High precision determination of 
lattice expansion reported in the present work indi- 
cates that slope discontinuities in thermal expansion 
do exist in rhenium. The bonding changes causing 
these are not clear at present. 

The high-temperature X-ray diffraction work was 
carried out by A. T. Weinmann. 
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Hydrogen from a Hydrocarbon 
Lubricant Absorbed by Ball Bearings 
D. E. Swets and R. C. Frank 


Ir is well known that hydrogen is introduced into 
iron or steel as a result of many chemical processes 
(acid pickling, electrolytic cleaning, plating, etc.). 
One of the reactions that has been of recent interest? 
is the reaction between an iron surface and water 
vapor. It was shown a few years ago“ that hydrogen 
can be introduced into steel at an accelerated rate 
during abrasion as a result of this reaction. Grun- 
berg and Scott have also observed that water in mi- 
neral oil lubricants increases pitting failure in ball 
bearings® and they have suggested that hydrogen 
from the water is the primary cause of this effect.® 
In this laboratory, the question was raised as to 
whether or not hydrogen is also introduced into the 
metal surface of a bearing as a result of the decom- 
position of the hydrocarbon lubricant itself, and an 
experiment was performed to try to find a satisfac- 
tory answer. 
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All steel parts contain some residual hydrogen. 
Therefore, it appeared that the best way to carry out 
this experiment without the need for highly accurate 
quantitative analyses was to use deuterium as a 
tracer. The natural abundance of deuterium in H, is 
only 0.015 pct. The tracer was obtained in the form 
of deuteroparaffin (CD,(CD,),, CD,) and 0.25 g were 
dissolved in 20 cc of mineral oil to form the lubri- 
cant to be used in the tests. The bearings used were 
New Departure Type QOLOO ball bearings with a ball 
diam of 0.187 in. Prior to adding the mineral oil- 
deuteroparaffin lubricant, the bearings were cleaned 
in warm trichloroethylene to remove the packing 
grease. After packing with the new deuterated lubri- 
cant, the bearings were operated in a bearing fatigue 
test machine under a radial load of 190 lb anda 
thrust load of 190 lb at a speed of 3800 rpm. The ex- 
pected life under these conditions is about 500 hr. 
Two tests were made; one for a period of 27 hr and 
the other for a period of 102 hr. The bearings 
achieved a temperature of 120° F during the tests. 
When the tests were stopped the balls were mechani- 
cally removed from the bearings and were immedi- 
ately placed in liquid nitrogen to reduce degassing 
until the analysis for deuterium could be made. 

Before analyzing, the balls were warmed to room 
temperature and scrubbed with several degreasing 
agents to remove all traces of the deuteroparaffin 
mixture. This cleaning procedure was shown to be 
satisfactory by running a control test in which one 
ball bearing was subjected to all parts of the test ex- 
cept running in the fatigue machine. 

The hydrogen and deuterium were removed from 
the balls using a hot extraction apparatus attached 
to a mass spectrometer. Four balls from each bear- 
ing were analyzed. Each one was analyzed separate- 
ly by removing it from a cold storage volume of the 
hot extraction apparatus and transferring it to the 
oven tube with a magnet. As the gases were evolved 
they were analyzed with the mass spectrometer. 
Since the hydrogen and deuterium pass through steel 
in the atomic form and since there are many more 
hydrogen atoms than deuterium atoms in the sample, 
the probability of forming an HD molecule is greater 
than forming a D, molecule. For this reason the 
evolution of HD and H, was followed as each ball was 
placed in the oven. 

The results showed that as each ball from the test 
bearing was dropped into the oven, the mass spec- 
trometer recording of the HD evolution increased by 
about ten divisions. When balls from the control 
test bearing were dropped into the oven, the increase 
was about one division or less. The hydrocarbon 
background in the mass spectrometer was also mon- 
itored to see if hydrocarbons or deuterocarbons were 
given off when the balls were dropped into the oven, 
but no change in the hydrocarbon peaks was observed. 
Since the balls contained a fair amount of residual 
hydrogen, isotope ratio measurements were made on 
the gas obtained from each ball. The D/H value 
found for those balls which had been operated in the 
fatigue testing machine was consistently about 0.3 
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pct which is about 20 times greater than the natural 
abundance. The tests therefore clearly show that 
hydrogen (or deuterium) which was originally part 
of a hydrocarbon lubricant can be absorbed by steel 
parts when those parts are operated in the lubricant. 
The actual mechanism by which the hydrogen (or 
deuterium) is transferred from the hydrocarbon into 
the metal is not known and must be determined by 
other experiments. 
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Orientations of Large Grains in 


Tungsten Wire 


A. J. Opinsky, J. L. Orehotsky, and L. L. Seigle 


T uncsten incandescent lamp filaments possess 
a typical structure of elongated crystals generated 
upon heating the silica-alumina doped wire rapidly 
to 2200°C or above.’ It is known that these very long 
grains exhibit a preferred orientation, but there is 
disagreement in the literature about the direction. 
Rosi,” and later Rieck, reported that the <135> di- 
rection of the large grains in doped wire tends to be 
parallel to the wire axis, but other investigators have 
reported that <110> is the preferred direction.*~’ 
Some further investigation of the orientations of large 
grains in tungsten wire is reported in the following. 

In the first series of experiments, 6-in. lengths of 
wire were heated rapidly in a bell jar. Current was 
passed through the wires and within 15 sec the wires 
had reached the grain coarsening temperature. 2 min 
was the annealing time. Wires were heated in hydro- 
gen, nitrogen, and vacuum. Later, wires were heated 
in an evacuated tube furnace in which the tube was 
brought from 1000°C to the operating temperature 
within 25 sec and held 5 min at temperature. Tem- 
peratures were measured with an optical pyrometer. 
After heating, the wires were electropolished and 
etched, and the orientations of the large grains de- 
termined by the Laue back-reflection technique. 

Most of the experiments were carried out on a 
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(a)HYDROGEN-2225°C (b) VACUUM -2250°C 


(c) NITROGEN-2125°C (d) NITROGEN-3150°C 


(e) NITROGEN- 3200%-3300°C 


Fig. 1—Grain orientations in 5-mil silica-alumina doped 
wires, directly heated. (a) Hydrogen—2225°C (b) Vacuum— 
2250°C (c) Nitrogen—2125°C (d) Nitrogen—3135°C 

(e) Nitrogen—3200° to 3300°C. 


single spool of 5-mil silica-alumina doped wire, but 
a few tests were made with 5-mil thoriated tungsten 
wire and 10-mil undoped wire. 5-mil silica-alumina 
doped wires were reduced to smaller diameters by 
electropolishing for one series of experiments. 

Orientations of the large grains in silica-alumina 
doped wire heated in various atmospheres are pre- 
sented in Figs. 1 and 2 as plots of the direction of 
the wire axis relative to the cube axes of the crys- 
tals. For most of the conditions studied, the pre- 
ferred orientation cannot be described as a single 
direction, but the points might be said to group them- 
selves about the arc passing through <110> and <113>. 
This arc is the trace of the {211} planes and con- 
tains the <135> and <12@ as well as <011> direc- 
tions previously observed by other investigators. 
The preferred orientation of large crystals in silica- 
alumina doped tungsten wire might be most generally 
described, therefore, by stating that a {211} tends to 
be parallel to the wire axis. This is true also for 
wires reduced in diameter by etching and furnace 
heated, Fig. 2, i.e., the recrystallization texture is 
apparently unchanged upon removal of the outer lay- 
ers and substantially independent of the temperature 
gradient within the wire. 
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(a) UNETCHED —- 2400°C 


(b) ETCHED TO 0.002" 
2440°C 


(c)ETCHED TO 0.0008" 
2580°C 


Fig. 2—Grain orientations in 5-mil silica-alumina doped 
wires electropolished to smaller diameters and heated in 
furnace. (a) Unetched—2400°C (0) Etched to 0.002 in. 
2440°C (c) Etched to 0.0008 in. 2580°C. 


It must be noted that in a few instances in various 
types of wire the more specific preferred directions 
observed by previous investigators were obtained. 
Thus the elongated grains in silica-alumina doped 
wire heated rapidly to 3200 to 3300°C have an <011> 
direction quite closely parallel to the wire axis, Fig. 
1. All of seven large grains in 0.1 pct thoria-doped 
wire have <135> closely parallel to the wire axis, 
Fig. 3. Elongated large grains produced in undoped 
tungsten wire by straining 2 pct at approximately 
225°C and annealing in steps from 1400° to 1600°C 
have <011> roughly parallel to the wire axis, Fig. 3. 
Large grains in undoped wires annealed for 20 min 
at 3000°C show some tendency towards an <011> 
alignment, although there is also considerable scatter 
away from this orientation, Fig. 3. 

If the preferred orientation of elongated grains in 
silica-alumina doped tungstein wire is governed by 
the condition that {211} tends to be parallel to the 
wire axis, orientations possessing two {211} planes 
parallel to the axis might occur more frequently. 
There are three such orientations on the {211} pas- 
sing through <110>, the orientation present in the 
cold-worked fiber texture: <110>, <135>, and <113>. 
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(a) 0.1% ThO,-2400°C 


(b) UNDOPED — 3000°C 


(c) UNDOPED — STRAIN 
ANNEALED I600°C 


Fig. 3—Grain orientations in 5-mil thoriated and 10-mil 
undoped wires, directly heated. (a) 0.1 pet ThO,—2400°C 
(b) Undoped—3000°C (c) Undoped—strain annealed 1600°C. 


This may help to explain the concentrations of orien- 
tations sometimes observed near <110> and <135, 
since these orientations are close enough to that of 
the fiber texture to have a reasonable probability of 
occurrence. On the other hand, <113> and two other 
possibilities not on the {211} passing through <110> 
—<210> and <111>—are too remote. 

The preferred orientation might also be described 
by stating that the <211> direction of the elongated 
grains tends to lie in the wire cross-section, which 
suggests some thoughts about the mechanism of nu- 
cleation of these grains in the original fibrous struc- 
ture. A possible mechanism is an oriented growth 
process in which certain fibers in the cold-worked 
structure grow radially to a critical thickness and 
become the nuclei for the large grains. The observed 
final orientations suggest that <211> is the preferred 
crystallographic growth direction in the structure. 


J. Smithells: Tungsten, Chapman and Hall, London, p. 137, 1957, 

D. Rosi: Sylvania Technologist, 1957, vol. 4, p. 82, 
3G. D. Rieck: Acta Met., 1958, vol. 6, p. 360. 

A. Swalin and A. H. Geisler: J, Inst, Metals, 1957-58, vol. 86, p. 129. 
. Nelson: Massachusetts Institute of Technology Thesis, June 8, 1938. 
. Bien: Phys. Rev., vol. 47, p. 806. 
. Schmidt: Z. Physik, vol. 120, p. 69. 
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Tensile Properties of Hot-Worked Table |. Tensile Properties of Hot-Worked Pyrolytic Graphite 


Hot-Working 


Pyrolytic Graphite at 2750°C 
Ultimate 
W. V. Kotlensky and H. E. Martens pony Strain Temp Strength 


10,000 
18,080 7.6 Room 22,700 


In an earlier communication, Ref. 1, the authors None 1650 15,500 
presented the tensile properties and the changes in pp Bei 1650 20,400 
crystal structure and microstructure for pyrolytic 
graphite tested at 2750°C. It was suggested that te ore pen 
changes in the structure may have an effect on the 13,700 7.7 2200 po 
tensile properties of this material. Accordingly, 36,900 18.2 2200 49,200 

59,300 36.9 2200 56,300 


tensile tests were run on a series of specimens, 
from one block of pyrolytic graphite, some of which 
were hot-worked by being strained at 2750°C, others 50 : 
of which were tested in the as-deposited condition. 
According to the manufacturer, General Electric 
Co., the polycrystalline material was deposited at 
2100°C on a substrate of synthetic graphite by decom- 


position of a dilute natural gas mixture. The as- TESTED AT——> 
deposited material had a density of approximately 40 2200 °C 
2.19 g per cc, and as shown in Fig. 1 had a structure 
of medium size growth cones which were regenera- 
tively nucleated. L 
All specimens had a gage section 0.75 in. long by V4 
2 30 
x 
x 
STRAINED AT- 
2750°C 
STRESS——> 


REMOVED, 
AND COOLED 
TO 2200°C 


5 10 15 20 25 
STRAIN, % 


Fig. 2—Engineering stress-strain curve for pyrolytic 
graphite prestrained at 2750°C, tested at 2200°C. Stress 
parallel to basal planes, strain rate 2 x 1074 sec™!. 


18.2 pct deformation 36.9 pct deformation 


0.06 in. wide by 0.1 in. thick with the thickness direc- 
tion perpendicular to the basal planes. The testing 
method and equipment used have been previously des- 
cribed, Ref. 2 and 3. For both the hot-working and 


Fig. 1—Microstructure of pyrolytic graphite. (Polarized 
light, unetched). 


W. V. KOTLENSKY and H. E. MARTENS are Senior Sci- 


entist and Assistant Chief, respectively, Materials Research the testing the load was applied parallel to the basal 
— Jet ro nai oo California Institute of planes; a cross-head speed of 1.5 x 104 in. per sec 
echnology, Pasedena, Cal if. 
Manuscript submitted May 1, 1961. IMD was used. All heating was done in an atmosphere of 
bottled helium. 
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(100) 


(101) 


DEFORMATION 


INTENSITY, arbitrary units 


| 18.2% DEFORMATION 


7.6% DEFORMATION 
| 
AS DEPOSITED 
“e 38 40 42 a4 46 48 50 


DOUBLE BRAGG ANGLE 26, deg 


Fig. 3—Development of modulations in the (10) X-ray 
reflections of pyrolytic graphite after various deforma- 
tions at 2750°C. CuKa radiation. 


Results obtained are given in Table I. These show 
that an increase in ultimate tensile strength of nearly 
300 pct can be realized at 2200°C in a material de- 
formed 37 pct at 2750°C. A typical engineering 
stress-strain curve recorded during the straining at 
2750°C as well as during the testing at 2200°C is 
shown in Fig. 2. For all specimens, prestrained or 
not, the elongation recorded during the tensile test- 
ing was less than 2 pct. 

Evidence that changes in structure did occur dur- 
ing the straining at 2750°C is presented in Figs. 1 
and 3 which show the microstructure and the X-ray 
diffractometer tracings after various amounts of de- 
formation. It should be noted that after 36.9 pct de- 
formation the growth cone structure has disappeared, 
and the two dimensional (10) reflection has split into the 
crystalline (100) and (101) reflections. Although the 
changes at the smaller deformations are not as 
marked, they still have an effect on the tensile 
strength, Table I. 

This communication presents the results of one 
phase of research carried out at the Jet Propulsion 
Laboratory, California Institute of Technology, under 
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Contract NAS w-6, sponsored by the National Aero- 
nautics and Space Administration. 


1H. E. Martens, and W. V. Kotlensky: Nature, 1960, vol. 186, no. 4729, pp. 


-962. 
ae E. Martens, L. D. Jaffe, and J. O. Jepson: Proceedings Third Conference 
on Carbon, p. 529, Pergamon Press, London, 1959; Mem. Scientifiques Rev. Met- 
allurg., 1959, vol. 56, no. 7, pp. 721-730 

H. E. Martens, D. D. Button, D. B. Fischbach, and L. D. Jaffe: Proceedings 
Fourth Conference on Carbon, p. 511, Pergamon Press, London, 1960. 


The Effect of Cyclic Loading on 
MgO Single Crystals 


A. J. McEvily, Jr. and E. S. Machlin 


Tue results of an experimental investigation by 
McEvily and Machlin’ have indicated that a strong 
relationship exists between the processes of cross 
slip and fatigue. Whenever dislocations can cross 
onto an intersecting plane and expand thereon, as 

in AgCl crystals, the usual type of S-N behavior is 
obtained, but when such a process is difficult, as in 
NaCl crystals, fatigue does not occur in its usual 
manner, if at all. MgO, because of its crystal struc- 
ture (NaCl type) and slip systems ({110}<110>) 
would not be expected to fail in fatigue. However, 
Cornet and Gorum? have found something akin to the 
usual type of fatigue behavior for MgO crystals. The 
purpose of this note is to attempt to resolve this ap- 
parent discrepancy. 

In Cornet and Gorum’s work as-cleaved crystals 
were tested under cyclic axial loading, whereas in 
McEvily and Machlin’s work chemically -polished 
crystals were tested in reversed bending. Because 
of the difference in specimen preparation, the major 
effort of the present work was directed toward com- 
paring the behavior of as-cleaved as opposed to 
chemically -polished specimens. The effect of type of 
loading seemed less important, but a check was made 
on this also. ‘ 

Eighteen bend tests and one axial load test were 
made. The specimens were cleaved from Norton 
magnorite blocks, and measured 1 by 3/16 by 1/8 in. 
To avoid failures in the grips, the thickness of the 
bend specimens was reduced from 1/8 in. near the 
ends to 0.04 in. in the central portion. This reduc- 
tion was from one side of the crystal only. Twelve 
specimens were polished in orthophosphoric acid to 
remove the damage due to cleavage. The other six 
specimens were not chemically polished so as to 
maintain the as-cleaved condition of the crystal faces 
which had not been reduced. The axial-load speci- 
men was reduced from both faces to a thickness of 


A. J. McEVILY, Jr., Member AIME, formerly with the Na- 
tional Air and Space Administration, Langley Field, Va., is 
now with the Scientific Laboratory, Ford Motor Co., Dearborn, 
Mich. E. S. MACHLIN, Member AIME, is Professor of Metal- 
lurgy, Columbia University, New York, N. Y. 

Manuscript submitted May 17, 1961. IMD 
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0.04 in. in the central portion and chemically pol- 
ished. All specimens were heat treated for 3 hr in 
air at 1000°C, and then air cooled. 

Unidirectional bend tests revealed that the yield 
strength of these crystals was independent of sur- 
face condition and was approximately 20,000 psi. 
Specimens with as-cleaved surfaces work hardened 
more rapidly than did specimens with polished sur- 
faces. “As-cleaved” specimens failed at an Mc/I 
stress of 36,000 psi at 1 to 2 pct strain, whereas 
polished specimens failed at 30,000 psi at strains 
of 10 pct. 

As is known, time after cleaving MgO crystals 
can affect mechanical behavior.* To check on wheth- 
er this time effect was sensitive to surface condition, 
one specimen of each type was stored, after prepara- 
tion, for 6 months before testing. The polished speci- 
men showed no reduction in ductility, whereas the 
as-cleaved specimen was quite brittle. These re- 
sults suggest that embrittlement is due to the absorp- 
tion of air in cleavage microcracks. The fact that a 
vacuum anneal, which would allow desorption to oc- 
cur, restored ductility to as-cleaved MgO crystals* 
is in support of this viewpoint. 

In the cyclic load tests the specimens were tested 
at an initial stress level below the yield stress. If 
the specimen endured 105 cycles at this level, the 
stress was increased by 1000 psi and run for another 
105 cycles before again increasing the stress level. 
In this manner polished specimens were tested at 
stress levels as high as 70,000 psi. On the other 
hand, as-cleaved specimens failed at stresses of 
22,000 psi, or just above the yield stress. All fail- 
ures occurred almost immediately upon increase of 
the stress level, and so were of the static rather 
than the fatigue type failure. The relationship be- 
tween load and deflection was found to be linear after 
10° cycles at a given stress level, so that the MgO 
crystals work hardened considerably. The axially 
loaded specimen failed prematurely in the grips at 
a stress level of 35,000 psi, indicating that the dif- 
ference in mode of testing is not an important factor. 

In the tests reported here chemically polished spe- 
cimens were able to sustain much greater stresses 
than those in the as-cleaved condition, and in each 
case failures occurred within a few hundred cycles 
at most. In Cornet and Gorum’s work on as-cleaved 
crystals finite lifetimes up to 10° cycles were ob- 
tained at stresses just below yield, which in their 
case was only 8000 psi, a much lower value than the 
20,000 psi of the present tests. The presence of 
microcracks in as-cleaved crystals is now well es- 
tablished>’* and would appear to account for the dif- 
ferent results obtained. Clarke and Sambell> have 
shown that the critical Griffith crack size at 8000 
psi is ten times as long as at 20,000 psi. This sug- 
gests that the finite lifetimes observed by Cornet 
and Gorum were due not only to the lower propagat- 
ing stresses but also to the larger critical crack 
stress involved in their tests. The absence of fa- 
tigue failures in chemically polished MgO crystals 
even at stress levels up to 70,000 psi is further evi- 
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dence of the need for easy cross-slip in order to ob- 
tain the usual type of fatigue behavior. 


tA. J. McEvily, Jr. and E. S. Machlin: Fracture, p. 450, John Wiley and Sons, 
New York, 1959. 
sl. Cornet and A. E. Gorum: Trans. Met. Soc. AIME, 1960, vol. 218, p. 480. 
4G A. Stearns: J. Appl. Phys. 1960, vol. 31, p. 2317. 
‘G. T. Murray: J. Am. Ceram. Soc., 1960, vol. 43, p. 330. 
oF. J. P. Clarke and R. A. J. Sambell: Phil. Mag., 1960, vol. 5, 
T. L. Johnston, and C. H. Li: Trans. Met. Soc. 60, vol. 
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Ternary Laves Phases with Transition 
Elements and Silicon 


D. |. Bardos, K. P. Gupta, and Paul A. Beck 


Tue occurrence of Laves phases (AB,) in various 
binary alloy systems has been reviewed in recent 
papers.'$ Iron forms Laves phases with Sc-, Ti-, 
V- and Cr-group elements. However, two of the cor- 
responding Laves phases with cobalt, namely MoCo, 
and WCo,, are missing. Nickel forms binary Laves 
phases with Sc and Y, but not with any Ti-, V-, or 
Cr-group element. These conditions are schemati- 
cally illustrated in Table I. 

That electron concentration is a significant factor 
in determining which type of Laves phase is formed 
in a given case was recognized long ago by Laves 
and Witte.* This concept has been more recently 
applied to Laves phases formed by transition ele- 
ments.5»® It now appears that the average electron 
concentration (average number of electrons per atom 
outside of the closed shells of the component atoms) 
may be an important factor also in determining 
whether or not a Laves phase can occur at all ina 
given system. As shown in Table I, in the transition 
element systems considered Laves phases are ab- 
sent at electron concentrations of 8, or larger (to 
the right and below the double line in Table I). 

These absences clearly cannot be accounted for 

on atomic size considerations, as evidenced by the 
many inconsistencies apparent in Table II. 

While the ideal radius ratio for Laves phases is 
1.222, in the systems which do have Laves phases 
the ratios of CN 12 radii range from 1.10 to 1.46. 
The consistent absence of Laves phases at R4/RR< 
1.10 might be attributed to the low values of these 
radius ratios. However, Table II shows that absences 
also occur irregularly throughout the radius ratio 
range covered. 

In a previous paper’ it was concluded that, in tran- 
sition element systems forming o-phases, silicon 
may act as an acceptor of electrons, thus stabilizing 
the o-phase at electron concentrations higher than 
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Table |. Correlation Between the Occurrence of Laves Phases 
and the Electron Concentration 


Number of electrons per atom outside closed shells is given for the com- 
ponent elements, and the average electron concentration for various AB, 
combinations. X marks the occurrence of a Laves phase. 


B-Components A-Components 
Se,¥ Ti,Zr,Hf Cb,Ta Mo,W 
2 4 5 6 
Fe 8 6-1/3 X 6-2/3 X 7 xX 7-1/3 X 
Co 9 7 xX 7-1/3 X 7-2/3 X 8 no 
Ni 10 7-2/3 X 8 no 8-1/3 no 8-2/3 no 


Table Il. Occurrence of Binary Laves Phases, AB,, and Atomic Size 


Various A-B pairs are arranged in order of increasing CN 12 radius ratio 
R Al Re: X marks the occurrence of a Laves phase. 


Laves Laves Laves 
A B Phase] A B R,/R, Phase | A B R,/R,_ Phase 
Cr Fe 1.01 no W Ni 1.14 no Hf Cr 1.25 xX 
CrCo 1.02 no | TiFe 1.14 xX Zr Fe 1.26 xX 
CrNi_ 1.03 no | TiCo 1,15 xX Sc Fe 1.26 x 
V 1.07 no TaFe 1.15 xX Se'Co 1:27 x 
V Co 1.08 no CbFe 1.16 xX ZeGo 1:27 xX 
V 110 no TaCo 1:46 x Hf 1.27 no 
MoFe 1.10 xX TiNi 1.17 no Sc Ni 1.29 x 
MoCo 1.11 no CbCo 1.17 xX ZrNi 1.29 no 
W Fe 1.11 xX CbNi_ 1.18 no Y Fe 1.42 xX 
W Co 1.12 no TaNi_ 1.18 no Y Co 1.44 xX 
MoNi_ 1.13 no | HfFe_ 1.24 x Y 1.46 xX 


those at which it would normally occur. A phase re- 
cognized as related to the MgZn, Laves phase was 
recently found by Westbrook® at the composition 
Ti,Ni, Si. It was, therefore, of interest to investigate 
whether or not the Laves phases, which do not occur 
in binary nickel and cobalt systems, Table I, could 
be stabilized by the addition of silicon. 

It was decided to search for Laves phases in alloys 
of the type A,(B,Si), where silicon is substituting for 
25 pct of the B-component, in systems in which the 
binary AB, Laves phase does not form. The alloys 
listed in Table III were arc melted in the nominal 
compositions indicated, and they were water 
quenched after a homogenizing anneal of 3 days at 


Table Ill. Alloys Consisting Largely of the MgZn, Type Laves Phase 


Annealing Temp. a c 

Alloy °C in A in A c/a 
Ti,Ni;Si 1100 4.79 7355 
V,Ni, Si, 1100 4.71 1.56 
Cb, Ni, Si 1100 4.80 7.80 1.62 
Ta,Ni,Si 1200 4.75 7.99 1.68 
Mo, Ni, Si* 1200 4.70 7.66 1.63 
W,Ni,Si 1200 4.70 7.63 1.62 
V,Co; Si, 1100 4.70 7.47 1,59 
Mo,Co, Si 1100 4.70 7.67 1.63 
W.Co,Si 1200 4.70 7.63 1.62 
Wao Fe go 1200 4.72 1.63 
TioMn go 1000 4.81 7.84 1.63 
Mo,5Mn,,, 1000 4.77 75 1.63 
W,Mn,Si 1200 4.76 415 1.63 


*This phase is identical with the (Mo, Ni, Si), phase reported by 
Guard and Smith. ° 
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the temperatures given. X-ray diffraction and met- 
allographic examination showed that all these alloys 
consisted of the MgZn,-type Laves phase, in most 
cases containing also minor amounts of other phases. 
The lattice parameters and the c/a ratio are given 
for each Laves phase in Table III. Also included in 
Table III are data for corresponding alloys in the 
systems Ti-Mn-Si, Mo-Mn-Si, W-Mn-Si, and W-Fe- 
Si, which are known to have, or may be expected to 
have, binary Laves phases. It is particularly inter- 
esting to note that Laves phases were found even in 
the ternary systems V-Ni-Si and V-Co-Si for which 
the R,4/Rg ratios for the transition elements are 
1.08 and 1.10. However, in these cases the amount 
of silicon needed is larger, so that silicon substi- 
tutes for approximately 3/8 of the B-atoms. If the 
silicon atoms, with a CN12 radius of 1.34A, in effect 
occupy B-positions in the structure, the average Rg 
becomes larger on alloying with silicon, so that the 
R,4/Rp ratio is even further removed from the ideal 
value of 1.222. This suggests that, in these systems 
the absence of the corresponding binary Laves 
phases is not a result of atomic size conditions, but 
of electron concentration. This conclusion certainly 
appears well justified for the other systems with 
nickel and cobalt in which binary Laves phases are 
absent, and which are stabilized by silicon. The bi- 
nary Laves phase WFe, decomposes peritectiodally 
at 1040°C; the silicon-containing ternary Laves phase 
alloy is stabilized at least to 1200°C. The effect of 
the silicon appears to be to decrease the effective 
electron concentration. 

It should be noted in Table III that the c/a ratio 
for the ternary Laves phases with vanadium and ti- 
tanium is unusually low. Preliminary evaluation of 
the X-ray diffraction line intensities suggests that 
the silicon atoms are substituting for B-atoms in 
the ternary Laves phases, as expected on the basis 
of the composition.* 


*After the present note was submitted for publication the authors 
became aware of a paper by Gladyshevskii and Kuzma”® reporting the 
occurrence of Mg Zn,-type Laves phases in the following alloys: 
MoFeSi, MoCoSi, MoNiSi, WFeSi, WCoSi, and WNiSi. Thus, it appears 
that, at least in these six systems, the Laves phase field extends over 
a considerable range of compositions. 


The authors wish to thank J. H. Westbrook for 
making available to them his results for the Ti-Ni-Si 
system prior to publication. The present work was 
supported by the Office of Army Research, contract 
No. DA-11-022-ORD-1175. 
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